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Abstract
An open question in the kinetics of martensitic transformation is the microscopic mechanism responsible for the evolution of a new
phase. We have analyzed data from shocked recovered samples that monitor the volume fraction of the x phase in a-Zr as a function of
time under isothermal conditions in the temperature range 430–545 K. Our results show that the eﬀective activation energy strongly
depends on the peak pressures of shock compression. In addition, we conﬁrm that the orientation relationship in Zr for this reverse transformation is consistent with the original suggestion by Silcock in Ti for a direct a ! x martensitic transition. Combined with large-scale
molecular dynamics simulations, we ﬁnd that the diﬀerence in the eﬀective activation energy, which is related to the nature of the
isothermal kinetics, is controlled by heterogeneous nucleation from defects in the microstructure.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The kinetics of phase transformations play a crucial role
in determining how the volume fraction of martensite
depends on temperature and time [1–3]. Two cases can be
distinguished. For an athermal martensitic transformation
(MT) which is nonthermally activated, the volume fraction
of product phase depends on temperature, and is essentially
independent of time [4]. The transformation proceeds by the
triggering of martensite formation as the temperature is
lowered. For an isothermal MT (thermally activated), there
is a critical temperature (T0) below which martensite formation can be triggered as a function of time [5]. This type of
transformation can be hindered by rapid cooling, but then
⇑ Corresponding author. Tel.: +1 505 665 0419.
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occurs gradually with time by the formation of increasing
volume fractions of martensite if the temperature is kept
constant below T0. In addition, the isothermal MT behavior
can be described by a time–temperature transformation
(TTT) curve, similar to that used for diﬀusional phase
transformations (such as crystallization, second phase
precipitation).
Here we consider the pressure driven martensitic a
(hexagonal close-packed) to x (simple hexagonal) transformation in zirconium and titanium, which is thought to be a
combination of isothermal–athermal processes [6–8], with
signiﬁcant implications in engineering and medicine [9].
Analysis of quasi-static pressure data (5–9 GPa) based on
resistivity measurements suggest that the kinetics of the
a ! x transformation is of the isothermal MT type
[6,10], and the time-dependent nature of the transformation indicates that there is an activation barrier of
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0.597 eV to spontaneous growth [11]. Further, it is found
that the transformation rate increases rapidly with increase
in pressure [10]. Two mechanisms have been suggested for
the kinetics of this MT: (i) the transformation starts from
quasi-static x embryos created from the defects in the
structure by a nucleation step. These embryos grow to critical size by a thermally activated process. A rapid increase
in isothermal rate would result if somehow the critical radii
of x embryos decrease with increasing pressure [6]; and (ii)
the kinetics of a ! x is a combination of an isothermal–
athermal process. An increase in pressure can lead to a
change from the isothermal MT to an athermal process,
as which can occur under shock driven conditions (an adiabatic process) [11]. Therefore, studying the origin of the
activation barrier for the a ! x transformation allows us
to interpret possible mechanisms for the transformation
kinetics.
In this work we study the kinetics of the reverse x ! a
transformation in recovered samples of shocked Zr under
isobaric–isothermal conditions. Speciﬁcally, we analyze
data from measurements of the volume fraction change
of the metastable x phase in polycrystal Zr shocked
samples upon isothermal annealing by employing in situ
X-ray diﬀraction techniques. Our results for the reverse
x ! a transformation show that the material shocked to
a peak pressure of 10.5 GPa has a higher activation energy
than specimens shocked to 8.0 GPa. Combined with largescale molecular dynamics (MD) simulations, we analyze
the experimental data and interpret this activation barrier
diﬀerence as controlled by heterogeneous nucleation from
defects (including the a–x interfaces) in the material. In
addition, we show that the crystal orientation relationship
for the reverse x ! a transformation in Zr is consistent
with the original suggestion by Silcock for the a ! x
martensitic transition for Ti [12]. This ﬁnding is in agreement with interpretations of recent in situ high-pressure
Deformation-DIA measurements on Zr polycrystal
samples using similar X-ray techniques [13] that appear
to show reversibility in this orientation relationship.
2. Methodology
2.1. Measurements on shock-recovered Zr samples
It is well known that Zr displays three phases as a function of pressure and temperature. At ambient conditions Zr
stabilizes in the a phase, and under high pressure the a
phase transforms into the x phase. The a ! x transformation exhibits a very large hysteresis which results in the
retention of the metastable high pressure x phase on
release to atmospheric pressure. The metastable x phase
can transform back to a phase on isothermal annealing
of the specimens at a higher temperature, which provides
a means to study the kinetics of the a ! x transformation
at atmospheric pressure. The metastable x phase can be
obtained from a-Zr by high-pressure measurements using
diamond anvil cells, shock compression or high-pressure

torsion [6,14–15]. Here the initial metastable microstructure with diﬀerent volume fractions of the retained x phase
was obtained via shock measurements at several peak pressures. These experiments and accompanying VISAR wave
proﬁles for the specimens have been reported recently
[16,17]. The high-purity samples had an average grain size
of 15–20 lm, with a strong basal texture nearly aligned
with the through thickness direction of the plate. The
targets were impacted by 2.5 mm thick Zr ﬂyer plates accelerated to velocities of either 640 or 835 m s1, resulting in
peak compressive stresses of 8 or 10.5 GPa, respectively,
on the Zr specimens. A high X-ray energy of 86 keV was
utilized to penetrate into and probe the bulk of the material. Rietveld reﬁnement of the observed diﬀraction
patterns was completed to determine the a and x volume
fractions and lattice parameters; single peak ﬁts were
utilized to monitor speciﬁc grain orientations [18].
The volume fractions signiﬁcantly depended on the peak
stress of the plate impact experiment so that 82% and 63%
volume fractions of the retained x phase were obtained for
the high and low peak pressure shocked samples, respectively. During the in situ annealing experiments, the temperature was held at ﬁve ﬁxed temperatures in the range
from 430 to 545 K, while diﬀraction images were recorded
continuously. Previously reported in situ X-ray diﬀraction
experiments increased the temperature of a given sample
from room temperature (RT) to 600 K at a continuous rate
for 3 K min1, while the volume fraction was monitored in
a series of steps so that at each temperature the sample was
allowed to relax until there was no further change in the
measured intensity [16]. The stepwise loading has not been
previously studied.
2.2. Simulation methods
To capture the microscopic mechanisms for the kinetics
of the a ! x transformation, we investigate this problem at
the atomic scale using MD simulations on Ti. Experimental
studies on the a ! x transformation in Ti and Zr indicate
that, as expected, the phase transformation behaviors are
similar [6]. In addition, both are shuﬄe- (displacement)
and shear-driven transformations. Moreover, a well tested
potential for this transformation for MD simulations is
available for Ti (unlike Zr), and we have previously used
it to study anisotropic behavior in Ti under shock [19]. A
spline-based MEAM potential was used to describe the
phase transformation behavior, and this empirical potential is unique in describing the transformation between
the a and x phases in Ti [20]. The initial microstructures
for our simulations were constructed by forming a mixture
of a and x phases with diﬀerent volume fractions, analogous to the shock-recovered Zr samples in our experiment.
Before measuring the transformation kinetics, the samples
were thermally equilibrated at RT for 100 ps by using a
Nosé–Hoover thermostat [21] within an NPT ensemble,
where N, P, and T denote the number of atoms, hydrostatic
pressure and absolute temperature, respectively. The
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samples were then isothermally annealed at a ﬁxed temperature above T0. A bond-order parameter introduced by
Ackland and Jones [22] is used to identify the local
structure, as well as the volume fraction of the a and x
phases. The atomic simulations were carried out using
the LAMMPS code [23] and the atomic conﬁgurations
visualized by ATOMEYE [24].
3. Results and discussion
3.1. Isothermal nature of the x to a transformation for
shock-recovered Zr samples
To assess the kinetic nature of the x ! a MT, the
volume fraction, g, of the retained x phase is collected at
various times and temperatures between 443 and 518 K
to determine the temperature-dependent reaction rates (as
shown in Fig. 1). We then used a Poisson distribution or
a modiﬁed Kohlrausch–Williams–Watts relation [25] to
ﬁt the time-dependent volume fraction g(t). For a solidstate phase transformation occurring upon isothermal
annealing, g(t) can be expressed as

b !
t
a
gðtÞ / t  exp 
ð1Þ
sðT Þ
where the prefactor ta is associated with the non-thermally activated events. T is the absolute temperature and
s is the relaxation time. At t = s, g = exp (1)  0.37.
Thus, the relaxation time is deﬁned as the time required
for 37% of the transformation to take place.
In order to reduce the dimensionality of the ﬁtting
parameters, we deﬁne a normalized transformation rate as
_
_
g0 ðtÞ ¼ gðtÞ=
gð0Þ

ð2Þ

Thus, the normalized transformation rate-controlling
equation is given by

b !
t
0
a
g ðtÞ ¼ t  exp 
ð3Þ
sðT Þ
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As shown in Fig. 3, a series of data sets for discrete temperatures are ﬁtted to Eq. (3). The left panels show the data
collected from isothermal annealing results of the 8 GPa
pressure-shocked samples, while the normalized transformation rates of the 10.5 GPa-shocked samples are shown
in the right panels. The g0 –t plot Fig. 2 is typical for thermally activated processes where the transformation rates
initially decrease signiﬁcantly by factors of 5–10 as the
transformation progresses for a short time, then become
much slower in the later stages. The parameters a and b
are given in Table 1 and, with the prefactor ta close to
1, the data indicates that the kinetics is dominated by a
stretched exponential, slow relaxation process in which
the exponent b is close to 0.5, indicative of glassy-like
behavior due to frustration or pinning eﬀects [26–28] during transformation below 503 K. The relaxation becomes
faster at a temperature of 513 K, and the trend at higher
temperatures is towards an exponential decay. Typical
relaxation times, s, for the two types of shocked specimens
with 63% and 82% volume fractions of retained x phase at
the selected temperatures are shown in Fig. 3. The relaxation times decrease rapidly with increasing temperature
for both cases. The temperature dependence of the relaxation time may be assumed to be dominated by thermal activation so that the activation energies (DE) can be extracted,
i.e. the time for a given fraction of transformed phase, g, is
given by
lnðtg ðT ÞÞ ¼ b0 þ

DE
kBT

ð4Þ

where b0 is a constant and kB is the Boltzmann constant.
All our discussion is conﬁned to tg = s. Interestingly, we
ﬁnd that the activation energy, given from the slope of
the curve, is very nearly independent of temperature in
the temperature range investigated (443–518 K). Moreover,
we ﬁnd that the activation barrier increases with the peak
pressure for metastable microstructure from shocked Zr.
Speciﬁcally, the 10.5 GPa-shocked microstructure presents
an energy barrier to the reverse transformation of 1.73 eV,

Fig. 1. The volume fraction of x phase for two shocked samples upon isothermal annealing via in situ X-ray diﬀraction techniques. (a) Data for shocked
sample at a peak pressure of 10.5 GPa; (b) data for the sample at 8 GPa.
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Fig. 2. The reduced transformation rate of x phase for two shocked samples upon isothermal annealing. The left panels shows the isothermal behavior for
the high-velocity-shocked samples at ﬁve temperatures, while the transformation rates of the low-pressure-shocked samples are shown in the right panels.

Table 1
The normalized rate of volume fraction of x phase is ﬁtted to the
functional form taexp((t/s)b) for peak stresses of 8 and 10.5 GPa.
Temperature

a (8.0 GPa)
b (8.0 GPa)
a (10.5 GPa)
b (10.5 GPa)

443 K

463 K

583 K

503 K

518 K

0.0076
0.54
0.00335
0.54

0.00404
0.54
0.000342
0.54

0.0063
0.54
0.00411
0.54

0.00364
0.54
0.0092
0.54

0.00248
0.8
0.00118
0.8

The very small value of the ﬁtting parameter a indicates that we can
neglect the power-law behavior in favor of the dominant slow kinetics
given by the stretched exponential.

Fig. 3. The eﬀective activation energy for the x ! a transformation. The
logarithm of relaxation time log(s) vs. the inverse absolute transformation
temperature, 1/kBT, from the analysis of the in situ data on heating the
shock-recovered metastable samples at a ﬁxed temperature. The activation
barrier is almost independent of temperature, but is higher for the higher
peak stress and x volume fraction.

compared to 1.05 eV for the 8 GPa-shocked sample. Resistivity measurements gave an estimate of 0.597 eV for the
energy barrier for the pressure-induced forward a ! x
transformation. This barrier is also found to be independent of pressure in the range 5–12 GPa. Our barrier estimates from shock measurements based on isothermal
heating for the reverse transformation are clearly higher
that the forward measurements as a function of pressure
at RT. Direct comparisons are diﬃcult due to diﬀering conditions; however, the trend is consistent with estimates

from ab initio calculations [29], and these estimates can
potentially parametrize and therefore constrain free energy
potentials for phase ﬁeld and single crystal plasticity
models.
3.2. Transformation mechanism for a ! x MT: reverse
transformation by Silcock
The kinetics of MT are often associated with the transformation pathways or mechanisms, as these determine
the nucleation barrier for a martensitic embryo and the
propagation characteristics of the martensitic interface.
Here we investigate the transformation mechanism for
x ! a (reverse) upon heating. There are two commonly
observed direct (i.e. without intermediate structures) transformation pathways in Zr, Ti for the a ! x transformation,
namely, Silcock and TAO-1 [29]. The Silcock pathway is
deﬁned by the orientation relationship (OR) f1 2 1 0ga ==
f0 0 0 1gx ; ½1 2 1 0a ==½0 0 0 1x whereas TAO-1 is deﬁned by
f0 0 0 1ga ==f0 1 1 1gx ; ½1 2 1 0a ==½0 1 1 1x . The former was
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conjectured on crystallographic grounds and the TAO-1
pathway, with lower energy, was predicted based on symmetry and ab initio calculations. However, it is the Silcock
pathway which has invariably been observed experimentally in both Ti and Zr. It is accompanied by a coordinated
set of atom shifts so that the displacements involve movements in the ½1 
2 1 0 direction with a magnitude of 0.74 Å
and subsequently in the ½1 0 1 0 direction with a magnitude
0.204 Å. The ﬁrst displacement occurs in the same manner
for three neighboring atoms and in the opposite direction
for the next three, and so on. The second displacement
occurs in the opposite sense for successive (0 0 0 1) planes.
This transforms the ð1 2 1 0Þa plane into the (0 0 0 1)x plane,
as shown in Fig. 4. These shifts are accompanied by a tensile
strain (e2 = 0.05) along ½1 0 1 0a , as well as a compression
strain (e3 = 0.05) along the ½1 2 1 0a direction.
In situ synchrotron X-ray diﬀraction provides a means
to infer ORs by monitoring dominant changes in intensity
corresponding to diﬀerent crystal orientations as a function
of time or strain. Fig. 5(a) shows X-ray diﬀraction intensities from a sample shocked to 8 GPa peak pressure (black)
and following subsequent continuous heating to 630 K
(red). Fig. 5(b) shows the diﬀracted peak intensity of several crystal orientations (hkl) from both phases as a function of temperature during continuous heating of the
8 GPa peak stress sample. The x or a single peak intensities
are normalized to 1 to allow the data to be shown on a single scale. There is a small degree of crystal orientation
dependence in the temperature at which peak intensities
begin to evolve, as shown in Fig. 5(b). Below 470 K, the
(1 0 0)a, (0 0 2)a and (1 1 0)a peak intensities are constant;
the (1 0 1)a and (1 0 2)a peaks begin to increase slightly at
temperatures below 470 K. All a peak intensities increase
rapidly above 470 K. The (1 1 0)x, (1 1 2)x and (0 0 1)x peak
intensities begin to decrease slowly below 470 K. Above
470 K all x peak intensities drop rapidly with increasing
temperature. Now the most rapidly varying intensities, I,
for the x {a} single peaks (that is, @I@ta ¼  @I@tx during the
transformation) are given by (0 0 1)x {(1 1 0)a} from the
temperature-dependent peak intensities. The correlation
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Cðfa0 ; fx0 Þ ¼ h @I@ta  @I@tx i (units  105) between the transformation rate of a and x phase for the Silcock (0 0 1)x
{(1 1 0)a} is 2.37, compared to 0.97 for the (1 1 1)x
{(0 0 2)a}TAO-1 mechanism. This is in accordance with
the interpretation from recent high-pressure measurements
for polycrystal Zr using deformation-DIA methods [13],
which indicate that the Silcock relationship is obeyed for
both the forward and reverse transformations.
3.3. Understanding the isothermal nature via atomistic
simulations
3.3.1. MT kinetics of shocked Ti samples via MD
simulations
In order to compare our ﬁndings from measurements to
predictions, we studied the time evolution of the x ! a
transformation by performing nonequilibrium molecular
dynamics and large-scale equilibrium MD simulations.
We performed shock simulations [19] starting with an ideal
a structure, with the shock direction along the [0 0 0 1]
direction and with piston velocities of 750 and 900 m s1.
These velocities correspond to peak pressures of 17.0 and
21.5 GPa, respectively. The shocked samples were then
annealed at ﬁxed temperatures from 600 to 1000 K, and
the volume fraction of x was calculated as a function of
time. The annealing data from the MD simulations were
then ﬁtted to Eq. (3). The results obtained for the selected
temperatures and piston velocities are shown in Fig. 6. Signiﬁcant diﬀerences in the relaxation times can clearly be
observed when varying the annealing temperature. In particular, the 900 m s1 piston velocity shocked sample gives
a higher activation barrier (independent of temperature)
than the 750 m s1 shocked sample. Our results for the
dependence of relaxation time on the piston velocity or
peak pressure from atomistic simulations follow the same
trend as shown by the experimental results.
3.3.2. Atomic simulations of the isothermal annealing model
Despite much eﬀort, the problem of adequately interpreting the nature of isothermal MT is far from clear

Fig. 4. The Silcock pathway for a ! x phase transformation, showing the shuﬄe or displacements of atoms from the (0 0 0 1)a to the ð1 2 1 0Þx . In each
stacking plane (red or green plane), three out of every six atoms shuﬄe by 0.74 A along ½1 2 1 0 and subsequently in the ½1 0 1 0 direction with a magnitude
0.204 Å; the other three atoms shuﬄe in the opposite direction ½1 2 1 0. This creates the ð1 2 1 0Þx plane from ð0 0 0 1Þa . Shuﬄe directions are opposite in
successive planes. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)
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Fig. 5. (a) X-ray diﬀraction patterns collected from the sample shocked to 8 GPa peak pressure (black) and following subsequent anneal to 630 K (red).
The black (x) and red (a) tick marks indicate the expected diﬀraction peak locations. Several peaks from each phase are indexed. Copper peaks from the
sample holder are also indicated. (b) Evolution of the normalized peak intensities of several peaks (hkl) from each phase in the sample during continuous
heating at 3 K min1 in the material shocked to 8 GPa (from Ref. [16]). (For interpretation of the references to color in this ﬁgure legend, the reader is
referred to the web version of this article.)

Fig. 6. The activation barriers for shocked Ti single crystals. The
logarithm of relaxation time log(s) vs. the inverse of absolute transformation temperature, 1/kBT, from the analysis of our MD simulation data
for shock-recovered samples obtained using diﬀerent piston velocities or
peak pressures. The higher energy barrier to the reverse transformation for
higher velocities or pressures follows the same trend as the Zr polycrystal
annealing data.

[30–33]. In particular, the speciﬁc microscopic mechanisms
responsible for the thermally activated nature of isothermal
MT have not been elucidated. More recent experiments on
the kinetics of MT seem to suggest a number of explanations for the activation energy for martensite formation:
(i) Kurdjumov and Maksimova [34,35] analyzed experimental data using a model with a combination of nucleation and growth components. The low-temperature
branch of the TTT curve is dominated by the activation
energy for growth of a martensite embryo to its critical size
from where spontaneous growth can occur; the activation
energy for nucleation controls the high-temperature

branch; (ii) according to the model developed by Pati and
Cohen [36,37] and Cohen and Kaufman [38], the temperature-dependent activation energy can be explained as a
direct result of extending the classical theory of ﬂuctuation
nucleation to martensitic transformations. In this model it
is assumed that the transformation rate is controlled by the
nucleation of new plates homogeneously or heterogeneously, rather than by the growth of existing ones; and
(iii) recent experiments on shape memory alloys (such as
NiTi) [2] strongly support the interpretation of the
observed isothermal eﬀects as being due to the interaction
of solute atoms with the diﬀusionless but thermally assisted
motion of the martensitic interface.
As mentioned above, the peak pressure of the shock
compression inﬂuences the volume fraction of the retained
x phase and the crystal defects due to plastic deformation.
In order to understand the microscopic mechanisms
responsible for the diﬀerences in activation energies with
peak stresses obtained from our X-ray data, we used atomistic simulations to study how the kinetics of the MT correlates with the volume fraction of x phases, as well as
the defect concentration. The initial samples were created
by starting from pure a phase and converting a given volume fraction to the x phase, ensuring the Silcock OR. The
conﬁguration is allowed to relax, as shown in Fig. 7. We
designed three types of samples: two containing 60% and
80% volume fractions of x phase, respectively, without
any defects, and the third with a 2% volume fraction of
point defects in a sample containing an 80% volume fraction of x phase. At high temperatures, these samples will
lead to a mixture of point defects and dislocations. The
samples were annealed at given temperatures, and the volume fraction of x was monitored as a function of time
(Fig. 8). The relaxation data from the simulations were
then ﬁtted to Eq. (3).
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Fig. 7. Model microstructure with coexisting a and x phases. (a) A conﬁguration with 60% x phase (stacked planes) in a matrix (green). (b) A crosssection of the sample in (a) showing the validity of the Silcock orientation relationship, consistent with our X-ray measurements. (For interpretation of the
references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

The log(s)  1/T data for the three samples are shown in
Fig. 9. The data for the 60% x phase as well as the 80% x
phase shows that the activation energy increases with the
volume fraction of the x phase. It is consistent with our
analysis of the shock experiments at 8.0 and 10.5 GPa. This
result can be understood if we consider that the MT is
dominated by the nucleation process, in which the martensite interface dislocations serve as the primary heterogeneous nucleation centers, as shown in Fig. 10(a). The
area of the x–a interface in the 80% x phase volume fraction samples is expected to be smaller than in the 60% x
phase samples (Fig. 10(b)). Thus, nucleation is less probable for the 80% case than for the 60% case, and this
explains the trend in the barrier estimates from our experimental and simulations results. It is analogous to surfacecatalyzed reactions, in which a high speciﬁc surface area
can accelerate the reaction rate. In order to further conﬁrm
our understanding, we compare the data of the 80% x
phase with and without the 2% defect in Fig. 9. We see that
the x ! a transformation is accompanied by a decrease in
activation energy and an increase in point defect concentration. For an MT, defects can act as either heterogeneous

Fig. 9. The dependence of the activation barrier energy for diﬀerent defect
concentrations from our MD simulations. Shown are the logarithm of the
relaxation time log(s) vs. the inverse of absolute transformation temperature, 1/kBT, for the microstructure of Ti with 60% x phase (without
defects) and 80% x phase with 0% and 2% volume fractions of point
defects. The presence of defects lowers the barrier and can increase the
phase transformation rate.

Fig. 8. MD simulation results for isothermal annealing showing the volume fraction of x phase for diﬀerent samples with varying volume fractions of x
and a phases and defects. (a) 80% x phase without defects; (b) 80% x phase with 2% defects; (c) 60% x phase without defects.
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Fig. 10. (a) Schematic illustration of the heterogeneous nucleation model for the x ! a martensitic transformation (see Fig. 7(b)). (b) The relationship
between the total interface area and the volume fraction of x phase calculated from our MD simulations shows that the interface area peaks at roughly
58% volume fraction of x phase.

nucleation centers or obstacles for the migration of the
martensitic interfaces. From this point of view, the data
of 80% x phase in Fig. 9 indicates that the transformation
is due to a nucleation- rather than growth-dominated process. Otherwise, the increasing interaction of defects with
martensite interfaces will place strong constraints on the
MT interface movement and signiﬁcantly increase the activation energies, as occurs in the case of the isothermal MT
in TiNi alloys [2]. Our work has parallels to the a ! x
transformation in titanium under quasi-static pressure,
where it has been shown that cold-worked samples have
higher transformation rates than the annealed case [11].
The grain boundaries and defects assist critical nuclei
formation, leading to a higher transformation rate for
cold-worked samples due to their smaller grain size and
higher dislocation densities.
Our results favor a process involving nucleation by
defects (such as dislocations) rather than an interface
migration-mediated growth of existing a phase. For the

Fig. 11. Schematic illustration of the mechanism of x ! a phase
boundary migration. For the dislocation-meditated phase boundary
motion, the ability of the interface dislocations to glide determines the
growth of new phase embryos for the x ! a phase transformation. The
solid and dashed lines show selected atomic planes before and after the
interface displacement, respectively.

growth of the a phase embryos or domains, the mechanism
is known to be the structural transformation of the region
coupled with a collective glide of martensitic interface dislocations [39–41]. As a martensitic interface moves across
in Fig. 11, it produces a transformation of the parent phase
lattice (red region) into the structure of the growing or
product phase (blue region). The essence of the coupling
eﬀect is that this lattice transformation is accompanied by
a speciﬁc shape deformation or lattice-invariant shear of
the swept region (yellow region), which involves the generation and migration of parallel interface dislocation arrays.
Our previous studies have suggested that the x phase constitutes a sluggish dislocation system in which the reverse
phase transformation is energetically preferred [42]. The
thermally assisted motion of the martensitic interface is
thus less likely to occur than the defect-mediated heterogeneous nucleation process.
4. Conclusions
We have studied the isothermal nature of the a ! x
transformation using shocked polycrystal Zr microstructure combined with in situ X-ray diﬀraction measurements
and large-scale MD simulations on Ti. Our main ﬁndings
are as follows: (i) we ﬁt a Kohlraush–Williams–Watts
equation, together with thermal activation for the relaxation, to the in situ heating measurements for shocked
microstructure. We show that the eﬀective barrier activation energies to transformation increase with the peak pressure (10.5 or 8.0 GPa) or higher volume fraction of the x
phase in the microstructure; (ii) the OR for the reverse
x ! a MT in the polycrystal data for Zr is consistent with
the transformation pathway suggested by Silcock for Ti;
and (iii) our MD simulation results for the microstructures
with varying x volume fractions and containing diﬀerent
concentrations of lattice defects, as well as our in situ data,
show that transformation can be modeled as a thermally
activated process resulting from heterogeneous nucleation.
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