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a b s t r a c t
Molecular dynamics simulations reveal a rare phase transformation from the hexagonal close-packed
 2gh1 0 1
 1i twinning region in high(hcp) phase to the face-centered cubic (fcc) phase inside the f1 0 1
purity a-titanium (Ti) single-crystal nanopillars orientated along [0 0 0 1] during tension. This unique
hcp to fcc phase transformation is induced by dislocation glide of multiple Shockley partial dislocations
under the condition of size restriction.
Ó 2014 Elsevier B.V. All rights reserved.

1. Introduction
Ti and its alloys have a wide range of applications such as in
aerospace sector, chemical industry, medical engineering, and leisure sector due to their high speciﬁc strength and excellent corrosion resistance. Recently, Ti and its alloys have been proposed as a
suitable semiconductor-based micro-electromechanical systems
(MEMS) [1] and MEMS-based wing technology [2] for its brilliant
electrical and mechanical properties. The use of Ti and its alloys
at nano- and microscale in emerging technologies demands a thorough understanding of their structures and properties. Ti and its
majority alloys exhibit a hexagonal close-packed (hcp) crystal
structure at low temperatures, called a-Ti, and the body-centered
cubic structure is stable at high temperatures (>882 ± 2 °C), which
is referred to as b-Ti [3]. The face-centered cubic (fcc) crystal structure does not exist on the conventional pressure–temperature
phase diagrams of Ti [4–18]. However, Hong et al. recently
reported a stress-induced transformation from the hcp-Ti phase
to the fcc-Ti phase [7]. Experimental observations showed an epitaxial growth of fcc-Ti thin ﬁlms on metallic and semiconductor
substrates [7–13]. Fcc-Ti was also reported in Ti/Ni and Ti/Al epitaxial multilayer ﬁlms [8,9]. A metastable fcc-Ti phase was
observed in bulk Ti powders during mechanical milling [14–16]
and in heat-treated Ti alloys [17–19]. Additionally, the ﬁrst-principle calculations by Sliwko et al. [20] and Aguayo et al. [21]
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demonstrated that fcc-Ti has a minimum total energy and has a
local stable structure.
The loading mode has an important effect on the plastic deformation behavior of hcp-Ti at the submicron scale and nanoscale
[22–29]. Yu et al. [22] reported that the plastic deformation behavior of single crystalline Ti-5 at. % Al nano- and micropillars under
uniaxial compression is dependent on the size of the pillars. The
authors observed an increase in stress for twinning in the smaller
pillars, including a transition in the deformation mechanism from
twinning to dislocation slip when the sample size was reduced to
below approximately 1 lm. More recently, they observed different
 2g twinning in hcp magnesium (Mg) single-crystal
types of f1 0 1
 1g twinning under compresnanopillars under tension but f1 0 1
sion [23]. Ye et al. [24], through in situ transmission electron
microscopy (TEM) nanocompression testing, suggested that the
size effect is associated with basal slip and extended twins in Mg
and its alloys. In their experiments, the twin boundary was
observed to migrate until most of the pillars was converted to
the twinned orientation. Microcompression experiments of Mg
single crystals along the c-axis [0 0 0 1] did not lead to twinning
and showed little size effect of strength in the range of
2.5–10 lm [25] and 2.1–10 lm [26]. Pyramidal slip was the
primary deformation mode in these experiments. Compression
 0Þ plane induces non-basal slip and tensile
normal to the ð1 1 2
twinning in the early stage of deformation [27]. Uniaxial compression tests revealed that the mechanical strength of cadmium
[28] and Ti [29] is sensitive to the size of the specimens. Under
nanometer-scale, Molecular dynamics (MD) simulation has
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become an invaluable technique to study the deformation behavior
of metallic crystals. The MD can be used to build direct observation
the deformation process based on the data at atomic level. In comparison with the experiments, the MD simulation of Ti and other
hcp metals nanopillars has attracted limited research attention
[30,31]. The primary yielding behavior under uniaxial compression
 0-orientated nanopillars is controlled by double prismatic
½1 1 2
 2g twin was found to be the main deformation
slips [30]. The f1 0 1
mechanism under the c-axis tension in the Mg single-crystal [31].
These experimental and simulation results provide us with the
motivation to study the twinning and phase transformation behavior in Ti single crystals under the severely restrictive condition of
specimen size using molecular dynamics (MD) simulations to
obtain a better understanding of the twinning and phase transformation mechanisms of hcp single-crystalline Ti nanopillars under
tension along the [0 0 0 1] orientation.
2. Simulation methods
MD simulations were run with the software LAMMPS [32] using
a many-body potential of the Finnis–Sinclair type, which reproduces relatively good thermo-mechanical properties of the above
described Ti, such as the cohesive energy, elastic constants, and
surface energies [33]. In MD simulations with the Finnis–Sinclair
type of many-body potential, the basic equation for the energy of
an atom can be expressed by

Ei ¼

1X
Vðr ij Þ  q1=2
i ;
2 j

qi ¼

X

/ðr ij Þ

ð1Þ

j

where V is a pairwise function between neighboring atoms i and j, /
is the electronic density function, and rij is the distance between
atom i and one of neighboring atoms j. More detailed parameters
are given by Ackland [33].
We focus on the [0 0 0 1] orientation of a single crystalline Ti
nanopillar with dimensions of 22  11  11 nm3. The simulation
model included up to 159,236 atoms. The initial pillar structures
consisted of a [0 0 0 1]-oriented single-crystal with a square crosssection. To obtain an equilibrium state before loading, the structure was initially relaxed using the conjugate gradient algorithm.
The system energy was minimized by iteratively adjusting the
atom coordinates. Then, an additional annealing under zero load
was performed for 300 ps at a temperature of 300 K using the
Nose–Hoover thermostat [34,35]. The canonical ensemble, i.e., constant atom number, volume, and temperature (NVT), was applied
to keep the system temperature at a constant 300 K. The nanopillars were deformed under compression and tension along the loading direction at an engineering strain rate of 1  108 s1. All
directions were maintained with free boundary conditions. The
time step was 1 fs. The snapshots of the MD results were processed
with ATOMEYE [36]. The stress calculation in the loading direction
is described elsewhere [37].
3. Results and discussion
The typical stress–strain curve for the nanopillars subjected to
uniaxial tensile loading at 300 K is shown in Fig. 1. The incipient
yield points are deﬁned as yield stress. Under tension, nanopillars
elastically deform up to the yield stress, which is characterized by a
sharp drop in the stress of the stress–strain curve. For the tensile
loading, the elastic strain is 0.041. The yield stress for the Ti nanopillar is 4.65 GPa. The second yield point is observed at a strain of
0.12 and the corresponding stress is 3.5 GPa. Beyond the strain of
0.2, further loading causes an extensive plateau with a constant
stress of approximately 1.0 GPa.
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Fig. 1. Typical stress–strain curves of Ti nanopillars subjected to uniaxial tension at
300 K.

 2g ‘‘extension’’ twin is favored under tension. Fig. 2
The f1 0 1
illustrates the evolution of the twin under tensile loading. The
 2gh1 0 1
 1i twin resulted in a sudden drop
nucleation of the f1 0 1
in load at a strain of 4.1%, as shown in Fig. 1. The initial interfaces
 0 0Þ and ð1 1
 0 0Þ |(0 0 0 1)T when the
consist of (0 0 0 1)M||ð1 1
T
M
nucleus is small and embedded in the matrix. After the nucleation,
the twin grows towards the ends of the pillar at a constant stress of
approximately 1.0 GPa. The atoms are colored according to common neighbor analysis (CNA) [38]. The hcp atoms are colored light
blue, the fcc atoms are colored dark blue, and the defect and surface atoms are colored red. To allow views of the inner defects,
the front surface is not shown. According to the analysis of the corresponding atomic conﬁgurations during loading, twinning is the
underlying mechanism responsible for the tension strain. Twins
are nucleated at the yield point in the tension stress–strain curve.
As the strain increases, the twin boundaries further propagate
toward the ends of the pillars, and the whole pillar transforms from
the initial orientation to the new conﬁguration.
To study the inﬂuence of the loading condition on the deformation mechanism, compressive loading was also studied. In this
case, compression twins and phase transformations were not
observed during loading. The pyramidal ha + ci slip dominates plastic deformation at the nanoscale. As deformation proceeds, the
Shockley partial dislocations b1 and b2 nucleate at the twin boundary (Fig. 2(b)). In particular, the partial dislocations with the same
Burgers vector are often generated on atomically adjacent parallel
planes where the shear deformation generated the steps on the
twin boundary. These partial dislocations glide along the (0 0 0 1)
plane of the matrix following the stacking faults, which are marked
by white arrows in Fig. 2(b–c). The ﬁnal conﬁguration of the welldeveloped twin is formed, as shown in Fig. 2(d). As a result of the
partial crystal being twinned, two twin/matrix interfaces are created, as indicated by a white rectangle in Fig. 2(c). The twinning
 2Þ. The twin boundary and accompaplanes are identiﬁed as ð1 0 1
nying stacking fault are highlighted with a white dashed line in
Fig. 2(d). The basal planes of the matrix and of the twin are marked
 0 0Þ prismatic plane in the
with red lines. During tension, the ð1 1
twin becomes parallel to the basal plane in the matrix.
As the plastic deformation progressed, the twin boundary
migrated through almost the entire pillar, leading to a conversion
to the twinned orientation. Stress reduction at the stain of 12% is
attributed to the nucleation of new Shockley partial dislocations
 0i from the twin surface of the
with a Burgers vector of a/6 h1 1 2
nanopillar, as shown in Fig. 3(a). Under continuous tensile loading,
the deformation of the nanopillar is primarily controlled by the
partial dislocations, as marked by the symbol ‘‘\’’ in Fig. 3(d).
The continuous accumulation of a high density of deformation
faults was caused by the dislocation glide of multiple Shockley
partial dislocations, eventually leading to the allotropic phase
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 0 direction on the pillar. (a) Tensile twin embryos nucleate at the edges between the f1 0 1
 0g and f1
 21
 0g surfaces. (b) Partial dislocations are
Fig. 2. View along the ½1 1 2
 2Þ twin
nucleated at the twin boundary and follow the stacking faults. (c) Two interfaces and stacking faults are marked. (d) A blow-up of the atomic conﬁguration at the ð1 0 1
boundary.

 2g twin.
Fig. 3. A transformation from a hexagonal close-packed (hcp) phase to a face-centered cubic (fcc) phase in the f1 0 1

transformation from hcp to fcc [39]. The hcp-Ti to fcc-Ti transformation process is illustrated in Fig. 3.
In order to conﬁrm the existence of fcc-Ti in the deformed
nanopillar at a strain of 16%, atoms in hcp arrangement and noncoordinated atoms such as atoms near vacancies and free surfaces
are not shown in Fig. 4(a) for clarity. The intrinsic stacking fault
(ABABACAC. . .) in hcp phase is marked by a blue arrow in
Fig. 4(a). The region enclosed by a white rectangle is magniﬁed
and shown in Fig. 4(b). Fig. 4(c) depicts the unit cell of fcc structure
and crystallographic orientation. The stacking sequence of {1 0 0}
plane is ABABAB. . . and the stacking sequence of {1 1 1} plane is
ABCABC. . . The atoms in the {1 1 1} planes are in the most closepacked arrangement possible for spheres and contain three
h1 1 0i close-packed directions 60° part. It reveals that the crystal
structure and stacking sequence of atoms of Fig. 4(b) is consistent
with that of Fig. 4 (c). This convincingly demonstrates that fcc-Ti in
the twinning region can be formed under tensile loading.
Fig. 5(a) shows the local structure in detail, which is enclosed by
a white rectangle in Fig. 3(d). This ﬁgure clearly shows that the fcc
phase grew from the phase boundary. The partial dislocations slide
 0g plane, as illustrated in Fig. 5(b). The crystalloalong the f1 0 1
graphic analysis reveals that the hcp to fcc phase transformation

produces orientation relationships of h0 0 0 1ihcp||h1 0 0ifcc, 0i ||h0 1
 1i and h2 1
1
 0i ||h0 1 1ifcc. A similar transformah0 1 1
hcp
fcc
hcp
tion was also experimentally observed in pure Ti deformed by
cryogenic channel-die compression indented during microstructural reﬁnement [4].
Fig. 6 displays the time evolution of the fraction of each phase in
the system. Fcc atoms were not observed in the elastic stage at
0–40 ps. After approximately 40 ps, a small number of fcc atoms
in a stacking fault appeared, as shown in the snapshots of Fig. 2.
As the plastic deformation progressed, the Shockley partial disloca 0i movement was observed
tion with Burgers vector b ¼ a=6h1 1 2
in the twinning region. At approximately 120 ps, the fraction of
fcc atoms quickly increased. The fcc phase reached its maximum
fraction, approximately 27% of the system, at a strain of 17.5%. During this time, the fraction of hcp atoms decreased in the twinning
region. During the transition, the Shockley partial dislocation with
Burgers vector b = a/6h1 1 2i nucleated and multiplied in the fcc
phase under tensile loading. This induced the hcp-type stacking
faults in the fcc phase, causing a partial transformation from the
fcc phase back to the hcp phase, which inhibited the hcp to fcc
phase transformation. The interface between the fcc and hcp
phases remained immobile during the inhibition period. At the

J. Ren et al. / Computational Materials Science 92 (2014) 8–12

11

Fig. 6. Temporal evolution of the fractional phase content, as evaluated by CNA.

Fig. 4. (a) Three-dimensional view of the fcc phases and stacking faults in the
nanopillar. (b) A close-up of the region enclosed by a rectangle in (a). The stacking
sequence of {1 1 1} plane are marked by letters A, B and C. (c) The unit cell of fcc
structure.

Fig. 5. (a) A close-up of the region enclosed by the rectangle in Fig. 3(d). The hcp
conﬁguration transforms to the fcc conﬁguration in the middle section of the pillar
with an axis along [0 0 0 1] in the twin. The white hexagon on the upper side shows
an hcp unit cell. The white square on the lower side shows fcc lattice cells in the
transforming fcc phase. (b) Schematic illustration of direct phase formation from
the hcp phase to the fcc phase with the combination of partial dislocations and
lattice distortion.

end of the simulation, the fcc phase in the pillar is less than 27%.
The fraction of unidentiﬁed atom amounts is approximately 10%.
These unidentiﬁed atoms are situated at the surface of the pillar
and at the ragged boundaries between the hcp and fcc phases.
 2g h1 0 1
 1i twinning mode has been commonly
The f1 0 1
observed in many hcp metals. In the current study, the rare hcp
 2g h1 0 1
 1i
to fcc phase transformation occurred when the f1 0 1

extension twin was blocked as a result of the size restriction effect.
Chakraborty et al. proposed that the fcc structure could be stabilized in Ti ﬁlms with a thickness much less than 144 nm [40]. Hong
et al. reported that the fcc-Ti phase has a thickness of 70 nm or less
in hcp-Ti and was divided by persistent slip bands [4]. As the sample size reduced to the nanoscale, as in this case, the stacking faults
intersected each other, and the fraction of fcc could reach as high
as approximately 24% of the nanopillar.
Gibbs free energy (GFE) is regarded as a criterion for phase
transformation. Hcp-Ti is stable structure in bulk state at low temperature, which GFE for hcp structure is 466.8 kJ mol1 smaller
than 460.5 kJ mol1 for fcc structure and 457.5 kJ mol1 for
bcc structure [41]. However, Xiong et al. [41] found that GFE
decreases with the shape factor and increases with the decrease
of particle size. As the result, hcp to fcc phase transformation
which does not exist in bulk material may occur in nanometerscale. The prediction is well consistent with experiment result that
Ti with the fcc structure is formed at ambient conditions when the
grain size is well below 10 nm [15,16].
The results of MD simulations heavily rely on accuracy of
empirical or semi-empirical inter-atomic potentials. We have compared EAM [42], MEAM [43] and Finnis–Sinclair many body potentials [33]. The results show that the Finnis–Sinclair many body
potential [33] well describes the hcp to fcc phase transition in Ti
single-crystal nanopillars during tension loading. No hcp to fcc
phase transformation was observed using EAM [42] and MEAM
[43] potentials at present simulation conditions.
To study the inﬂuence of the nanopillar size and strain rate on
the deformation mechanism, the width of nanopillar, which could
be effectively simulated, ranged from 2 to 11 nm. The hcp to fcc
transformation was observed in this range of sizes with the same
deformation mechanism. The nanopillar was also deformed under
uniaxial tension at constant strain rates of 107 s1–1010 s1. The
results show that hcp to fcc phase transformation has a strong
dependence of strain rate. No hcp to fcc phase transformation
was observed above the strain rate of 109 s1. Under the higher
strain rates, the deformation mechanism is more complex. Further
work is needed in the future work.

4. Conclusion
MD simulations of Ti single-crystal nanopillars under uniaxial
tension along the (0 0 0 1) plane show that a rare metastable fccTi phase is formed inside the twinning region of the hcp-Ti phase.
The phase transformation is primarily controlled by the partial dislocation slips and stacking faults. The continuous accumulation of
the deformation faults eventually leads to the hcp to fcc allotropic
phase transformation in the single-crystal Ti nanopillar under
tension.
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