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a b s t r a c t
The length scale dependent mechanical fatigue behaviors of nanocrystalline (NC) Cu thin ﬁlms were
systematically investigated in terms of the yield strength related deformation mechanisms. Maxima
are observed for both the yield strength and fatigue lifetime. The variation of strength as well as the
changes of fatigue damage suggests the deformation mechanism transition from dislocation-based to
grain boundary-mediated as the characteristic dimensions reduce down to below a critical value. The
optimized fatigue properties can be achieved by best combination strength and ductility.
© 2011 Elsevier B.V. All rights reserved.

1. Introduction
The metallic thin ﬁlm is one of examples of size effects with
the tendency “smaller is stronger and smaller is less ductile” [1–4],
and is an essential structural part in MEMS. The continuing trend
of miniaturizing materials in MEMS has led to a strong demand
for understanding the complex fatigue properties of thin ﬁlms at
small length scales (including grain size d and ﬁlm thickness h)
both for scientiﬁc aspects and in the interest of the reliability of
MEMS.
Recently, a number of typical studies of length-scale effects
on mechanical fatigue behaviors [5–13] have been conducted in
metallic thin ﬁlms with h or d range spanning from microns to
submicron. All the experimental results [5–12] show that, since
the geometric and microstructural characteristic dimensions of
the materials are in the range of microns to nanometers, the
constraints of the characteristic dimensions on dislocation activities and the effects of surface and interfaces in the thin ﬁlms
result in the fatigue behaviors of Cu thin ﬁlms different from
their bulk counterparts. At large length scales (d and/or h > 1 m),
the fatigue deformation is accommodated by extended dislocation structures (accompanied with extrusions/intrusions) and
show weak length scale-dependent crack nucleation and propagation [7–11]. At submicron length scales, which are too small
for the formation of extended dislocation structures and inhibit
the localized accumulation of plastic strain within grains, the

fatigue processes are presumably controlled by the constraints
on motion of individual dislocations and the interface-mediated
damage and grain boundary (GB) process become more prevalent [10–12]. The changes in fatigue damage with length scales
(d and/or h) suggest the fatigue mechanism transits from dislocation mediated extrusion formation to crack formation controlled
behavior, and it can be attributed to the inhibition of dislocation
mobility and the limited availability and activation of dislocation
sources on the small length scale [7–11]. As for the fatigue lifetime (Nf ) of thin ﬁlms, it increases with decreasing h at constant
applied strain range (ε) [12,13]. Thus there is a distinct length
scale effect on fatigue damage morphology and fatigue lifetime,
which reﬂects the change of length scale related fatigue mechanisms.
Because the geometric and microstructural characteristic
dimensions of Cu thin ﬁlms are in nanoscale, and the characteristic
dislocation structures – which have long been considered the vehicle for fatigue damage formation – can no longer form. However,
little is known about the effects of length scale on fatigue behaviors of the nanocrystalline (NC) Cu thin ﬁlms. In this article, the
fatigue behaviors of NC Cu thin ﬁlms with h-range spanning from
60 to 700 nm was investigated in terms of yield strength related
deformation mechanisms.

2. Experiment details
2.1. Sample preparation and microstructure characterization
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The NC Cu thin ﬁlms (referred to as type I ﬁlms, hereafter) with
h-range spanning from 60 to 700 nm determined by Rutherford
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reasons, the 300–700-nm-thick Cu thin ﬁlms were also prepared by
a similar process and in situ annealed at 250 ◦ C for 2 h (referred to
as type II ﬁlms, hereafter). The X-ray diffraction (XRD) experiment
was carried out using an improved Rigaku D/max-RB X-ray diffractometer with Cu K␣ radiation and a graphite monochromator to
determine the crystallographic texture and the residual stress by
method”. Transmission electron microscopy (TEM)
using “sin2
observation was performed using a JEOL-2100 high-resolution
electron microscopy (HRTEM) with 200 kV accelerating voltages to observe the microstructure features of Cu ﬁlm before
deformation.
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Fig. 1. Typical –2 X-ray diffraction scans from the type I Cu ﬁlms with thickness
of 100, 300, 500 and 700 nm, respectively.

backscattering, were deposited on dog-bone-shaped 125-mthick polyimide substrate by using DC magnetron sputtering at
∼6 nm/min. The as-deposited ﬁlms were annealed at 150 ◦ C for
2 h without being removed from the vacuum chamber to reduce
the residual stresses and stabilize microstructure. For comparison

2.2. Tensile testing and mechanical fatigue testing
Uniaxial tensile testing was performed using a Micro-Force Test
System (MTS® Tytron 250) at a constant strain rate of 1 × 10−4 s−1 .
All the samples have a total length of 65 mm and a gauge section of 30 mm in length and 4 mm in width and were strained to
a certain magnitude about 20%. During tensile testing, the force
and displacement were automatically recorded by machine and a
high-resolution laser detecting system, respectively, which can be
subsequently converted into stress–strain curve of the ﬁlms by subtracting the load–displacement data of the pure substrate from the
total ones of the systems [4,14]. When the intrinsic strain–stress

Fig. 2. The typical plan-view TEM images of type I Cu ﬁlms with thickness (a) h = 175 nm and (b) h = 500 nm, and type II Cu ﬁlms with thickness (c) h = 500 nm and (d)
h = 700 nm.
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curves of Cu thin ﬁlms were obtained, the yield strength ( y ) was
determined as the 0.2% offset.
On the other hand, mechanical fatigue testing of Cu thin ﬁlms
with the dimensions as mentioned above was carried out under
constant total strain range control at a frequency of 5 Hz. The stress
ratio is about 0.05. The cyclic load and displacement/strain were
recorded automatically by the machine and a high-resolution laser
detecting system, respectively. To determine fatigue lifetime, the
electrical resistance measurement (ERM) method proposed by Sun
et al. [13] was adopted here. The fatigue damage morphologies of
the Cu thin ﬁlms were examined by scanning electron microscope
(SEM) and TEM.
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3. Results

The high-angle symmetrical XRD spectra for present Cu ﬁlms
shows a strong (1 1 1) peak, followed by (2 0 0) and (2 2 0) peaks,
indicating that the majority of the grains have these out-of-plane
orientations for both the two types of ﬁlms, see Fig. 1. The residual
stresses have been measured by XRD using “sin2 method”, and
are determined about 150 ± 50 MPa for all the Cu ﬁlms, which is
far lower than their yield strength (see below). The microstructure
features of all the Cu thin ﬁlms are characterized by using the TEM,
as shown in Fig. 2. It is found that the grain sizes are smaller than
the ﬁlm thickness and that the average grains size scales with ﬁlms
thickness shown in Fig. 3. From the exemplary plan-view bright
ﬁeld TEM micrographs presented in Fig. 2, one can see that some
growth/annealing twins are observed in present Cu thin ﬁlms.
3.2. Yield strength
Fig. 4(a) clearly shows that  y of present Cu thin ﬁlms strongly
depends on h. One can ﬁnd that  y monotonically increases
with decreasing h until h decrease down to 100 nm and shows
somewhat drop at 60-nm-thickness. In contrast, the type II ﬁlms
with larger d exhibits lower  y compared with that of type I ﬁlms
with equal h. To compare the present results with those reported
in literatures [4,14–17], the dependence of  y of Cu thin ﬁlms
on h and on d are summarized and shown in Fig. 4(b) and (c),
respectively. Fig. 4(b) clearly shows  y increases with decreasing
h down to nanometer scale and appears to drop slightly between
20 and 50-nm-thickness. In general, grain size trends to scale
with ﬁlm thickness. One can also clearly see that  y increases
with reducing d and shows somewhat drop until d reduces down
to about 20 nm, as shown in Fig. 4(c). Thus the strengthening of
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Fig. 4. (a) The  y of present two type of Cu thin ﬁlms as a function of h. A comparison
of  y of Cu thin ﬁlms as a function of (b) h and of (c) d between the reported in
literatures [4,14–17] and that of present result.

present Cu thin ﬁlms results from the constraints of both h and d
on dislocation nucleation and motion.
3.3. Fatigue damage
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Fig. 3. Average grain size of the type I and type II Cu ﬁlms as a function of ﬁlm
thickness.

Fig. 5(a) and (b) shows the representative surface damage SEM micrographs of type I 100-nm-thick ﬁlms and type
I 500-nm-thick ﬁlms, respectively. One can see that both the
fatigued type I 100-nm-thick ﬁlms (with average d ∼ 35 nm) and
type I 500-nm-thick ﬁlms (with d ∼ 50 nm) failed by means of
intergranular cracking. The permanent deformation of type I
100-nm-thick ﬁlms which led to failure is clearly dominated
by GB-mediated mechanism [18–22], i.e. GB sliding and grain
rotation. In contrast, by systematic microstructural analysis, it
is found that the fatigued type I 500-nm-thick ﬁlms exhibit
the Mode III ripping behavior during the propagation of cracks,
which suggest the process of GB sliding shown in Fig. 5(b) by
black arrows. Another important observation is that the thicker
ﬁlms show many highly planar strain localizations that pass
through several grains and parallel to the Mode III cracks. It is
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Fig. 5. SEM images showing the fatigue damage morphology in the fatigued (a) type I 100-nm-thick ﬁlms, (b) type I 500-nm-thick ﬁlms, (c) type II 500-nm-thick ﬁlms and
(d) type II 700-nm-thick ﬁlms, at total strain range ε = 0.94%.

suggested the possibility of dislocation activity as well. Therefore, the predominant plastic deformation mechanism of type I
500-nm-thick ﬁlms is GB sliding accompanied with dislocations
activity, which is also observed in freestanding NC Cu thin ﬁlms
[18].
In contrast, in fatigued type II 500-nm-thick ﬁlms (with
d ∼ 110 nm), except for the conspicuous dislocation glide-induced
extrusions, the parallel sliding lines within individual grains are
observed frequently, as shown in Fig. 5(c) indicated by white
arrows. These sliding lines are extremely ﬁne extrusions formed
via repetitive dislocation motion, as the evidence of dislocation
activities. The cracks also mainly propagate along GBs, which is
analogous to that of type I ﬁlms. However, in fatigued type II
700-nm-thick ﬁlms (with d ∼ 225 nm), lots of long/short chain of
extrusions/intrusions have been observed, see Fig. 5(d). And the
cracks form and propagate along the extrusions chain. Compared
type II 500-nm-thick with type II 700-nm-thick ﬁlms, it is found
that the height and area fraction of the extrusions in the latter increases remarkably, consisting with Zhang et al.’s results
[9–11]. The evolution of surface damage morphologies shown in
Fig. 5(a)–(d) suggests that the dislocation activities are more effectively hindered in smaller dimensional ﬁlms, and dislocations are
more difﬁcult in nucleation and motion to form the dislocation
structure such as extrusions, and GBs take over as the preferred
site for damage.

thick ﬁlms drops sharply, which can be ascribed to the GB-mediated
process [15]. It is interesting to note that Nf of 60-nm-thick ﬁlms
is higher than that of thicker ones (h ≥ 175 nm) when ε < 1%, contrary to that of ε < 1%. However, when ε varies from 0.84% to
1.31%, the type I 100-nm-thick ﬁlms always exhibit the maximized
Nf . The change of Nf indicates the transition of fatigue mechanisms
as well. On the other hand, Nf for type II ﬁlms also show the fashion
that Nf increases with decreasing h. Moreover, the Nf lower than
that of type I ﬁlms with equal h at constant ε about 1.3%. It suggests that reﬁning d can enhance Nf and that Nf is signiﬁcantly  y
dependent.
It is also revealed from Fig. 6(a) that Nf is closely dependent
on ε, i.e. Nf increases with decreasing ε. The Cu ﬁlms were thus
strained under different ε and the ε–Nf curves were experimentally determined for the Cu ﬁlms with different thicknesses (60 nm,
100 nm, 175 nm and 500 nm). Fig. 6(b) typically shows the curves
of four thicknesses of Cu ﬁlms for a clear comparison, together
with the data from the literature [12] for Cu ﬁlms. All the ﬁlms
exhibit the dependence of Nf on ε that could be well described by
the Cofﬁn–Manson relationship of (ε/2) = εf (2Nf )C , where εf and C
are the fatigue ductility coefﬁcient and exponent, respectively [13].
However, with reducing h, C is generally found to increase, i.e. lower
ductility, higher C is [4]. For example, present type I 100-nm-thick
ﬁlms have C of about −0.2, somewhat higher than present thicker
ﬁlms.

3.4. Fatigue lifetime

4. Discussions

Fig. 6(a) clearly reveals the dependence of Nf on h at different
ε for type I and type II ﬁlms. Within the h-range spanning from
100 nm to 700 nm, Nf for type I ﬁlms monotonically increase with
reducing h at constant ε. This trend is similar to h-dependent  y
of Cu ﬁlms [4,14–17]. With further decreasing h, the Nf of 60-nm-

4.1. Scaling behavior of yield strength
Potential strengthening mechanisms in metallic thin ﬁlms
can be divided into two main categories [16,28]: (i) glidecontrolled mechanisms, i.e. grain boundary strengthening, Taylor
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For the conventional coarse-grained (d > 1 m) and ultraﬁnegrained (d in the submicron regime) metallic thin ﬁlms, plastic
deformation is accommodated by the glide of (full) dislocations
nucleated from grain interiors and/or GBs. In polycrystalline thin
ﬁlms, the strength of metallic thin ﬁlms is determined by the
smaller microstructural dimension between ﬁlm thickness and
grain size [1,3]. For the present Cu thin ﬁlms, their grain sizes
smaller than the thicknesses, thus the grain size is the dominated
factor controlling the strength of Cu thin ﬁlms. The scaling behavior
of yield strength  y related to grain size d of the metallic thin ﬁlms
can be described in the Hall–Petch (H–P) relationship:
H–P = 0 + kd−1/2
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Fig. 6. (a) Dependence of Nf on ε as a function of h for type I ﬁlms and type II ﬁlms,
respectively and (b) some present ε versus Nf curves in comparison with Wang et
al.’s result [12].

Fig. 7. Typical TEM image showing dislocation structures in 700-nm-thick type II
ﬁlms with average grain size about ∼220 nm.

where  0 represents the bulk yield stress ( 0 = 20 MPa for bulk
Cu [29]) and k is a constant and reﬂects the relative strengthening contribution of GBs. From Fig. 4(c), one can ﬁnd that the H–P
relationship ﬁts the data very well by using k = 8.0 MPa mm1/2 as
d > 200 nm, and over estimates  y as d ≤ 200 nm. Below this point,
the d-dependent  y becomes weaker and the strain hardening
diminishes rapidly as d is reduced. This suggests an additional
deformation mechanism whose activation should occur at lower
stress and should be less dependent on d or h. A reasonable
underlying deformation mechanism would be the generation and
absorption of partial dislocations at GBs. A similar mechanism has
been found in NC metals, where GBs are highly effective dislocation
sinks and sources, and that NC metals accommodate the applied
strain by emission of partial dislocations that run across the grain
and are absorbed into the opposing GBs [23–27].
The normal yield strength  Partial for the nucleation of a partial
dislocation in a grain of size d is given by classical dislocation theory
[16,25–28]
Partial =

1
ms

 2˛b

P

d

+

sf
bP



(2)

where s ∼ 0.27 is the Schmid factor of the corresponding slip system
[16],  is the shear modulus (48.3 GPa for Cu),  sf is the stacking
fault energy (SFE, 45 mJ/m2 for Cu), m ∼ 3 is a stress concentration
factor [27], the parameter ˛ is of the order of unity and reﬂects the
character of the dislocation [25,27] and bP (0.14757 nm for Cu) is
the magnitude of the Burgers vectors of the Shockley partial dislocation. The size dependence of the nucleation stress is lower
than for full dislocations and ﬁts the experimental data well (for
d < 200 nm) because the nucleation stress strongly depends on the
SFE, which is independent of d or h. Therefore, below a critical dC
or hC (∼200 nm), the nucleation of partial dislocations from GBs
will become more favorable than the nucleation of full dislocations. This consists with our previous result [27] that at d of several
hundred nanometers (∼200 nm), partial dislocations emission from
GBs and GB junctions in NC Cu ﬁlms to form deformation twins
and stacking faults and induce strain hardening. Further reducing
d can induce the activation of GB-mediated deformation mechanism [21] and lead to the softening of materials [19,20]. The length
scale-dependent deformation mechanisms can be veriﬁed by the
tensile damage morphologies (see Section 4.2) and also inﬂuence
the fatigue behaviors of Cu thin ﬁlms, in that the effect of length
scale on fatigue behavior is due to the same mechanisms that
govern the effect of length scale on yield strength, i.e. constraint
effects on dislocation nucleation and motion owing to the small
dimensions.
4.2. Length scale effects on fatigue damage

hardening, the ﬁlm thickness effect, etc., and (ii) nucleationcontrolled mechanisms, due to the geometrical constraint on the
activation of a dislocation source or the limited number of dislocation sources.

From the above SEM observations of surface damage morphologies in the fatigued Cu ﬁlms, it is clear that there is a transition
in fatigue damage behavior with their characteristic dimensions
are decreased; the extrusions become narrower and fewer, and
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Fig. 8. The typical damage morphologies of type I 100-nm-thick Cu ﬁlms (a and b) and type II 500-nm-thick Cu ﬁlms (c and d) Cu ﬁlms under cyclic loading (a and c) and
monotonic loading (b and d).

cracking along GBs replaces cracking along extrusions and at
the intersection of extrusions with GBs. In other words, with
decreasing length scale the localized accumulation of plastic strain
within grains is hindered and the boundaries take over as the
preferred site for damage formation, indicating the availability
and activation of dislocation sources within grain interior, at grain
boundary or at the ﬁlm/substrate interface become more limited
and the dislocations are more difﬁcult to move [10]. For example, a
TEM plane view of the fatigued 700-nm-thick type II ﬁlms (Fig. 7)
provides direct evidence that threading dislocation motion is
highly constrained in the ﬁlms studied here. The constraint of dislocation motion in the thinner ﬁlms results in smaller plastic strain
amplitudes and larger stresses for a ﬁxed total strain amplitude.
The fact that the formation of dislocation structures is inhibited at
small length scales may result in a more homogenous dislocation
distribution within the grains (Fig. 7) and in a reduction of the
number of dislocation dipoles with sufﬁciently small spacing for
annihilation. Therefore, less damage is expected to accumulate
within the grains per cycle, and the localized accumulation of
plastic strain in extrusions/intrusions and dislocation structures
within the grains are suppressed [9–11].
Further reducing the characteristic dimensions, only the intergranular cracks and no extrusions are observed in Cu thin ﬁlms with
d ∼ 20 nm, indicating the GB-mediated deformation mechanism
come into operation at such small length scale. The GBs weakening
causes a reduced ability of the materials to accommodate the propagation of cracks by extensive plastic deformation and promotes
the intergranular cracking [4,16]. As expected, with scaling the
characteristic dimensions (d and/or h), the damaged surface morphology – dislocation glide-induced extrusions observed in type II
500-nm-thick and type II 700-nm-thick ﬁlms no longer develop and
are completely replaced by GB-mediated process induced intergranular cracks (in type I 100-nm-thick ﬁlms) and/or GB sliding

induced shear band (in type I 500-nm-thick ﬁlms) of type I ﬁlms.
It should be noted that the localized shear bands are observed
in fatigued type I ﬁlms (h > 100 nm). It is reasonable because the
thicker NC Cu ﬁlms with average d ∼ 50 nm can deform by means
of GB sliding accompanied by dislocation activities. We thus argue
that as decreasing the characteristic dimensions of Cu ﬁlm the
activity of dislocations is signiﬁcantly suppressed leading to the
activation of GB-mediated process.
Compared with the monotonic tensile damage morphologies,
for the present Cu ﬁlm with thickness h ≤ 100 nm, we found that
both the fatigue damage morphology (see Fig. 8(a)) and the tensile
damage morphology (see Fig. 8(b)) are intergranular cracks. These
suggested that there is some similarity in damage morphologies
of the specimen with the same ﬁlm thickness under monotonic
and cyclic deformation at such small scale and that both the
deformation processes are GB-mediated. In contrast, the Cu ﬁlms
with larger thickness h > 100 nm, many extrusion/intrusion (and/or
shear band) and cracks along with the extrusions and GBs are
observed in fatigued Cu ﬁlms (see Fig. 8(c)). While the typical tensile
damage is intragranular cracking and local necking, and no extrusions are observed in type II 500-nm-thick Cu ﬁlms (see Fig. 8(d)),
indicating the deformation mechanism is dislocation-based process. Thus, we can argue that, though the damage morphologies of
the specimen with the same ﬁlm thickness under monotonic and
cyclic deformation are different, the underlying damage mechanism is dislocation slip. These results conﬁrm that the Cu ﬁlms with
the same ﬁlm thickness under monotonic and cyclic deformation
exhibit same deformation mechanism.
4.3. Length scale effects on fatigue lifetime
There is a signiﬁcant effect of length scale on Nf : larger ε
are required to cause failure in thinner type I ﬁlms except for the
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thinnest one. The applied ε required for causing failure increases
with decreasing h (h in the range of 100–700 nm). Typically, global
or local plastic strains are the driving force for fatigue failure. Therefore, it is not surprising that an increase in ε is required for causing
failure since it corresponds to an increase in  y under monotonic
loading. It indicates that the fatigue resistance in present Cu ﬁlms is
controlled by the constraints effect on the dislocation mobility, consisting with our results as well as Zhang et al.’s recent conclusions
from microstructural analyses [10,11].
However, just as pointed out previously, the Nf of 60-nm-thick
ﬁlms is higher than that of thicker ones of type I ﬁlms (h ≥ 175 nm)
when ε < 1%; otherwise Nf of 60-nm-thick ﬁlms is lower than
that of thicker ones. Apparently, Nf of 60-nm-thick ﬁlm is not only
 y controlled. It can be attributed to that larger ε (1.08–1.31%)
approaches the critical strain (∼2%) to nucleate microcracks [4],
resulting that the microcracks can easily form. It suggests that the
fatigue damage is crack formation controlled behavior [12]. On contrary, the smaller ε (0.84–0.94%) is far below the critical strain of
microcrack nucleation. Though Nf is sensitive to the change of ε
for the thinnest ﬁlms, high Nf mainly stems from high  y [12,13].
However, the type I 100-nm-thick ﬁlms exhibit the maximized
Nf . This is because type I 100-nm-thick ﬁlms not only show the highest  y also possess suitable ductility ∼5.5% [4], though the activity
of dislocations is strongly suppressed. By contrast, other Cu ﬁlms
show relatively lower  y . The lower  y of the present ﬁlms implies
that the actual plastic ε applied to the thicker ﬁlms is larger than
that of the type I 100-nm-thick ﬁlms under the same total ε, due to
the strong constraints on the dislocation movement of small length
scale including h and d. Hence, the higher  y is, the higher fatigue
resistance is. The fatigue lifetime of Cu thin ﬁlms is signiﬁcantly
strength dependent provided that total strain ranges far lower than
their ductility.
5. Conclusions

(3) As scaling the characteristic dimensions, the fatigue damage
transits from extrusions dominated to cracks dominated, owing
to the deformation mechanism transition from dislocation glide
to grain boundary mediated deformation.
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