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Intrinsic size-controlled strain hardening behavior of nanolayered
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The strain hardening behavior of nanolayered Cu/Zr micropillars was studied using the microcompression technique, which
revealed that both the strain hardening exponent and the strain hardening rate are controlled by the intrinsic rather than extrinsic
size. The maximum strain hardening rate is observed at a layer thickness of 20 nm, which can be explained physically in terms of
reduced dislocation storage rates. A dislocation model is modiﬁed to elucidate the dislocation storage in the nanolayered materials
and predicts a critical intrinsic size below which the strain hardening rate drops oﬀ.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Nanolayered micropillar; Strain hardening; Dislocation storage; Size eﬀect

Nanostructured metallic multilayers are used in
a variety of applications because of the ease of tailoring
the fabrication of these structures to meet speciﬁc property needs [1,2], and they provide ideal systems for the
exploration of length scale dependent plasticity [3–5].
Generally, the hardness/strength of multilayers (e.g.
Cu/Nb [4,5], Cu/Cr [6], Cu/Ni [7], Cu/Ag [8] and Cu/
Zr [5]) increases monotonically with decreasing individual layer thickness (h) down to 1–5 nm, as is consistent
with the tenet of “smaller is stronger”. In traditional
nanoindentation hardness measurements with a sharp
indenter tip, the plastic zone has a non-uniform stress
state within the sample, thereby making the interpretation of plastic ﬂow behavior complicated and not permitting the observation of strain hardening/softening
behavior [9,10]. Microcompression methodology [11]
has opened new routes for studying the strain hardening
behavior (strain hardening exponent, n, and strain hardening rate, h) of these nanolaminates at small length
scales in a nominally homogeneous stress state [12–14].
Both the strain-hardening exponent (n) and strain
hardening rate (h) are important parameters reﬂecting
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a metallic material’s hardening property and its determination is of great importance in that it signiﬁes the strain
hardening characteristic of a material, which are closely
linked to the stored dislocation density [15]. For example, the n value of microcrystal Cu (with high uniform
elongation 20%) is as high as 0.4–0.5 [16] much higher than that of nanocrystalline Cu (with limited tensile
ductility 2%) <0.2 [17], because in nanocrystalline dislocations emitted from grain boundaries (GBs) can
freely run across the grain interior and were absorbed
by opposite GBs with little accumulation within grains
[18,19].
Recently, Kiener and co-workers [20,21] found that
the strain hardening rates of single crystal Cu pillars
are strongly dependent on the extrinsic size (pillar diameter). In contrast, Bhattacharyya et al. [14] investigated
the intrinsic size (layer thickness, h) eﬀect on the strain
hardening rate of Al/TiN multilayers by using a micropillar compress test and found extraordinarily high values of h in the Al. Misra et al. [22] investigated the
work hardening of h = 30 nm Cu/Nb multilayers by
room temperature rolling and found that the multilayers
showed low h (300–350 MPa), with lower n  0.25
compared with their bulk coarse-grained monolithic constituents. The observed reduced work hardening capacity
(low h) in nanolayered Cu/Nb may be interpreted in
terms of glide dislocation interactions with interface
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Figure 1. SEM images of the / = 800 nm Cu/Zr micropillars with
three diﬀerent values of h, before and after the uniaxial compression
tests. As-milled micropillar with (a) h = 100 nm, (c) h = 50 nm and (e)
h = 20 nm; (b) h = 100 nm micropillar after compression showing
barreling of the micropillar and extrusion from individual Cu layers;
(d) h = 50 nm micropillar after compression showing squeezing and
shearing of the pillar; and (f) h = 20 nm micropillar after compression
showing shearing the micropillar.
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tion across the compression plane without signiﬁcant
barreling or extrusion. For the intermediate h = 50 nm
pillar, both barreling (accompanied with extrusion) and
shearing are observed. The intrinsic size-dependent transition of the deformation mode is similar to that of compressed Al/Pd micropillars [12], whereas the extrinsic size
dependence of the deformation behavior is quite weak.
The deformation mechanism of Cu/Zr micropillars
transforms from preferential thinning (squeezing out)
of Cu at larger h to shear localization at smaller h
(<50 nm). This is attributed to the transitioning from dislocation-dominated symmetric slip at large h to shear
localization induced by asymmetric slip and grain boundary-mediated deformation at small h [13].
Representative compressive true stress–strain curves
corresponding to the deformation of pillars with h =
10 nm of three diﬀerent diameters are shown in Figure
2(a), from which several features can be observed: (i) a
gradual transition between elastic and plastic deformation; (ii) after the stress reaches a maximum, a gradual
softening occurs until failure ensues; and (iii) the strain
hardening behavior can be described by Ludwik’s equation [13,17], i.e., r ¼ K 1 þ K 2 enp , where K1 represents the
initial yield stress, K2 is the strengthening coeﬃcient and
n is the strain hardening exponent. The n values determined for the three extrinsic sized pillars exhibited the
same fashion – n monotonically decreasing with reducing h – and are quite close to each other for pillars with
the same h (see Fig. 2(a) and (b)), indicating that n is
strongly intrinsic size dependent. For example, the values of n for ø = 300 and 800 nm Cu/Zr 10 nm pillars
are about 0.3 and 0.325, respectively.
Interestingly, a scaling relationship is revealed for all
three ø values when the strain hardening exponent n is
depicted with respect to the strength rmax, as shown in
Figure 2(c). The ﬁgure shows a reasonably linear relationship between the measured n values and the rmax
strength values: the higher the n, the lower the rmax. This
indicates that, under constant ø, the hardening exponent

Strain hardening rate θ (GPa)

dislocations, allowing for cross-slip and annihilation-related recovery processes [22]. Detailed analysis is
still needed, however, especially in modeling the work
hardening rate in nanolayered materials. In this paper,
we report the intrinsic (h) rather than extrinsic (/) sizecontrolled work hardening behavior of nanolayered
Cu/Zr micropillars by using a microcompression test
and qualitatively and simply interpreted the maximum
strain hardening rate in terms of a reduced storage rate
of dislocations.
Cu/Zr multilayers, 1.6 lm thick, with equal h varying from 5 to 100 nm, were deposited on HF-etched Si
(100) substrates by direct current magnetron sputtering
at room temperature. Then the focused ion beam (FIB)
machined micropillars, with / spanning from 300 to
800 nm, fabricated from the multilayers were uniaxially
compressed in a Hystron Ti 950 triboindenter with a
10 lm side ﬂat quadrilateral cross-section diamond indenter at a loading rate of 0.35 nm s1 (corresponding
to a constant strain rate of 2  104 s1) up to 15–30%
strain. Force–displacement data were continuously recorded, and the initial geometry of the pillar was measured from scanning electron microscopy (SEM)
images (see Fig. 1). More details on the fabrication of
the micropillars and the calculation procedure to determine the true stress–strain curves can be found in our
previous work [13].
Figure 1(a)–(f) compares FIB/SEM images taken before and after uniaxial compression of the / = 800 nm
pillars with h = 100 nm (a, b), h = 50 nm (c, d) and
h = 20 nm. It can be seen that the deformed h = 100 nm
pillar shows plastic barreling and extrusion of material
from the individual Cu layers. In contrast, the deformed
pillars with h = 20 nm and below show shear deforma-
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Figure 2. (a) True stress–strain plot for h = 10 nm Cu/Zr pillars with
varies /. The strain hardening regime (Regime II) is ﬁtted by using Eq.
(2). (b) n as a function of h. (c) The n–rmax curves for Cu/Zr pillars
with three diﬀerent values of /. (d) h ﬁtted by Eq. (8). The h of
microcrystalline Cu [24], ultraﬁnecrystalline Cu [25,26] and single
crystal Cu pillars [20,21] are also plotted for comparison.
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n of nanolayered micropillars is inversely proportional to
the strength. The Cu/Zr micropillars with ø = 800 nm
have a scaling slope of 3.16  104 MPa1, a factor
2 higher than those with ø = 300 nm. This means that
increasing the strength by the same amount will cause
a greater reduction in the strain hardening exponent n
(or hardening capacity) for Cu/Zr micropillars with a
larger ø.
Additionally, the strain hardening rate h of Cu/Zr pillars with various diameters was determined by the diﬀerence between the strength at 0.2% and 2% plastic strain,
which is consistent with the h values at small plastic
strain estimated from these ﬁtting curves (see Fig. 2(d))
.
by using the strain rate hardening equation, i.e. h ¼ dr
de
It is found that in this ø scale (300–800 nm) the strain
hardening rate h is independent of ø within the scatter,
but is strongly dependent on h and is much higher than
that of microcrystals, as shown in Figure 2(d). The maximum strain hardening rate h was observed at a critical
layer thickness hcri of 20 nm. The inverse layer thickness (or grain size d) eﬀect reported here has also been
observed in Cu ﬁlms with thickness range spanning from
20 to 800 nm [23]. Below hcri, the strain hardening rate h
decreases with decreasing h; above hcri, a smaller h leads
to a higher h, similar to coarse ultraﬁne-grained pure
metals (e.g. Cu [24–26]) and single crystal Cu pillars
[20,21] with / in the range of 90–8000 nm, as shown in
Figure 2(d). As pointed out in our previous work [13],
this is because more glide-interface dislocation interactions result in increasing h with reducing h to a critical
value 20 nm, below which the dislocation cross-slip
lowers the h, thus leading to the inverse dependence of
h on h. Here, we further found that the inverse h eﬀect
is independent of extrinsic size at such a length scale.
The underlying physical mechanism is the intrinsic
size-dependent dislocation storage capacity [15,24,27].
Major advances investigating the crystalline plasticity
in the nanometer grains in depth revealed that the accumulation of a high density of dislocations emitted from
GB/interface (on the order of 1016 m2) inside nanograins is found to be possible [28] when they are surrounded by neighboring grains, due to image force [29]
from the surface that pull the dislocations out of grain
is signiﬁcantly reduced [28].
Based on the SEM observations, one can ﬁnd that the
Cu layers provide the majority of the plastic strain. This
implies that the soft Cu layers dominate the strain hardening behavior of Cu/Zr multilayers. According to the
strain hardening theory [27], the relation between the
stress r and the dislocation density q can be described
by the Taylor relationship as,
1
pﬃﬃﬃ
ð1Þ
r ¼ kbl q
s
where s is the Schmid factor, and is 0.33; j is a proportionality constant, and is 0.2–0.5; b is the magnitude of
lCu
is the eﬀective shear
the Burgers vector; l ¼ V Zx llCuZxþV
Cu lZx
modulus of the Cu/Zr multilayers, which can be estimated by the shear moduli lCu and volume fractions
V Cu of the Cu and Zr layers. In multilayers, the density
of dislocation nucleated from the GB/interface sources
[19,31] qnucl at a given plastic stain ep is qnucl = ep/(bl)
[30], where l is the average distance of slip of dislocations

proportional to h. From an atomistic point of view, the
dislocation length L becomes increasingly important as
the material’s characteristic dimensions (d or h or /)
reach the nanoscale. Carlton and Ferreira [32] proposed
a model of statistical absorption of dislocations by GBs
applicable in nanoscaled materials. Similar to the nanocrystalline GBs, the interfaces of multilayers can also
act as dislocation sources and/or sinks [19,31]. Therefore, according to this model [31], the probability of a
dislocation being absorbed by the interface, Pdis, can
be expressed by:
(


sbv )xL
ðDG þ s0 b3 Þ e_ h
P dis ¼ 1  1  exp
;
ð2Þ
kBT
where p ¼ exp½ðDG þ s0 b3 Þ=ðk B T Þ is the probability of
an atom successfully jumping into the grain boundary in
a single attempt; N ¼ ðsbvÞ=ð_ehÞ is the number of attempted jumps by dislocation core atoms to the GB during a given time; J ¼ xL is the total number of atoms on
the dislocation core jumping into the GB; DG is the
heats of mixing-dependent interface energy for activation of atomic migration (or dislocation nucleation)
and varies within the range 0.2–2 eV for incoherent
interface [31]; k B ¼ 1:38  1023 J K1 is Boltzmann’s
constant; T is temperature; L is the dislocation length,
and is proportional to the layer thickness h; e_ is the
strain rate; m is the Debye frequency; s0 is the resolved
shear stress; x physically corresponds to the atomic linear density of the dislocation core and is independent of
grain size; and other symbols have the same meaning as
above. By using DG ¼ 0:825 eV [31], s0 ¼ sr0 ¼ 41 MPa
[32], b = 0.2556 nm, T = 300 K, m ¼ 7:2  1012 Hz,
L = h, e_ ¼ 2  104 s1 , x= 2.5 atoms nm–1 and Eq.
(2), we found that P dis ¼ 0 at h P 20 nm, below which
the trapping/absorption of dislocations by GBs and/or
interfaces is more prevalent (for h = 10 nm, Pdis = 0.076;
for h = 5 nm, Pdis = 0.887). This is probably the underlying reason for the monotonically reduced n.
We further consider that the ﬂow stress and strain
hardening rate of a material may be described based
on the evolution of a single parameter: the total density
of dislocation q (q ¼ qstor þ qintf þ qfib , where qstor is the
dislocation density stored within the grain interior, the
interfacial dislocation density qintf is a function of strain
qfib is the dislocation density introduced by the FIB
machining, and is of the order of 1012–1014 m2
[33]). To quantitate the eﬀect of the size eﬀect on the
strain hardening behavior within a common approach,
we use the Kocks–Mecking–Estrin (KME) model of
strain hardening [27], following the treatment of Estrin
et al. [15]. The net rate of dislocation storage with imposed strain, therefore, can be written as:


dq 1 dL 1 1
¼
 gq
ð3Þ
¼
dep b da s bK
where dL represents the length of dislocation stored per
area swept da, g is the strain rate- and temperaturedependent coeﬃcient (20 [15]), which describes the
kinetics of dynamic recovery irrespective of the grain
size, and K may be called a “mean free path” and can
be given as [27],
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pﬃﬃﬃ
1 1  P dis
¼
þv q
ð4Þ
K
h
where v is a parameter, of the order of 0.0375 [15],
which can be expressed in terms of the stage II
strain hardening coeﬃcient for a coarse-grained material. This dislocation accumulation rate is a fundamental
quantity in the dislocation theory of strain hardening. It
is accessible by experimentation: diﬀerentiating Eq. (1)
gives:

2
dr 1 kbl dq
¼
ð5Þ
r
dep 2
dep
s
With the deﬁnition of h, and inserting Eq. (3) into Eq.
(5), one may also write this as:


kl
1
 gbðqstor þ qintf þ qfib Þ
h ¼ 2 pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
2s qstor þ qintf þ qfib K
ð6Þ
where
qstor ¼ qnucl ð1  P dis Þ ¼ ep ð1  P dis Þ=ðblÞ

ð7Þ

12

Assume that qfib  10 m2 , therefore, the Eq. (6) can
be rewritten as follows:
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
"
kl ð1  P dis Þ
bl
h¼ 2
h
ep ð1  P dis Þ þ blðqintf þ qfib Þ
2s
#
r
ep ð1  P dis Þ þ blðqintf þ qfib Þ

þv
ð8Þ
bl
Here all the symbols have the same meaning as before.
The tension data on multilayers showed a low strain
hardening rate after the initial 1–2% plastic strain [4].
Taking a series of parameters with j = 0.25, l ¼ 40:6
GPa, b = 0.2556 nm, ep ¼ 2%, l = h and qintf ¼ 0:02
nm2 , and with Eq. (8), we plotted h as a function of
characteristic dimension h or d or /, which appears to
agree well with the experimental data even at submicron-microns length scale, as shown by the dash line
in Figure 2(d).
In summary, the unique strain hardening behavior of
nanolayered Cu/Zr pillars is found to be controlled
by their intrinsic size instead of their extrinsic size. There
is an inversely linear dependence of the strain hardening
exponent on the maximum strength. The length scale related storage of dislocation (density) was shown to account for the intrinsic size-dependent strain hardening
exponent and the maximum strain hardening rate.
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