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Abstract
By using microcompression methodology, deformation of nanolayered Cu/Zr micropillars was systematically investigated within wide
ranges of intrinsic layer thickness (5–100 nm) and extrinsic sample size (300–1200 nm). The intrinsic size eﬀect, extrinsic size eﬀect and
their interplay were respectively revealed. Competition between the intrinsic and extrinsic size eﬀects leads to experimental observation of
a critical layer thickness of 20 nm, above which the deformation is predominantly intrinsic-size-related and insensitive to sample size,
while below which the two size eﬀects are comparable. The underlying deformation mechanisms were proposed to transform from bulklike to small-volume materials behavior. Deformation mode is correspondingly transited from homogeneous extrusion/barreling to inhomogeneous shear banding, but the two competing modes coexist in the layer thickness range from 50 to 20 nm. In the regime of shear
deformation, the extrinsic size dependence is displayed in that the deformation was controlled by shear bands nucleation in larger pillars
while controlled by shear bands propagation in smaller pillars. A deformation mode map is developed to clearly elucidate the coupling
intrinsic and extrinsic size eﬀects on the deformation mode of nanolayered pillars.
Ó 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The sample-size-independent crystalline strength in bulk
(microcrystal) metals is proportional to the increasingwith-strain dislocation density (q) via the Taylor relation:
pﬃﬃﬃ
r / bl q [1], whereby dislocations multiply via doublecross slip and by operation of pinned or Frank–Read (F–
R) type dislocation sources [2], due to the extrinsic size
far larger than their largest intrinsic size. In contrast, in
small-scaled materials such as nanolaminates and microor nanopillars, these two quantities generally overlap so
that the deformation related physical mechanism can begin
to “feel” the presence of the surface/interface, rendering the
so-called size eﬀect [3–5].
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For example, recent experiments involving compression
of small-scaled pillars with unusual mechanical characteristics [6–10] have shown that the extrinsic size-dependent
yield stress diﬀers fundamentally between face-centeredcubic (fcc), hexagonal close packed (hcp) and body-centered-cubic (bcc) single crystals with non-zero initial dislocation density. In all the three types of non-pristine
crystals, plasticity at small length scale is truly a function
of microstructure [11], which in turn deﬁnes size eﬀect,
i.e. the yield strength ry scales inversely with some power
of the pillar diameter /: in fcc pillars the relationship is
ry / /(0.610.97) [3,5,12,13], whereas hcp pillars exhibit a
less pronounced size eﬀect (for dislocation slip) with
ry / /(0.440.64) [5,14,15], followed by bcc pillars
(ry / /(0.220.48)) [5,9,16–18]. Further studies showed that
their ry can also be inﬂuenced by the aspect ratio (b, the
ratio of pillar height to diameter), i.e. larger b equates to
lower strength [19,20]. Currently, the micro-mechanisms
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of size-dependent strengthening for single crystal pillars are
commonly explained by dislocation starvation [21–23] and
source truncation [24–26] or source exhaustion [27–29]
eﬀects. Although the precise nature of either type of source
is being vigorously pursued, a general agreement exists that
nanosized pillars are starved of mobile dislocations and
therefore the nucleation of surface dislocations is required
to accommodate the induced plastic deformation [21–
23,30–32]. In contrast, for micron- and submicron-sized pillars the multiplication of dislocations by the activation of
internal dislocation sources is the dominant mechanism
for plastic ﬂow [24–26,30–32]. As the strain is increased
the rising dislocation density in these pillars leads to dislocation reactions that shut oﬀ the weak sources, creating
“exhaustion hardening” [23,27,28]. Further advances investigating in depth the crystalline plasticity in the sub-micron
regime (100 < / < 200 nm) have revealed that both the
truncation of spiral dislocation sources (in fcc pillar)/selfmultiplication (in bcc pillar) and exhaustion of defects
available within the specimen, contribute to high strengths
and related size-eﬀects in small volumes and should be considered simultaneously rather than exclusively [30,32–36].
In order to diﬀerentiate these mechanisms, an eﬀective
approach to an answer that “averages over” the results of
many events rather than one based on the results of a few
observations is to examine the strength variation at a ﬁxed
sample size and to use these results to ascertain the location
of the operative dislocation source [20,37]. The nanolayered
micropillars thus can be chosen as an ideal vehicle to prove
this idea, due to their unique microstructures (e.g. abundance of interfaces and uniformed grain size).
On the other hand, nanostructured metallic multilayers
represent a new class of engineering materials and provide
ideal systems for the exploration of length-scale-dependent
plasticity [38–45]. Generally, the hardness/strength of multilayers (e.g. Cu/Nb [38,46], Cu/Cr [47,48], Cu/Ni [49] and
Cu/Zr [38]) monotonically increases with decreasing layer
thickness (h) down to 2–5 nm, as is consistent with the
creed of “smaller is stronger”. As their intrinsic size h
shrinking towards to nanoscale, related strengthening
mechanisms such as the Hall–Petch (H–P) model based
on dislocation pile-ups [50], conﬁned layer slip (CLS)
model involving single dislocation loops glide in isolated
layers [51,52] and interface barrier strength (IBS) model
considering dislocation cutting cross the interface [53,54]
have been the subject of extensive studies. The question
arises: during plastic deformation of these nanolayered
materials, where do the dislocations originate from (bulk
sources or surface/interface sources)? It is also worthy to
question how the deformation mechanism inﬂuences the
mechanical response of nanostructured multilayers. Unlike
the traditional nanoindentation test causing a non-uniform
stress state in the plastic zone within the sample [39,55], the
microcompression methodology [7] opened new avenues
for studying their deformation and strain hardening/softening behavior of multilayers in a nominally homogeneous
stress state [40,41,44,45,56–58,43].
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Since interface of multilayers itself is a defect, it is natural to ask to what degree the strength of such interface-conﬁned materials reﬂect interface properties and interfacemediated processes. Recently, Mara et al. [44,45] pointed
out that no extrinsic size eﬀects are observed in uniaxially
compressed Cu/Nb micropillars with equal h of 5 and
40 nm and much larger / between 4 and 8 lm. A conjecture thus is made that the strength is fully controlled by
the intrinsic size h, whereby individual dislocations transmit through the Cu/Nb interfaces, rather than by the
extrinsic size / [44,45]. In previous works, we also reported
preliminary results of intrinsic size-controlled uniform to
shear deformation transition and strain hardening–softening behaviors in nanolayered Cu/Zr pillars [57,58]. But
the underlying deformation mechanisms were unknown
and the extrinsic size eﬀect was not carefully examined.
In the present study, we perform systematic investigations
into the mechanical response and deformation mode of
nanolayered Cu/Zr pillars within wide ranges of intrinsic
layer thickness (h from 100 down to 5 nm) and extrinsic
sample size (/ from 1200 to 300 nm). Speciﬁcally, the
deformation mechanisms were proposed to transit from
the bulk-like behavior at h > 20 nm to small-volume
material behavior at h < 20 nm, based on the semi-quantitative analyses of dynamic behaviors of dislocations. We
present a clear demonstration of the roles played by the
microstructural constraints (h) and dimensional constraints
(/) of such small-scaled samples in dislocation nucleation
to deeply understand the interplay of the two reduced
scales: h vs. /. Also we show in the case of nanolayered
micropillars, for which there is a ﬁxed extrinsic/intrinsic
size set by the pillar diameter/layer thickness, that “smaller
is stronger” still holds true.
2. Experimental procedures
Nanostructured Cu/Zr multilayers were deposited on a
Si (100) substrate by direct current (DC) magnetron sputtering at room temperature. The constituents within the
Cu/Zr multilayers have equal individual layer thickness,
h, varying from 5 to 100 nm. The total thickness of the
Cu/Zr multilayers was 1.6 lm. X-ray diﬀraction (XRD)
experiments were performed in a Bruker D8 Discover Xray powder diﬀractometer. High resolution transmission
electron microscopy (HRTEM) observations and energy
dispersive X-ray (EDX) analyses were performed to
observe the modulation structure and the interface structure. More details can be found in our previous result [57].
Then the focused ion beam (FIB)-machined nanolayered
micropillars with / spanning from 300 to 1200 nm fabricated from Cu/Zr multilayers were uniaxially compressed
in a Hystron Ti 950 with a 10 lm side-ﬂat quadrilateral
cross-section diamond indenter at loading rate
0.35 nm s1 (corresponding to a constant strain rate of
2  104 s1) up to 15–30% strain. (More information
about the fabrication of Cu/Zr pillars can be found in
Ref. [57].) Force–displacement data were continuously
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recorded, and the initial geometry of the pillar was measured from the scanning electron microscopy (SEM)
images. The cross-sectional area at half height of the pillar
(A0) and the initial height (L0) were used for calculations.
Following our previous work [57], an attempt was made
to correct for the compliance of the base of the pillar by
using the model of a perfectly rigid circular ﬂat punch
being indented onto an isotropic half space ﬁrst proposed
by Sneddon [59]. After obtaining the true compliance of
the pillar, the “corrected” load–displacement curves were
obtained, then the engineering stress–strain curves were
converted into true stress–strain curves by using the homogeneous deformation model (assume no volume change
during the deformation [6,39,60] and the ﬁnal height and
average cross-sectional area are Lp and Ap, respectively,
such that L0A0 = LpAp). Then the true strain eT and true
stress rT can be expressed as [57]:
 
1 PLp
L0
þ ln
eT ¼
ð1Þ
E A0 L0
Lp
and
P
PLp
P
¼
¼
rT ¼
Ap A0 L0 A0 L0

(

"

pP ð1  m2m Þ
pﬃﬃﬃﬃﬃ
L0  utot 
2E Ap

#)
ð2Þ

where P is the load, E is the modulus of the Cu/Zr multilayers calculated from the rule-of-mixtures, utot is the total displacement, and mm is the Poisson’s ratio of the multilayers
(0.33). It should be pointed out that the deformation under 10% strain could be simply regarded as homogeneous,
because the softening was experimentally found to occur
after 10% strain in present nanolayered pillars (see the text
below), as is consistent with other results (e.g. Al/Al3Sc [39]
and Al/TiN [43]). The work hardening parameter derived
from the above true stress–strain curves could be approximately used to investigate both intrinsic and extrinsic size
eﬀect on the deformation behaviors of nanolayered pillars.
For comparison reasons, the nanocrystalline Zr and Cu pillars with / = 300–1200 nm were respectively fabricated
from the 1.6 lm thick monolithic Zr and Cu thin ﬁlms
and then tested following the same treatment. The strength
(r) at plastic strain ep = 0.2% (r0.2%), at ep = 2% (r2%) and
the maximum strength at ep 5% (rmax) were obtained from
the true stress–strain curves.
3. Results
3.1. Microstructure of Cu/Zr multilayers
XRD results revealed that all Cu/Zr multilayers with
opaque incoherent interface have polycrystalline structure
with (1 1 1) texture in Cu layers and with (0 0 0 2) texture
in Zr layers. Cross-sectional views of the Cu/Zr multilayers
from TEM observations are displayed in Fig. 1, showing
columnar grains in the Cu layers and ultra-ﬁne nanocrystals in the Zr layers. The average grain sizes of Cu and
Zr scale with their layer thickness, respectively. No signiﬁ-

Fig. 1. Bright-ﬁeld cross-sectional TEM micrograph showing the microstructure of the (a) h = 5 nm, (c) h = 20 nm, (e) h = 50 nm and (f)
h = 100 nm Cu/Zr multilayers. Inset is the corresponding selected area
diﬀraction patterns (SADP); (b) is the inverse fast Fourier transform
(IFFT) HRTEM image of white squared box region in (a), showing
intrinsic stacking fault (ISF) in Cu; (d) is the HRTEM images typically
showing the Cu/Zr interface of the red square boxed area in (c). Inset is the
inverse fast Fourier transform (IFFT) HRTEM image of red squared box
region in (d), showing ISF in Cu.

cant intermixing between Cu and Zr has been observed as
proved by the interface HRTEM (see Fig. 1a and d). Some
planar defects such as growth twins and intrinsic stacking
faults (ISFs) are observed in the Cu layers, as shown
in Fig. 1b, d and e, respectively. The average grain sizes
of monolithic Cu and Zr ﬁlms are 160 and 30 nm,
respectively.
3.2. Mechanical response of Cu/Zr micropillars
Fig. 2a and b shows the typical true stress–strain curves
of / = 600 nm and h = 10 nm Cu/Zr pillars, respectively.
As shown in Fig. 2a and b, there clearly exist size dependences in the deformation behavior, with the smaller h or
/ pillars having the higher ﬂow stresses. All the pillars
show three regimes in the true stress–strain curves. In
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Fig. 2. (a) True stress–strain plots for the / = 600 nm Cu/Zr micropillars with three diﬀerent h, and (b) true stress–strain plot for h = 10 nm Cu/Zr
micropillars with various / loaded perpendicular to the layer interface. The strain hardening regime (regime II) is ﬁtted by using power-law strain
hardening equation: r / enp : (c) The strain hardening rate h of Cu/Zr micropillars with four diﬀerent / as a function of h. (d) The strain hardening
exponent n as a function of h, compared with that of Cu [61,65] (as a function of grain size d) and nanolayered Al/TiN [43] (as a function of h).

regime I, the curves show a linear elastic behavior until the
ﬁrst yield point (r0) is reached (e = 0.02–0.04). Regime II
shows a strain hardening behavior at a strain level of
0.05–0.1, which can be described by the power-law strain
hardening equation, i.e. Ludwik’s equation [43,57,61], by
simply assuming this equation still operative in the smallscale regime:
r ¼ K 1 þ K 2 enp

ð3Þ

where K1 represents the initial yield stress, K2 is the
strengthening coeﬃcient (i.e. the strength increment due
to strain hardening at plastic strain ep = 1), and n is the
strain hardening exponent. By using Eq. (3) and taking
K1 = r0, we ﬁtted the true stress–strain curves in regime
II, as shown in Fig. 2a and b. The strain hardening rate
h at this regime can be estimated by using the following
equation [43,57]:
h¼

dr nðr2%  r0:2% Þ
¼
de
ðe2%  e0:2% Þ

ð4Þ

From Fig. 2c and d, one can clearly see that both the
strain hardening rate (h) and strain hardening exponent
(n) obtained from regime II are intrinsic rather than extrinsic size-controlled. A maximum h  20 GPa is observed at
h = 20 nm at ep = 2%, while n monotonically decreases
from 0.5 down to 0.2 as reducing h from 100 to 5 nm.
In regime III, at strains greater than 0.1, strain softening
is also observed from the true stress–strain curves. As is
evident in the true stress–strain plots, there is a decrease
in strain softening as the h or / increases.

The intrinsic and extrinsic size eﬀects on strength of the
Cu/Zr pillars are studied in comparison. In Fig. 3a and b,
r0.2% is depicted as a function of / and h, respectively.
From Fig. 3a for the Cu/Zr pillars with constant h, one
can see that the r0.2% presents weak dependence of / when
h > 20 nm, while r0.2% strongly depends on / when
h < 20 nm. It is suggested that the extrinsic size eﬀect is
remarkable only at small h. By contrast, r0.2% rises signiﬁcantly as h decreases from 100 to 5 nm (see Fig. 3b for the
Cu/Zr pillars with constant / or b). This means that the
intrinsic size eﬀect on strength of Cu/Zr pillars is notable
within the whole range studied.
It is generally accepted that deformation from motion of
dislocations produced via activation of the pinned bulk
sources usually needs lower external stress than that of
via dislocation nucleation from the surface/interface. To
distinguish the dislocation nucleation mechanisms (characterized by diﬀerent stress levels), the strengths r2% and rmax
were also plotted against / and h, as shown in Fig. 3c and d
(for r2%) and (e) and (f) (for rmax) respectively. They exhibit size-dependent trends similar to those of r0.2%. In addition, the Zr pillars also exhibit strong extrinsic size eﬀect,
which monotonically increase with reducing / (Cu pillars
behave the same way).
3.3. Deformation behavior of Cu/Zr micropillars
Fig. 4a–h shows the SEM images taken after the uniaxial compression of the pillars with h = 100 nm (a, b),
h = 50 nm (c, d), h = 20 nm (e, f) and h = 10 nm (g, h). It
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Fig. 3. The strengths of r0.2% (a, b), r2% (c, d) and rmax (e, f) as a function of / and h, respectively. The strength scaling exponent m as a function of h (g)
and / (h), respectively.

is seen that the deformed h = 100 nm pillar shows plastic
barreling and extrusion of soft Cu layers. In contrast, the
deformed h = 20 and 10 nm pillars display shear deformation across the compression plane without signiﬁcant
extrusion. In the intermediate h = 50 nm pillars, both barreling (accompanied with extrusion) and shearing are
observed. The h-dependent transition of deformation mode
is similar to that of rolled Cu/Nb nanolaminates [62] and
compressed Al/Pd micropillars [56]. Furthermore, accord-

ing to the SEM/FIB micrographs it is interesting to note
that as / decreases from 1200 to 600 nm (or b increases
from 1.4 to 2.8), the apparent deformation mode shows a
gradual transition from highly inhomogeneous shear deformation to relatively homogeneous shear failure at the
shearing regime of h < 50 nm. The well-developed major
shear band with sharp leading fronts at large / (or small
b) is gradually changed to localized shear deformation with
rounded leading fronts at the upper part of the pillars. This
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Fig. 5. Typical SEM images of / = 300 nm nanolayered Cu/Zr micropillars (a) h = 50 nm micropillar showing barreling of the micropillar and
extrusion from individual Cu layers and (b) h = 20 nm micropillar
showing squeezing and shearing of the pillar. Inset shows the corresponding SEM images of the as-milled pillar.

4. Discussion
4.1. Hardening behavior of nanolayered micropillars

Fig. 4. Typical SEM images of nanolayered Cu/Zr micropillars with four
diﬀerent h after the uniaxial compression tests. (a) / = 800 nm and (b) /
= 600 nm micropillar with h = 100 nm after compression showing barreling of the micropillar and extrusion from individual Cu layers; (c) /
= 800 nm and (d) / = 600 nm micropillar with h = 50 nm after compression showing squeezing and shearing of the pillar; and (e) / = 800 nm and
(f) / = 600 nm micropillar with h = 20 nm, and (g) / = 800 nm and (h)
ø = 600 nm micropillar with h = 10 nm after compression showing shearing the micropillar. Inset is the corresponding SEM images of the as-milled
pillar.

phenomenon becomes more signiﬁcant with further reducing / to 300 nm (or increasing b to 5.7). However, when
ﬁxing b = 5.7, the h = 50 nm Cu/Zr pillars show plastic
barreling and extrusion (the b = 1.4 pillar behaves the same
way), while the h = 20 nm Cu/Zr pillars exhibit extrusion + shearing deformation (see Fig. 5a and b, respectively). This indicates that the deformation mode of
nanolayered pillars can be inﬂuenced by both h and /.

4.1.1. Intrinsic size-controlled hardening capability
Both h and n are important parameters reﬂecting a
metallic material’s hardening property, which are closely
linked to the stored dislocation density (q) [58,63,64]. The
extrinsic size /-independent extraordinary h in Fig. 2c
much higher than that of bulk metals (maximum h
2.5 GPa for Cu [1]) with an inverse h-eﬀect is caused by
more glide–interface dislocations interactions, leading to
increasing h with reducing h to 20 nm, below which the
dislocation cross-slip lower h [57]. This was physically
and quantitatively explained in terms of reduced dislocations storage rates [58].
The present results also exhibited that n was determined
by intrinsic rather than extrinsic size, and that n continuously decreased with reducing h, analogues to that of polycrystalline Cu [61,65] and Al/TiN [43] pillars (see Fig. 2d).
It is suggested that the uniform deformability of multilayers monotonically decreases with reducing h [66,67], as
demonstrated from the SEM observations (see Fig. 4). In
our previous work [58], we have found that an inversely linear relationship between n and strength of Cu/Zr pillars,
i.e. n / krCLS, where k is a ﬁtting parameter, rCLS is the
pillar strength and can be written as [38,46,57]:

4060

rCLS ¼

J.Y. Zhang et al. / Acta Materialia 60 (2012) 4054–4064


 

l b sin u 4  m
ah
l b
f

ln
þ
8psh
1m
b sin u
kð 1  m Þ h

ð5Þ

where s is the Schmid factor; u is the angle between the slip
plane and the interface; b is the magnitude of the Burgers
vector; m is the Poisson ratio for Cu; k is the mean spacing
of glide loops in a parallel array, inversely proportional to
the square root of the total dislocation density q;
l* = (lZr  lCu)/(VZr  lCu + VCu  lZr) is the eﬀective shear
modulus of Cu/Zr multilayers which can be estimated by
the shear modulus lCu and volume fraction VCu of the
Cu layer and those of the Zr layer; geometrical factor a
is the dislocation core spreading factor, varying from 0
(for a compact core) to 1 (for a spread core) and contains
the contribution of extrinsic size constraint eﬀect on
strength [15,19,68]; and f is the characteristic interface
stress of the multilayer, typically f = 2–3 J m2 [46]. With
a series of parameters of s = 0.33, l* = 40.6 GPa,
b = 0.2556 nm, a = 0.55, m = 0.343, u = 70.5°, k = 10 nm
[69] and Eq. (5), the dependence of n on h is quantitatively
calculated and shown in Fig. 2d as the solid curve, consisting well with the measured n with k = 1.5  104 MPa.
Thus, a higher n-value was related to larger h and k (or lower pre-existing q). In the as-deposited multilayers, the preexisting dislocations would increase with reducing h since
the total interface area per unit volume would increase with
decreasing h [69]. This is also supported by the evidence
that bulk metals (microcrystal Cu) with high dislocation
storage capacity for dislocation multiplication and interaction exhibit higher n [1,70], while nanocrystalline metals
(Cu) with little dislocation accumulation within grain interiors show lower n [71–74]. The independence of n on /
indicates the extrinsic size-independent q at ﬁxed h in
Fig. 2d. It is suggested that the surface dislocations (which
can also act as sources) play a minor role in deformation,
since the volume and/or interface source are determined
by the characteristic microstructures (e.g. layer thickness
and atomic interface structure). One can also see that the
multilayers exhibit much higher n than that of Cu at similar
intrinsic size in Fig. 2d. Speciﬁcally, at h > 20 nm, Cu/Zr
pillars exhibits relatively higher n, almost equaling that of
bulk Cu (0.5) [65], while below the transition size
h = 20 nm, n is quite low, approaching that of ultraﬁnenanocrystalline metals (0.02–0.2) [61]. This unusual phenomenon implied the transition of dislocation nucleation
mechanism similar to that of polycrystalline Cu, i.e. either
above or below the transition size h = 20 nm, the dislocations can nucleate from diﬀerent sources such as bulk
source or interface source, respectively. In other words,
at h > 20 nm, dislocations maybe nucleate mainly from
the pinned bulk source, while at h < 10 nm the interface
source is the dominant dislocation source in the Cu/Zr pillars. At the transition size, both the pinned volume and
interface sources can product dislocations, in that the dislocation nucleation mechanisms must cross over at some
critical size.

4.1.2. Dislocation multiplication and exhaustion
In conventional bulk metals, dislocation multiplication
and interaction dominate the ordinary strain hardening
(or forest hardening) behavior [1]. Recently, in situ Laue
diﬀraction experiments [75,76] showed that substructures
formation can occur at ep < 5% in 1–10 lm fcc FIBed single crystal pillars, and that strength determined at ep P 5%
the tenet of “smaller is stronger” is largely due to sizedependent strain hardening (without deﬁning speciﬁc individual underlying dislocation mechanisms). This is compatible with the observation that the strength scaling exponent
for the size eﬀect increases with the strain at which the
stress is derived [77]. Actually, in small-volume materials
the number of eﬀective dislocation source and the pre-existing dislocations are sharply reduced, which renders the
classical deﬁnition of “strain hardening” inappropriate
for the ultra-strong nanolayered materials with both high
n and h simultaneously. In such case, ultrahigh strength
can be achieved by dislocation exhaustion, i.e. “exhaustion
hardening” within the ﬁrst percent of strain (ep < 5%)
[28,76,23], the activated sources being trapped by dislocation reactions.
To sustain the bulk-like behavior (high n and h) of nanolayered pillars at h > 20 nm, there must be lots of dislocation nucleation, multiplication and interaction. A
generally accepted model for such multiplication is the
F–R (type) source [24,78,79], which can still operate in
nanoscaled multilayers [79–81]. Speciﬁcally, a regenerative,
anomalous dislocation multiplication mechanism resulted
from a spontaneous nucleation of partial dislocation loops
within the intrinsic stacking fault (ISF; see Fig. 1) achieved
in fcc metal by the F–R source [78] ensures that dislocation
multiplication is possible, which also renders the more
glide–interface dislocation interactions. This not only can
induce the high n, also can result in ultrahigh h. Further
reducing h making the F–R (type) source length decreased
(even no bulk source), the dislocation nucleation stress is so
high that the interface source instead of the bulk source can
probably start to switch on. To ensure the dislocations
propagate and overcome the resistance from interface dislocations to move forward, cross-slip is a relatively easier
way at small length scale, lowering both n and h simultaneously [67].
4.2. The interrelation between strength and dislocation
nucleation
In small-scaled materials, the required stress to generate
a dislocation from a source with a length S is proportional
to 1/S ln(S/b) [3,12,13,19,30]. The distribution of the nucleation stress is compared to a power law which is used to
describe the size eﬀect in tension or compression tests
[3,5,12,13]:
 
1
S
r / C 1 ln
ð6Þ
 C 2 Dm
S
b

J.Y. Zhang et al. / Acta Materialia 60 (2012) 4054–4064

where C1 and C2 are constants, D is the characteristic
dimension (e.g. single crystal diameter, grain size and layer
thickness) and m is the strength scaling exponent.
4.2.1. Scaling behavior of the strength and activation of
dislocation sources
Though no extrinsic size eﬀect was found in compressed
h = 5 nm nanolayered Cu/Nb micropillars with / spanning
from 4 to 8 lm [45], we found from Fig. 3a–f that both the
intrinsic characteristic dimensions (h) and the external size
limitations (/ or b) contribute to the high strength of Cu/
Zr micropillars. The strengths r0.2%, r2% and rmax increase
with reducing / or h, which can be described by Eq. (6)
with m = 0.06–0.45 for /-dependent strength and
m = 0.13–0.35 for h-dependent strength. Furthermore, m
monotonically increases with decreasing h and / (or b).
It is suggested that the nanolayered pillars with small
intrinsic size exhibit strong size eﬀects. Strikingly, comparing Fig. 3a and c with Fig. 3e, it is found that the / dependence of r0.2%, r2% and rmax is quite weak at h > 20 nm,
which can be identiﬁed by the low m = 0.06–0.10
(<0.41 for Zr pillars and 0.55 for Cu pillars at rmax;
see Fig. 3g). This /-insensitive behavior can only be found
in bulk metals and pristine single crystals. However, the
pre-existing dislocations and the introduction of crystal
defects near pillar surfaces can induce markedly size-dependent strength in the present pillars [11,37,82,83]. It thus
suggests that dislocations dominantly nucleate from the
bulk sources at h > 20 nm. The rationale behind this argument is that the characteristic length of FIBed pillars is set
by the mean dislocation spacing k. If the sample intrinsic
size is so large that many representative volume elements
incorporating all the bulk microstructural characteristics
are contained within the sample, conventional size-independent plastic behavior is observed. In addition, the similar m values at diﬀerent stress levels (r0.2%, r2% and rmax)
further demonstrate the dislocation nucleation is determined by the volume rather than surface/interface sources
at this length scale [3,19], because the likelihood of activating a dislocation source (volume or surface/interface
sources) at a particular level of stress is up to the statistical
distribution in source strengths [37]. On the other hand, the
lack of intrinsic size (h) eﬀect on m further demonstrates
that the mechanism responsible for the power law itself is
insensitive to h, as the h dependence manifests itself as a
deviation from the power law, which has been found in
the case of h < 20 nm (discussed below).
In contrast, a dramatic increase in m = 0.42 (4–7 times
larger than that of values at large h > 20 nm) is observed
for r0.2%, r2% and rmax as h is reduced to 5 nm, respectively
(see Fig. 3g). The Cu/Zr pillars corresponding to samples
large with respect to a representative volume element show
that a size eﬀect could only be derived from operation of
surface/interface dislocation sources [37]. In a sense, then,
these structures should mimic the yield behavior of
defect-free single crystal. The dramatic rise in m indicates
that the size-strengthening of FIBed Cu/Zr pillars is much
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more pronounced below a transition size h = 20 nm, and
that the size-dependence itself also has a strong size eﬀect;
in other words, the degree of size-strengthening can be very
diﬀerent in distinctly separable h regimes. As the intrinsic
size further decreases, the probability that these smaller
volumes contain any dislocations is further reduced as well,
and eventually dislocation production is predominantly
from surface/interface sources.
However, at the median length scale (h = 10–20 nm),
one can clearly see that m for r0.2% (m  0.06–0.33), r2%
(m  0.1–0.28) and rmax (m  0.15–0.32) strongly increases
with decreasing h, and that m at h = 10 nm (r0.2%  0.33,
r2%  0.28, rmax  0.32) is far larger than at h P 20 nm.
This indicates an increased size eﬀect as h is reduced, probably, to the order of k [4,37]. At such length scale, dislocation interactions would not evolve as they do in samples
containing many representative volume elements, since
mobile dislocations would have a high probability to exit
the sample prior to interacting with other dislocations. At
this transition size, both the volume and surface/interface
sources can switch on. For h = 20 nm pillars, at stress level
r0.2%, only bulk sources can operate to product dislocation
continuously until the source conﬁguration changes (e.g.
formation of dislocation multi-junctions exhausting dislocation source) and it can no longer operate at this stress
level any more, which renders low m = 0.06. Further
increasing the stress level (say, r2%), besides that the surface/interface sources begin to switch on (probably heterogeneous dislocation nucleation at stress concentrators), the
bulk sources start to operate again and they had shut down
just below the corresponding critical stress level to stimulate the sources. At this stress level, we can observe the
enhanced size eﬀect. Once again, the sources shut down
and are exhausted. The stress level required for the operation of these sources is continually being ratcheted up and
eventually the stress level achieves rmax (suﬃcient increment), which allows for the (almost) simultaneous operation of a new source. In other words, the dislocation
nucleation process is analogous to the ratcheting process,
i.e. once operating, it never permanently shuts down, but
ratchets up (in required stress), including more and more
new sources of dislocations as the stress increases. Therefore, at the rmax stress level for h = 20 nm pillars, they
show a relatively large m (0.15). In contrast, in h = 10 nm
pillars, the reduced bulk sources and higher nucleation
stress causes dislocations mainly nucleate from surface/
interface source instead of bulk source, inducing increase
in m from 0.15 (at rmax for h = 20 nm) to 0.32 (at rmax
for h = 10 nm).
It should be pointed out that in single crystal pillars (e.g.
Au [75] and Ni [77]), transition from exhaustion hardening
to ordinary forest hardening can alter values of m. For
example, m increases from 0.69 at ep = 3% to 0.86 at
ep = 10% for Ni pillars [77]. However, in the present study
the sharply increased m (from 0.06 to 0.15) with increasing
strain (or stress) was only observed in h = 20 nm pillars,
which indicates a gradual transition from source exhaus-
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tion hardening dominated by initiation of sources to bulk
strain hardening dominated by dislocation–dislocation
interactions as strain increases. It is suggested that below
and above the transition size only one dislocation nucleation mechanism dominates the hardening behavior, and
also supports the above discussion of dislocation nucleation mechanism transition from bulk source at large h
(m < 0.1) to surface/interface source at small h (m > 0.3).

6
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4.2.2. Intrinsic vs. extrinsic size eﬀect on surface/interface
dislocation sources
Another striking feature found in Fig. 3b, d and f, is that
m values are close to each other within the scatter for r0.2%,
r2% and rmax at given / or b. Reducing / from 1200 to
300 nm, m monotonically increases from 0.16 to 0.35
(see Fig. 3h). The h-dependent strength also suggests that
the interfaces must be one of the dislocation sources. The
same m at ﬁxed / or b indicates that the stress level needed
to activate the source does not vary signiﬁcantly. However,
one can ﬁnd that as / is reduced down to below 600 nm, m
values are almost identical (m 0.30 ± 0.03), which implies
the weak / dependence of strength. Due to the dislocation
source size and amount scaling with the pillar size or area
[22,34,84], the sharp shrinking of / thus can result in a pronounced sample-size-dependent strength at all length
scales. However, this is contrary to present results at /
= 300–600 nm range. Unlike the surface, the in-plane interface structure (characterized by IBS) of Cu/Zr pillars determined by the constituents’ crystal structure is largely h- and
/-independent [46,85], which renders the density of interface dislocation source is almost size independent. But
the interface source size scales with h [19,68]. Thus, the
weak extrinsic dimension eﬀect suggests that the interface
is the dominant dislocation source proved by MD simulations [85,86] rather than the surface at such length scale,
and that the interface source size is a characteristic of such
nanolayered materials, which is less dependent on the sample size.
4.3. Deformation mode map of nanolayered micropillars
The SEM/FIB observations presented above provide
clear evidence of a size-dependent deformation behavior,
i.e. preferential thinning of Cu at large h and shear localization at small h. This transition stems from dislocation
symmetric slip at large h to interface rotation at small h,
which has been discussed in detail in our previous results
[57]. However, besides the intrinsic size (h), the extrinsic
size / (or b) can also inﬂuence the deformation behavior
of Cu/Zr pillars. The deformation modes for the samples
discussed here and from previous publications for nanolayered Cu/Nb [44,45,87] and Al/Pd [56] pillars are summarized in a deformation mode map in Fig. 6 as a function
of h and b. Based on the experimental observations, the
map can be divided into three regimes: RI, RII and RIII,
which are characterized by shear localization,
shear + extrusion deformation and extrusion (uniform)

20

40

60

80

100

Layer thickness h (nm)
Fig. 6. Deformation mode map for nanolayered pillars. Experimental
observations are summarized with data symbols: shear localization (half
square) in RI, shear + extrusion deformation (half circle) in RII, homogeneous uniform extrusion and barreling deformation (half diamond) in
RIII. Experimental observation results of nanolayered Cu/Nb [44,45,87]
and Al/Pd [56] are also included for comparison. The deformation mode
map is divided into three regimes described in the text by the lines.

deformation, respectively. In RI and RIII, h is the dominant
factor controlling the deformation mode, while in RII, both
h and b control the deformation mode.
Interestingly, at very small h < 50 nm, the transition
from the major shear band with sharp leading fronts to
round leading fronts partly supports the tendency of true
stress–strain curves (see Fig. 2 for h = 10 nm pillars), which
show that the large / pillars exhibit strain softening at high
strain (15%) whereas the small / pillars present softening
at relatively low strain (10%), indicating the suppression
of shear band formation as b is reduced (or / is increased).
The larger / is, the higher plastic strain for shear band formation-induced strain softening begins to occur. This suggested that the individual shear banding events are strongly
extrinsic size-dependent at such / scale, i.e. in larger pillars
the deformation is controlled by nucleation of shear bands,
but in smaller pillars it becomes propagation controlled,
similar to that of Cu-based amorphous pillars [88]. In other
words, as b is increased from 2 to 6 (or higher values), the
pillars with small h < 50 nm tend to deform homogeneously, i.e. transition from RI to RII and/or from RII to
RIII, which is respectively divided by the short dash and
dash lines in Fig. 6. At small b < 2, however, the pillars
tend to show homogenous, uniform deformation (at
h > 5 nm). This manifests that intrinsic size eﬀect itself also
possesses strong extrinsic size eﬀect. The underlying physics
is that the large / pillar is planar stress state, while the
small / pillar is in planar strain state, under compression
condition.
Additionally, it should be noted that the transition from
uniform to shear deformation observed in rolled Cu/Nb
nanolaminates [62] was explained by deformation mechanism transition from dislocation slip in an isolated layer
to dislocation cutting cross the interface as well. However,
uniaxially tensioned polymer-supported Cu/X (X = Cr,
Nb, Zr) multilayers [38,47,48] transformed from opening
to shear fracture as shrinking the intrinsic size h. This cannot be simply explained by the deformation mechanism
transition mentioned above but can be elucidated by con-
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sidering the competition between the h-dependent deformability of the ductile Cu layer and intensity of crack initiated
in the brittle X layer [38,47,48]. The diﬀerences between the
compression, rolling and tension test can be ascribed to the
diﬀerent stress states.
5. Conclusions
Systematic compression tests were performed on nanolayered Cu/Zr pillars with a layer thickness ranging from
5 to 100 nm, with pillar diameters varying from 300 to
1200 nm, to examine the intrinsic and extrinsic size eﬀects
on the compressive deformation in nanolaminates. The following conclusions can be derived from this study.
1. The paradigm of “smaller is stronger” holds true at a
ﬁxed intrinsic or extrinsic size in nanolayered pillars.
Competition between the intrinsic and extrinsic size
eﬀects results in experimental observation of a transition
intrinsic size 20 nm, above which the deformation is
strongly intrinsic-size-dependent and insensitive to
extrinsic size, while below which the two size eﬀects
are comparable.
2. At a transition intrinsic size, h = 20 nm, the Cu/Zr pillars with extraordinary hardening behavior exhibit the
transition from bulk-like behavior to small-volume
materials behavior. Below the transition size, dislocations likely nucleate from the interface source of Cu/
Zr pillars, above which the dislocations seem to generate
from the F–R type bulk source.
3. With shrinking intrinsic size, h, the nanolayered pillars
show the transition from uniform deformation to local
shear band, which is also extrinsic-size-dependent, i.e.
in larger pillars the shear banding deformation is controlled by nucleation of shear bands, but in smaller pillars it becomes propagation controlled.
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