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Abstract
The microcompression method was used to investigate the compressive plastic ﬂow behavior of nanolayered crystalline/amorphous
(C/A) Cu/Cu–Zr micropillars within wide ranges of intrinsic layer thicknesses (h  5–150 nm) and extrinsic sample sizes (350–1425 nm)
with the goal of revealing the intrinsic size eﬀect, extrinsic size eﬀect and their interplay on the plastic deformation behavior. The nanolayered C/A micropillars exhibited deformation behaviors of strain-hardening followed by strain-softening that were dependent on the
thickness of the layers. At h 6 10 nm, the strain-softening is related to shear deformation that is caused by fractures in the amorphous
layers. At h > 10 nm, however, the strain-softening is related to the reduction in dislocation density caused by dislocation absorption.
Correspondingly, the deformation mode of the C/A micropillars transitioned from homogeneous-like to shear band type as h decreased
to the critical value of 10 nm, which is indicative of a signiﬁcant intrinsic size eﬀect. The extrinsic size eﬀect on the plastic deformation
also became remarkable when h was less than 10 nm, and the interplay between the intrinsic and extrinsic size eﬀects leads to an ultrahigh strength of 4.8 GPa in the C/A micropillars, which is close to the ideal strength of Cu and considerably greater than the ideal
strength of the amorphous phase. The underlying strengthening mechanism was discussed, and the transition in deformation mode
was quantitatively described by considering the strength discrepancy between the two constituent crystalline and amorphous layers at
diﬀerent length scales.
Ó 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Metallic glasses (MGs) exhibit unique mechanical properties and deform via the shear transformation zones
(STZs) in lieu of the well-deﬁned plasticity carriers – dislocations in crystals [1–5]. In metallic crystals, it is well
known that the motion of dislocations that are induced
by a mechanical stress causes irreversible deformation
through a shearing process. Strain hardening, which results
from dislocation multiplication and interactions, leads to
⇑ Corresponding authors. Tel.: +86 (0)2982 668695; fax: +86 (0)2982
663453.
E-mail addresses: lgsammer@mail.xjtu.edu.cn (G. Liu), junsun@
mail.xjtu.edu.cn (J. Sun).

stable and uniform elongation and tensile ductility [6,7].
However, the STZs in MGs cooperatively rearrange to
accommodate the applied shear strain [3,8,9] and is often
excited to a more energetic state (i.e., shear-softened) upon
shear transformation [2,5]. After the plastic deformation
begins, the STZs are readily linked in an autocatalytic manner to form a narrow shear band (SB), which causes highly
catastrophic failure through rapid shear banding and consequently results in very low ductility at room temperature
[8–10]. Therefore, the incorporation of MGs into engineering materials is often accompanied by complete brittleness
or an apparent loss in tensile ductility, which signiﬁcantly
limits the structural applications for MGs. The formation
of SBs in MGs must be fully understood and ultimately
controlled for practical applications.
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Considerable eﬀorts have been focused on eliciting and
improving ductility in MGs. Reducing the sample dimensions to the nanoscale has been reported as a viable
approach for suppressing catastrophic failure resulting
from the instantaneous propagation of SBs [11–17].
Recently, an interesting report revealed that the glassy metals could exhibit a transition from the strong-yet-brittle to
the stronger-and-ductile state, even at room temperature, if
their physical dimensions were reduced to the sub-micrometer and speciﬁcally the nanometer scales [11,12,15]. The
individual shear banding events have also been shown to
be strongly size-dependent, i.e., the deformation is controlled by SB nucleation in larger sizes whereas it is controlled by SB propagation in smaller sizes [13,14]. The
fracture strength of MGs can reach a signiﬁcant level of
the ideal strength E/30 or l/10 [4,12,15,18], where E
and l is the elastic and shear modulus, respectively.
In addition to conﬁning the sample size [11,15], embedding deformable crystalline phases into the MG matrix to
inhibit the propagation of SBs has been proposed as an
alternative method for eﬀectively enhancing the plastic
deformability of MGs [19–21]. Similarly, suppressing the
formation and propagation of SBs in the MGs is also possible by integrating amorphous and crystalline layers to
form nanolayered materials [16,17,22–24]. Speciﬁcally, the
integration of a crystalline/amorphous (C/A) nanolayered
structure has been considered as a potential method for
improving the deformability of the multilayers without sacriﬁcing their strength. For example, Wang and coworkers
[22] have reported that free-standing C/A Cu/Cu–Zr nanolaminates with respective thicknesses of 35/5 nm reliably
exhibited high tensile strength (1.2 GPa) and large tensile
elongation (14%). Furthermore the compression plastic
strain of C/A X/Zr–Cu (X = Cu, Mo, Zr) layered pillars
can reach greater than 55% when the thickness of the crystalline X layer is greater than 200 nm [23]. The above
experimental results [22–24] have clearly revealed that a
multilayer scheme is likely to suppress the SBs and signiﬁcantly improve the deformability of MGs by forming C/A
multilayer architecture. However, the underlying mechanism for how the crystalline layers suppress the formation/propagation of the SBs in glassy layers is still
unclear, especially in the nanoregime. In addition, whether
the crystalline layers are still capable of suppressing the
propagation of shear bands in the MGs layers when the
crystalline layers are thinned to several nanometers, which
is of scientiﬁc importance and technological relevance,
remains to be determined. Consequently, the plastic deformation of nanostructured C/A multilayers warrants being
thoroughly and systematically studied.
At the nanoscale, the interfaces between two constituent
materials play an increasingly important role in determining
the mechanical properties of multilayers [25–28]. The interfaces can act as [29]: (i) sources of dislocations, (ii) sinks of
dislocations via absorption and annihilation, (iii) barriers to
dislocations and (iv) storage sites for dislocations. Previous
studies have often treated the role of interfaces in a

phenomenological way, which yields scaling laws such as
the Hall–Petch (H–P) type-model based on dislocation
pile-up [30], the conﬁned layer slip (CLS) model that
involves single dislocation loops that glide in isolated layers
[31,32], and the interface barrier strength (IBS) model that
assumes dislocation across the interface [33,34]. The above
dislocation mechanisms have been employed to explain the
intrinsic size eﬀect on the deformation features/behaviors of
crystalline/crystalline (C/C) multilayers [26,35,36]. However, the interfaces in nanostructured C/A multilayers
(CAIs) that do not have a speciﬁc crystallographic orientation may exhibit unique inelastic shear (slip) transfer characteristics and relatively lower interface stress or energy
due to the existence of the amorphous phase [22]. These
interfaces are considerably diﬀerent from the C/C interfaces
(CCIs) and grain boundaries (GBs). Therefore, it is of signiﬁcant interest to determine the eﬀect of CAIs on the
mechanical behaviors and deformation mechanisms of
nanostructured C/A multilayers.
By using the microcompression method in this work, we
illustrate the constraining eﬀects of the crystalline layer on
the amorphous layer at the nanoscale and address the correlations between the intrinsic size (layer thickness, h) and
extrinsic size (pillar diameter, /) on the mechanical
response and deformation mode of nanolayered C/A Cu/
Cu–Zr micropillars. The present results reveal that the
competition between the intrinsic and extrinsic size eﬀects
results in a critical size of h  10 nm, above which the
deformation is predominantly dependent on the intrinsic
size and insensitive to the pillar diameter, while below this
critical size, the two size eﬀects are comparable. The apparent deformation modes were observed to transition from
homogeneous-like deformation to shear banding at this
critical size. The inﬂuences of amorphous layers and CAIs
on plastic deformation were discussed to rationalize the
size-dependent strain-softening behavior, which was
induced by failure of the amorphous layer when h 6 10 nm
and by the absorption of dislocations when h > 10 nm.
2. Experiment details
2.1. Sample preparation and microstructure characterization
C/A Cu/Cu–Zr multilayers were deposited on HFetched Si (1 0 0) substrates by direct current (dc) magnetron
sputtering at room temperature. Cu (99.995%) and Zr
(99.99%) targets were used to produce alternating layers
of nanocrystalline pure Cu and amorphous Cu60Zr40
(atomic fraction). The chamber was evacuated to a base
pressure of 6.0  108 Torr, and 1.0–2.5  103 Torr of
Ar was maintained during the deposition process. The substrate was neither heated nor cooled during the deposition
process. The constituent layers in the C/A multilayers have
equal thicknesses of h (h = ha = hc), and a wide range of h
ranging from 5 to 150 nm was designed to disclose the
intrinsic size eﬀect. During the deposition process, a 100nm-thick Cu seed layer was ﬁrst deposited on the Si
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substrate, and the periodical amorphous/crystalline layers
were subsequently deposited on the seed layer. The cap
layer of the multilayer was always Cu. The Cu60Zr40
amorphous layer was synthesized by co-sputtering. The
total thicknesses of the C/A Cu/Cu–Zr multilayers were
2 lm when h < 100 nm and 3.0 lm when h P 100 nm.
For comparison, 2 lm-thick single-layer pure Cu ﬁlms
and amorphous Cu60Zr40 ﬁlms were also prepared on Si
(1 0 0) substrates.
X-ray diﬀraction (XRD) experiments were performed
on a Bruker D8 Discover powder X-ray diﬀractometer at
room temperature. To identify the elemental composition
and the interface integrity of the specimens, high resolution
transmission electron microscopy (HRTEM) and energy
dispersive X-ray (EDX) analyses were conducted on a
JEOL JEM-2100F microscope, which is equipped with
Fischione ultra-high resolution high-angle annular dark
ﬁeld detector (0.23 nm resolution in the STEM imaging
mode) and an Oxford instruments EDX detector (spatial
resolution of 1 nm) for chemical analysis.
2.2. Fabrication of nanolayered C/A micropillars
Nanolayered C/A Cu/Cu–Zr micropillars, with diameters ranging from 350 to 1425 nm, were fabricated from
the as-deposited C/A multilayers using a Helios Nano
Lab 600i dual-beam focused ion beam (FIB) system, which
also allows scanning electron microscopy (SEM) imaging.
The interface planes are strictly perpendicular to the cylinder axis. To minimize the potential damage from ion irradiation due to the Ga ion beam and to clean any newly
deposited materials from the pillar surface, the ﬁnal FIB
ﬁne milling step was performed under a lowered voltage
(15 kV) and current (15 pA). A protective coating layer
was not employed in the present work to avoid any other
contribution to the mechanical response from the presence
of foreign layers. The dimensions of the micropillars and
the taper were measured from the SEM images. The aspect
ratios (height to diameter, b) of the pillars varied between
2.0 and 6.0, whereas the taper angles (w) of the pillars were
measured between 2° and 4°.
2.3. Flat punch compression test
The microcompression test was performed on a Hystron
Ti 950 with a 10 lm side-ﬂat quadrilateral cross-section
diamond indenter. The alignment of the tip pillar was
achieved with the help of an optical microscope. All of
the micropillars were compressed under the displacementcontrolled mode at a loading rate 0.4 nm s1 (corresponding to a constant strain rate of 2  104 s1) up to
15–30% strain, which was followed by a holding segment
of 5 s before unloading. Force–displacement data were
continuously recorded, and the initial geometry of the pillar was measured from the SEM images. True stress–strain
curves were calculated using a constant volume and
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homogeneous deformation assumption model to characterize the deformation behaviors [37–39]. More details about
the procedure used to calculate the true stress–strain curves
can be found in Refs. [37–39]. After accounting for the substrate eﬀect and correcting for taper, the true strain (eT)
and true stress (rT) are simply expressed as:
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where A0 is the cross-sectional area at half of the initial
height (L0) of the pillar, r0 is the radius at the top of the
pillar, Lp and Ap are the ﬁnal height and average crosssectional areas, respectively, P is the applied load, Em is
the true modulus of the C/A pillars without tapers and
Emeasured is the measured modulus of the tapered C/A
pillars, utot is the total displacement, mm is Poisson’s ratio
of the C/A multilayers (0.33) and ASi, LSi and ESi are
the average cross-sectional area, the total length and the
modulus of the Si substrate, respectively. Note that the
inﬂuence of taper (w) has been considered in the above
equations. Furthermore, note that the deformation within
10% strain could be simply regarded as homogeneous,
and the work-hardening parameter derived from the true
stress–strain curves could be approximately used to investigate both the intrinsic and extrinsic size eﬀects on the
deformation behaviors of nanolayered C/A pillars.
2.4. Correction of thermal drift
Because of the amount of time (750–1500 s) required
to conduct the vast majority of compression experiments,
considerable eﬀorts have been devoted to correcting for
thermal drift to improve the reliability and accuracy of
the present nanoscale deformation measurements. The
microcompression test system provides the option of an
allowable drift rate (ADR) to set the thermal stability criterion for initiating the testing. Although the ﬂat punch
indenter is in contact with the top surface under a small
constant force, the time rate of change in the displacement
must be less than the chosen value of the ADR. In the present work, the ADR was set at 0.005 nm s1, which is 20
times smaller than the typical value (0.1 nm s1) used in
the testing of ﬁlms/micropillars such that the eﬀect of thermal drift could be minimized and neglected. To achieve
even better precision of the mechanical response of the
specimens, a minimum of ﬁve eﬀective tested data were
used for subsequent analyses.
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3. Results
3.1. Microstructure of nanolayered C/A multilayers
The XRD patterns of the as-deposited C/A Cu/Cu–Zr
multilayers in Fig. 1 reveal that the multilayers exhibit
Cu (1 1 1) and Cu (2 0 0) peaks, and the Cu (1 1 1) peak
broadens with decreasing h. However, the Cu (2 0 0) peaks
remain the same, which can be attributed to the use of the
Cu seed layer. The peak intensity of glassy Cu60Zr40 is
quite low in all of the C/A multilayers, which is in good
agreement with the observed weak amorphous humps in
the monolithic amorphous ﬁlms in the diﬀraction angle
range (2h) of 35–45°.
The microstructures of the cross-sections of the C/A
multilayers were examined in detail using TEM, as shown
in Fig. 2. The bright ﬁeld TEM micrograph of the
h = 50 nm C/A multilayers reveals drastic contrast diﬀerences between nanocrystalline Cu and the amorphous
Cu–Zr layers, as shown in Fig. 2a, from which one can
clearly observe the modulated layered structure. The
selected area diﬀraction pattern (SADP) that is shown in
the inset of Fig. 2a also exhibited a diﬀuse amorphous ring.
A similar amorphous structure was observed in the
h = 5 nm C/A multilayers through HRTEM micrographs
and the fast Fourier transform (FFT) of region II (RII)
in Fig. 2b. In all of the C/A Cu/Cu–Zr multilayers, the
CAIs are quite distinguishable.
3.2. Mechanical response of nanolayered C/A micropillars
Representative true stress–strain curves for the h = 10
and 50 nm Cu/Cu–Zr pillars are presented in Fig. 3a and
b, respectively, with variation in pillar size /. The comparison of the ﬁgures clearly reveals that the smaller h or / pillars exhibit a higher ﬂow stress. Note that all of the C/A
pillars display three regimes in the true stress–strain curves,
as marked in Fig. 3a and b. Regime I is the linear elastic
regime and ends at the yield point (r0), which occurs at

A/C multilayer

Cu (111)

the strain (e) of 0.03. Regime II exhibits a strain-hardening behavior, which ends at e  0.1. By assuming that the
strain-hardening equation is still valid at the nanoscale
[40–42], the strain-hardening behavior in regime II can be
described by Ludwik’s equation, as follows [26]:

Cu (200)

Intensity (a.u.)

h = 50 nm
A/C multilayer

r ¼ K 1 þ K 2 enp

h = 10 nm
A/C multilayer

h = 5 nm
amorphous hump
Amorphous film
30

35

Fig. 2. TEM images of (a) h = 100 nm and (b) h = 5 nm for the C/A
multilayers. Inset in (a) is the SADP that reveals strong Cu (1 1 1) texture
in Cu layer. Insets in (b) are the fast Fourier transform (FFT) for the Cu
layer (RI) and amorphous layer (RII), respectively.

40

45

50

55

2θ (degree)
Fig. 1. XRD patterns for the C/A Cu/Cu–Zr multilayers and monolithic
amorphous ﬁlms.

ð3Þ

where K1 is the initial yield stress, K2 is the strengthening
coeﬃcient (i.e., the increase in strength due to strain-hardening at plastic strain, ep = 1), and n is the strain-hardening
exponent. By taking K1 = r0, Eq. (3) can be used to ﬁt the
true stress–strain curves in regime II with good agreement,
as, respectively shown in Fig. 2a and b. The strain-hardening rate, H, in this regime is then estimated by using the following equation [26,41,42]:
H¼

dr nðr2%  r0:2% Þ
¼
de
ðe2%  e0:2% Þ

ð4Þ
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Fig. 3. True stress–strain plot for (a) h = 10 nm and (b) h = 50 nm C/A micropillars with various /. Load is applied perpendicular to the layer interface.
The strain-hardening regime (regime II) is ﬁtted using Eq. (3). (c) and (d) are the strain-hardening exponent (n) and the strain-hardening rate (H),
respectively, as a function of h for the C/A micropillars with three diﬀerent /.

where r0.2% and r2% are the strengths at plastic strains of
ep = 0.2% (e0.2%) and ep = 2% (e2%), respectively. The
strain-hardening exponent, n, and the strain-hardening
rate, H, were quantitatively evaluated, and their dependence on / as a function of h is shown in Fig. 3c and d,
respectively. n is remarkably dependent on h but insensitive
to the pillar size, /. The value of n monotonically decreases
from 0.50 to 0.17 as h decreases from 100 to 5 nm
(Fig. 3c). Similarly, the strain-hardening rate, H, is also
intrinsically size-controlled and slightly aﬀected by /.
However, the variation of H with h is non-monotonic
and H reaches a maximum of 16 GPa at h  20 nm, as
shown in Fig. 3d. The Cu/Cu–Zr pillars display H values
that are considerably greater than that of the bulk Cu
(2.5 GPa [6]). In regime III, strain-softening generally occurred with strains greater than 0.1. The strain-softening
is also more pronounced when h or / are smaller. Notably,
it is intriguing to observe that no strain burst was observed
in any of the compressive curves.
3.3. Mechanical response of single-phase amorphous
micropillars
Shear banding appears to be the dominant plasticity
mode in the single-phase amorphous samples, even in the

micron- and submicron-sized micropillars, as shown in
Fig. 4. Fig. 4a presents typical true stress–strain curves of
three single-phase amorphous Cu60Zr40 pillars with /
= 600, 800 and 1200 nm. Fig. 4b–d and its insets are the
corresponding SEM micrographs of the amorphous pillars
before and after the test. A shear band is observed to initiate at the side surface and run across the entire pillar (hereafter referred to as a mature or major shear band). The
formation of such shear bands inevitably leads to a strain
burst or stress drop in the true stress–strain curves
(Fig. 4a), which is a typical deformation behavior of amorphous materials that are compressed at room temperature.
Therefore, these true stress–strain curves are characterized
by segments of elastic loadings, which cause even higher
stresses and activate shear banding events that are followed
by rapid and discrete bursts. In sharp contrast to the plastic
ﬂow of crystalline Cu pillars (not shown here) and C/A pillars where more severe deformation leads to defect accumulation and induces strain-hardening, the stored elastic
energy in the amorphous pillars is released through the discrete bursts in the small-scale deformation. The occurrence
of bursts weakens the subsequent elastic energy storage
capability. In addition, comparison among the true
stress–strain curves reveals that, with decreasing pillar
diameter, the abrupt shear processes become increasingly
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Fig. 4. (a) True stress–strain plot for the amorphous pillars with / = 600, 800 and 1200 nm and the corresponding SEM images of the tested pillars with /
= 600 nm (b), / = 800 nm (c) and / = 1200 nm (d). Inset is the corresponding SEM images of the as-milled pillar.

mild. The shear displacement in the smaller pillars proceeds
more smoothly; therefore, the stress decreases more steadily, which is in agreement with the observations of diﬀuse
SBs, see Fig. 4b–d.
3.4. Strength of nanolayered C/A micropillars and the
constituents
The plastic behavior of the C/A micropillars depends not
only on their intrinsic size but also on their extrinsic size.
Fig. 5a reveals a signiﬁcant increase in the maximum
strength, rmax (at ep  8%), when the layer thickness, h, is
reduced, which is similar to the behavior observed in the
C/C Cu/Zr pillars [26]. The diameter / dependence of rmax
is quite weak when h > 10 nm, whereas it becomes considerably stronger when h < 10 nm. This result suggests that the
extrinsic size eﬀect is remarkable only at small values of h. In
Fig. 5a, some experimental results from other studies are
also presented for comparison, including the /-dependent
strength of amorphous pillars [14,15] and the ha-dependent
fracture strength of the C/A Cu/Cu50Zr50 nanolaminates
[17]. The single-phase amorphous pillars appear to have a
/-independent strength of 1850 ± 350 MPa within the
wide / range from 100 to 1000 nm, which is considerably
greater than the reported maximum strength of pure Cu of
1250 MPa (Fig. 5b). The present C/A pillars, however,
can reach an ultrahigh strength of 4800 MPa under the

coupling eﬀect by both intrinsic and extrinsic size constraining (h = 5 nm and / = 350 nm), which is 2.4 times the
strength of the pure amorphous pillars. Note that the ideal
strength of Cu60Zr40 glass is E/30 = 3 GPa [15,17,18,
43] (see the green dash-dot line in Fig. 5a), which is still
far less than the maximum strength achieved in the nanolayered C/A pillars.
Fig. 5b presents an additional comparison between the
present C/A multilayer with various Cu structures reported
in the available literature, including single crystal Cu pillars
[44], Cu nanowhiskers [45], polycrystalline Cu ﬁlms [46,47]
and nanotwinned Cu [48]. This ﬁgure clearly reveals that (i)
the strength of polycrystalline Cu gradually increases when
the characteristic dimension decreases (diameter, /, or the
ﬁlm/twin thickness, h) to the nanometer scale and then
appears to decrease as the characteristic dimension
decreases to less than 20 nm, and (ii) only the pristine
and defect-free Cu nanowhiskers that were presented in
previous reports have a strength that is close to the theoretical upper limit. In contrast, the present C/A Cu/Cu–Zr pillars have a strength that is progressively increased with
reducing h, even down to 5 nm, when the pillar size is less
than 950 nm. At / = 350 nm and h = 5 nm, the strength of
the C/A pillar reaches 4800 MPa, which is close to the theoretical upper limit of Cu. This result indicates that the
nanolayered structure may oﬀer signiﬁcant beneﬁts for
extending the strength limit of Cu, which provides an

J.Y. Zhang et al. / Acta Materialia 60 (2012) 7183–7196

7189

Fig. 5. (a) Dependence of the maximum strength of C/A pillars on pillar diameters as a function of amorphous layer thickness (ha). For comparison,
others’ reports on the ha-dependent fracture strength of C/A Cu/Cu–Zr nanolaminates (Kim et al. [17]) and diameter /-dependent yield strength
amorphous pillars (Kuzmin et al. [14] and Jang et al. [15]) are also included in this ﬁgure. The conﬁned layer slip stress (rcls) for dislocation glide in the Cu
layer and the required stress (rpro) for SB propagation in the amorphous layer as well the ideal strength of amorphous Cu60Zr40 are also plotted. (b) The
maximum strength of C/A pillars as a function of layer thickness and that of polycrystalline Cu pillars as a function of diameter. Also presented in this
ﬁgure are the reported strengths of single crystal Cu pillars [44] and Cu whiskers [45] as a function of diameter, Cu thin ﬁlms [46,47] as a function of ﬁlm
thickness and nanotwinned Cu [48] as a function of twin thickness. Regime I (RI) and regime II (RII) represent shear band deformation and
homogeneous-like deformation, respectively.

eﬀective route for developing advanced ultrahigh-strength
materials.
3.5. Deformation behavior of the nanolayered C/A
micropillars
Fig. 6a–h and their insets present SEM images of C/A
micropillars with diﬀerent h and/or / before and after compression. After compression, the h = 10 and 5 nm pillars

display shear deformation across the compression plane
without signiﬁcant extrusion, which is indicative of a shearing regime at h 6 10 nm. From the SEM/FIB micrographs,
note that as / decreases from 950 to 350 nm (or b increases
from 2.12 to 5.67), there is an apparent transition in the
shearing mode from highly inhomogeneous shear (pillar
sheared within a mature/major SB [13]) to relatively homogeneous shear (pillar sheared at the rounded top part [13])
at this shearing regime. In other words, the well-developed
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Fig. 6. Typical SEM images of nanolayered C/A micropillars with four diﬀerent h after the uniaxial compression tests. (a) / = 350 nm and (b) / = 950 nm
micropillars with h = 5 nm show barreling of the micropillar and extrusion of individual Cu layers; (c) / = 350 nm and (d) / = 950 nm micropillars with
h = 10 nm show squeezing and shearing of the pillar; and (e) / = 350 nm and (f) / = 950 nm micropillar with h = 20 nm, and (g) / = 350 nm and (h) /
= 950 nm micropillars with h = 50 nm show shear deformation. Inset is the corresponding SEM images of the as-milled pillar.
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major SB with a sharp leading front at large / (or small b)
is gradually changed to shear deformation with rounded
leading fronts at the upper part of the pillars. It is suggested that the deformation mode of the C/A micropillars
can be simultaneously inﬂuenced by h and / at small
h 6 10 nm. Similar phenomena have also been observed
in C/C Cu/Zr [26,41], Al/Pd [49] and Cu-based amorphous
[13] pillars. These results indicate that the shear deformation in the larger pillars is controlled by nucleation of the
SBs, but it becomes controlled by propagation in the smaller pillars [13,26].
In contrast, all of the h > 10 nm pillars exhibit plastic
barreling and extrusion of soft Cu layers after compression,
which have been demonstrated by careful microstructural
examinations. Fig. 7a is a SEM/FIB image of the
h = 50 nm C/A pillar that was compressed to 20% strain.
Energy analysis at a point of the most upper extrusion
layer reveals that the area is predominantly composed of
elemental Cu, as shown in Fig. 7b. Additional SEM/FIB
cross-sectional images also demonstrate that the thinning
of the soft Cu layers dominates the plastic deformation
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process, whereas plastically deforming the hard, amorphous Cu–Zr phase is diﬃcult (see Fig. 7c and d). Fig. 7c
and d also reveals that the extrusion of the Cu layers is
favorably homogeneous, not only within a single layer
but also among diﬀerent layers from the top to the bottom.
The taper morphology thus has a minor eﬀect on the deformation behaviors of the nanolayered C/A pillars, which
may be due to the very small taper angle. Another important conclusion that one can draw is that the homogeneous-like deformation in the h > 10 nm pillars is
predominantly intrinsic size h-related and insensitive to
the extrinsic size /, which is in agreement with Fig. 6e–h.
4. Discussion
4.1. Size eﬀect on the deformation behaviors of C/A
micropillars
4.1.1. Strain hardening behaviors
The strain-hardening exponent (n) is an important parameter that signiﬁes the strain-hardening or work-hardening

Fig. 7. (a) SEM micrograph showing the Cu/Cu–Zr pillar compressed to 20% strain, (b) the energy point analysis proving the extruded materials is Cu,
(c) the cross-sectional image of the FIB-ed deformed pillar (with 45° direction to the normal of the pillar top surface, see the inset), showing the layered
structure and uniformly thinned Cu layers, and (d) the energy mapping analysis of three diﬀerent regions (R1, R2, R3), proving that uniform thinning and
extrusion of Cu layer. R1 is the extruded Cu, R2 is the amorphous Cu–Zr layer and R3 is the Cu layer.
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characteristic of a material [40,50]. In the present nanolayered C/A pillars, n is controlled by the intrinsic rather than
the extrinsic size. As shown in Fig. 3c, n monotonically
decreased with decreasing h. This trend is analogous to that
observed in polycrystalline Cu [48], nanolayered Al/TiN
[42] and Cu/Zr [26,41] pillars. Therefore, the uniform
deformability of the multilayers is suggested to monotonically decrease with reducing h [40], which is consistent with
the SEM observations presented in Fig. 6. In larger sized
metals (e.g., bulk metals), a high value of n was attributed
to the multiplication and interactions of dislocations and
the high dislocation storage capacity [6,51]. In contrast,
in smaller sized metals (e.g., nanocrystalline metals), a
decrease in the n value has been generally observed. This
behavior can be interpreted in terms of the weak dislocation interactions and diminished dislocation accumulation
because the dislocation emitted from the boundaries can
easily move across the grain interior and be absorbed by
the opposite boundaries [52,53]. In Fig. 4c, n is observed
to be independent of the extrinsic size /, which indicates
that the dislocation interaction or dislocation density
changes slightly as / is varied at a given h. Speciﬁcally,
the Cu/Cu–Zr pillars exhibit relatively higher n values at
h > 20 nm, which are almost equal to that of bulk Cu
(0.4–0.5) [54,55]. However, below the critical transition
size of h  10–20 nm, the value of n is extremely low and
even approaches that of the nanocrystalline metals
(0.1–0.2) [48]. This result is most likely arises because
the dislocations are nucleated from diﬀerent sources (e.g.,
from volume sources or from surface/interface sources
[56]) within the two regimes above and below the transition
size of h  10–20.
The strain-hardening rate (H) is another important
parameter for characterizing the strain-hardening behavior
of metals, which is closely linked to the stored dislocation
density (q) [6,7]. It is quite interesting to observe that the
intrinsic size-dependent H initially increases with decreasing h and reaches a maximum at the critical size of
h  20 nm, below which H decreases with further reducing
h (Fig. 3d). A similar inverse h eﬀect on H has also been
observed in previous reports, including in pure Cu ﬁlms
[47] (with thickness ranges from 20 to 800 nm) and Cu/Zr
multilayers [26,41] (with h from 5 to 100 nm). In the regime
h P 20 nm, the increased dislocation–interface interactions
cause the increase in H with reducing h, below which the
dislocation cross-slip lowers H [26]. The underlying physical mechanism for this behavior is the h-dependent dislocation storage capacity, which has been quantitatively and
simply explained in terms of a reduced dislocation storage
rate [41].
4.1.2. Strain softening behaviors
Strain-softening behavior is generally observed in the
stress–strain curves of the C/A micropillars, i.e., regime
III. Although the shear-banding mechanism can be used
to well explain the softening behavior of smaller h C/A

micropillars [26] (and the amorphous pillar [1–5,9,10]), it
does not work at larger sizes of h > 10 nm because the
shear deformation is now suppressed. In this case, the softening phenomenon is most likely caused by the reduction
in dislocation density, which occurs through dislocation
annihilation at large strains or the so-called work-softening
[57,58]. The rationale behind this argument is that the
amorphous layers can signiﬁcantly impact the dislocation
structures that formed in the nanocrystalline layers, as proposed by Wang et al. [22]. The authors have experimentally
observed [22] that the C/A Cu/Cu–Zr nanolaminates possessed an exceptional tensile elongation of 14%. It was
then postulated that the interplay between nanocrystalline
layers and the nanoscale metallic glass may be the primary
reason for the considerably enhancement in ductility,
which was subsequently conﬁrmed by molecular dynamics
simulations. The simulation results [22] clearly revealed
that the large defect cluster that evolved out of the amorphous phase was stopped by the nanocrystalline layers
before it reached maturity. At the same time, the dislocation structures and geometric incompatibilities in the nanocrystalline layers were disturbed and dissolved by the
amorphous layers. It was revealed that the CAIs can act
as natural sinks for dislocations and absorb the dislocation
content in the nanocrystalline Cu formed during plastic
work. This process will cause a signiﬁcant decrease in the
amount of dislocations or the dislocation density and cause
the work-softening, as observed in the present nanolayered
C/A pillars. Note that near-perfect elastoplasticity was
observed in the experiments reported by Wang et al. [22],
whereas work-softening is observed in the present experiments. This discrepancy can be related to the diﬀerence
in the relative content between the two constituent phases.
In the work by Wang et al. [22], the nanocrystalline Cu layers have a thickness that is approximately seven times
greater than that of the amorphous layers. The near-perfect
elastoplasticity observed by Wang et al. hints that the
newly activated dislocations in the nanocrystalline layers
should be in equilibrium with those accumulated in the
ACIs or absorbed by the amorphous layers. When the relative thickness of the amorphous (or crystalline) layers is
increased (or decreased), the dislocation absorption/accumulation capability sharply overwhelms the dislocation
activation capability, which results in reduced dislocations
and work-softening. This behavior is the case in the present
work, where the modulation ratio between the Cu layers to
Cu–Zr layers is only 1, which is considerably less than the
value of 7 that was reported by Wang et al. [22]. Therefore, the fraction- or h-related dislocation-absorbing ability
of the amorphous layer is also a reasonable explanation for
another important ﬁnding in the present work: the worksoftening is more severe for thinner values of h. Because
more CAIs are present in the smaller h multilayers, the
absorbing capability of the dislocations will be signiﬁcantly
enhanced and the dislocations should be further reduced in
the nanocrystalline layers.
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4.2. Strength of the C/A micropillars
Plastic deformation in nanolayered materials is distinct
from that in single-phase ﬁlms because of the presence of
abundant hetero-phase interfaces. The high strength of
C/A multilayers can be attributed to the hetero-phase
interfaces constraining the dislocation activities. In the
metallic multilayers composed of soft/ductile layers and
hard/brittle layers, plastic ﬂow is controlled by the soft/
ductile phase [25,26,33,42]. In the present nanostructured
C/A multilayers, the stress required to drive a single dislocation glide in an isolated ductile Cu layer (deﬁned the conﬁned layer slip or the CLS model) can be expressed as
[25,26,33,42]:


l b 4  m
ah0
l b
f
rcls ¼ M

ð5Þ
þ
ln
0
8ph 1  m
Lð1  mÞ h
b
where M  3.06 is the Taylor factor; h0 = hCu/sin / is the
thickness of the layer parallel to the glide plane,
u  70.5° is the angle between the slip plane and the interface, b  0.2556 nm is the absolute length of the Burgers
vector, m  0.343 is the Poisson ratio of Cu, l* = (lA  lCu)/(VA  lCu + VCu  lA) is the eﬀective shear modulus of
the C/A multilayer and can be estimated by the shear modulus (lCu) and volume fraction (VCu) of the Cu layer and
those of the amorphous layer; the geometrical factor
a  0–1 represents the core cut-oﬀ parameter and contains
the contribution of the extrinsic size constraint eﬀect on the
strength; L is the mean spacing of glide loops in a parallel
array; and f  0.5–1.1 J m2 is the characteristic interface
stress of the C/A multilayer [59]. Taking a = 0.55,
L = 12.5 nm, l = 40.6 GPa and f = 1.0 J m2 in Eq. (5),
the CLS model yields results that are in broad agreement
with experimental data as h decreases from 150 nm to
10 nm (see dashed black line in Fig. 5a). At h values larger than 150 nm, the CLS model considerably overestimates the strength of Cu. The well-known Hall–Petch
model (dislocation pile-up strengthening mechanism) is
more applicable in this regime [25,26,33,42]. As h less than
10 nm, the inﬂuence of / on the strength is quite marked,
as mentioned in the above section. This result hints that
considering the / dependence is beyond the CLS prediction
and that the quantitative description of strength should be
expanded to include the sample size eﬀect.
The marked / dependence on strength observed at
h 6 10 nm can be explained as follows. When the intrinsic
size decreases to this scale, the probability that the smaller
volumes contain any dislocations is considerably reduced,
and eventually, the dislocation is produced predominantly
from surface/interface sources. In other words, the inﬂuence
of the surface on the dislocation structure/activities is comparable with that of interfaces, which is likely the origin of
the interplay between the extrinsic and intrinsic size eﬀects.
In contrast, the dislocation activities are predominantly controlled by the volume elements (i.e., individual grains) at
h > 10 nm, which exclusively displays the intrinsic size eﬀect.
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4.3. Size eﬀect on deformation mechanisms of C/A
micropillars
4.3.1. Homogeneous-like deformation vs shear-band
deformation
Donohue et al. [60] have reported that, by conﬁning
nanoscale glassy layers with a ductile nanocrystalline material as in multilayer structure, the formation of SBs can be
suppressed. However, two requisites should be satisﬁed, as
follows: (i) the crystalline layers are suﬃciently stiﬀ to produce a substantial elastic restoring force to counteract the
nucleation of surface steps required for extensive shear
events in the MG, and (ii) the crystalline layers are suﬃciently thin such that the dislocation pileups can be suppressed and the crystalline layers will deform together
with the high-strength amorphous layers.
When h > 10 nm, microstructural analyses reveal that
the soft Cu layers between the amorphous Cu–Zr layers
are preferentially thinned and squeezed out due to the
strength disparity between the two constituent phases. This
process is responsible for the plastic barreling observed in
the present C/A pillars, which is similar to the behavior
observed in previous C/A Cu/Cu50Zr50 pillars [23] and
C/C Al/Pd [49] and Cu/Zr [26,41] pillars deformed under
compression. The uniform thinning and extrusion of the
Cu layer can be attributed to the symmetric slip activity
of a single dislocation in the isolated crystalline layer and
the CAIs with low shear strength that are susceptible to
sliding [22,26,60]. Wang et al. [22] have mentioned that,
as the deformation begins, a few STZs could be activated
in an uncorrelated fashion inside the amorphous layers.
When a dislocation nucleated from the CAI contacts the
opposite CAI, more STZs are activated in a correlated
fashion near the intersection line between the dislocation
slip plane and the CAI [22,61]. Subsequently, the activated
STZs trigger other STZs nearby, and the entire inelastically
deformed zone gradually “diﬀuses” into the deeper amorphous region [22]. It is generally known that the spatial distribution of the STZ under applied stress determines the
deformation mode [10]. Although embryonic SB forms
when STZs are densely populated within a narrow region,
SB can only propagate when its propagation stress is
reached [13,15,62]. Within the regime of h > 10 nm, it is
clearly observed that the amorphous layer is neither
thinned remarkably nor shear fractured, even though the
layer is compressed to a high strain of 20%. This result indicates that the maximum strength of the C/A pillars is less
than that for either SB nucleation or propagation and that
the softer Cu layers bear the main plastic deformation at
h > 10 nm.
However, in micropillars with h equal to or less than
10 nm, barreling of the C/A micropillars is evident, which
is accompanied by localized shear deformation that is initiated at geometric stress concentrators, such as pillar corners. Meanwhile, the smooth surface of the compressed
C/A pillars reveals that the Cu layers were not squeezed
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out as in the large-h pillars. It is suggested that the crystalline layer and the amorphous layer co-deform as the deformation proceeds. The co-deformation between the
crystalline and amorphous layers can be attributed to the
rapid work-hardening capability of the Cu layer, which is
caused by the interaction of glide-interface dislocations
[26,40,60]. Unlike the GBs and CCIs that exhibit extreme
strain incompatibility, the strain compatibility in the C/A
pillars can be easily achieved because the STZs in the amorphous layers are omnidirectional and the CAIs have random structural variation [22]. These mechanisms are most
likely the underlying mechanisms for the uniform deformation of the C/A pillars at low strains. Nevertheless,
although the localized shear failure can be explained in
terms of the dislocation cutting across the CCIs in C/C
nanolayered Al/Pd [49] and Cu/Zr [26] micropillars at relatively high strains, this explanation is not applicable to the
present nanolayered C/A pillars because the amorphous
layers can act as natural sinks for dislocations and absorb
the dislocation content in the nanocrystalline Cu [22],
which is fundamentally diﬀerent from the crystalline layers.
In this case, the fracture of the amorphous layer most likely
promotes the shear banding in the C/A pillars because the
external stress is considerably greater than the fracture or
ideal strength of the amorphous layer.
4.3.2. Transition in the deformation modes
Next, we provide a quantitative explanation for the
experimental results that revealed that homogenous deformation occurs in the C/A pillars when h > 10 nm, whereas
shear fracture occurs when h 6 10 nm. The strength discrepancy between the two constituent layers, i.e., the nanocrystalline Cu layer and the amorphous layer, is
responsible for this transition in deformation modes. The
details of the analyses are as follows.
While the initiation of shear banding is controlled by the
shear stress (i.e., the embryonic SB forms at the yield
strength), the propagation of the SB is governed by the
stored elastic energy. To facilitate a quantitative representation of the experimental data, the present authors follow
previous energy balance models, where the shear band is
treated like a crack driven by the release of all of the stored
elastic energy in the sample body [13,15]. Assuming relations that are analogous to the Griﬃth’s crack equation,
the critical stresses necessary to drive a SB was derived to
be:
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
pﬃﬃﬃ
2 2CE
rpro ¼
ð6Þ
h
where C  0.56 J m2 [13] is the SB energy density per unit
area, E  90 GPa is the measured Young’s modulus, and h
is the thickness of the amorphous layer. Obviously, the
stress required to drive a SB propagation (rpro) increases
with decreasing characteristic length (h); see the solid red
line in Fig. 5a. Assuming that rpro has a value equal to
the lowest MG yield strength of 1500 MPa, the intersec-

tion between the rpro –ha curve and the lower bound of the
MG yield strength range yields a critical size hcri 60 nm.
This size is the critical characteristic dimension where the
deformation mode of the amorphous layer (not the whole
pillar) transitions from instantaneous localized shear to
homogeneous deformation, with the value consistent with
other results [11,13,15–17]. When the characteristic dimension is larger than hcri, the amorphous instantaneously fails
by shear-band formation, which makes elastic loading followed by catastrophic failure the dominant deformation
mode. When the characteristic dimension is small (<hcri),
any formed embryonic SB remains stable at the stress required for homogeneous deformation; therefore, homogeneous deformation of the amorphous pillars (not the
whole pillar) prevails.
However, when the amorphous layer thickness (ha) is
suﬃciently thin, no STZ will grow into a mature SB, as
proposed by an aged-rejuvenation-glue-liquid SB model
[22,63,64]. This model predicts that the size of the stressed
metallic glass region must exceed an incubation length scale
hinc to develop STZs into mature SBs:
hInc: ¼

nc2v ðT g  T env Þ2
s2glue cs

ð7Þ

where n is the metallic glass’s thermal diﬀusivity, cv is its volumetric speciﬁc heat, Tenv  300 K is the ambient temperature, Tglue  0.01E as evaluated from both experimental
data and molecular dynamics (MD) simulations [63,64]
and cs = (l/q)0.5 is the shear wave speed. For the present
amorphous Cu60Zr40, Eq. (7) gives hinc  10 nm. Similar
results have been claimed by Cheng et al. [18], where at least
5 nm in size is required for developing an unconstrained SB.
Therefore, one can envision that, if the characteristic microstructure size is smaller than the critical size hinc  10 nm, it
is diﬃcult to develop SBs. Extra stress is progressively required for further deformation of the C/A pillar until to ﬁnal failure. This reason is why the C/A pillar can achieve a
ultrahigh yield stress close to the ideal strength of Cu [45].
Experimental examinations of SBs in bulk metallic glasses
also indicate that they have a characteristic thickness of
10–100 nm [1–3,8–10,65,66]. These results, to a certain extent, support the fact that when the thickness of amorphous
layer (ha) is smaller than the intrinsic length scale
hinc  10 nm, a diﬀerent mechanical response, i.e., the ceiling strength, may be expected. Because the maximum
strength exceeds the ideal strength of the Cu60Zr40 glassy
material, the amorphous phase will break. Therefore, we
can naturally understand why the shear banding becomes
so favorable in C/A pillars below this critical size hinc, even
though no SBs will form in the amorphous layers. It is also
interesting to observe that hinc appears to exhibit a fair
agreement with the deformation mode transition size
10 nm. The coincidence between above two critical sizes
implies a potential natural correlation between STZ-mediated activities (STZ spread-out action and STZ percolation/collection) and the deformation modes.
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At present, the size-dependent deformation modes and
the transition between them can be well comprehended
by referring to Fig. 5a. In this ﬁgure, there are two h-dependent strength curves (i.e., the rcls for dislocation motion
and the rpro for SB propagation) and two h-independent
strength/strength ranges (i.e., ideal strength of the
Cu60Zr40 glassy material and the yield strength range of
the amorphous layer). As previously mentioned, the intersection between the CLS curve and the ideal strength of the
Cu60Zr40 glassy material results in a critical size of hinc.
This critical size divides the strength-layer thickness map
into two regimes, RI and RII. For the C/A pillars where
h falls into the RI regime, the SBs cannot form and shear
failure will eventually be triggered once the applied stress
reaching/exceeding the ideal strength of amorphous
Cu60Zr40. Nevertheless, in the RII regime, all of the C/
A pillars will display homogeneous-like deformation
because their maximum strength is less than the strength
ceiling of Cu60Zr40. The glassy phase can deform through
SB activities but will not fracture, permitting spatiotemporal deformation of nanocrystalline Cu. In addition, the RII
regime is divided into two sub-regimes (i.e., RII-1 and RII2) by a second critical size, i.e., hcri  60 nm or the intersection between the CLS curve and the lowest amorphous
yield strength. In the RII-1 regime of hinc < h < hcri, the
SBs, although can be formed, will be strongly constrained
by the deformation of Cu layers. Because the crystalline
layer strength and the SB propagation stress are comparable within this regime, the propagation of SBs will be eﬀectively suppressed. This behavior can lead to macroscopic
homogeneous-like deformation in the nanolayered C/A pillars. In the RII-2 regime of h > hcri, the maximum strength
of C/A pillars will be less than the yield strength of the
amorphous phase. No yielding in the amorphous phase
hints that there is no possibility to form SBs. Therefore,
the crystalline layer is uniformly thinned via symmetric slip
activities on multiple slip systems. At this stage, one can
state that the deformations in the RII-1 and RII-2 regimes,
both are homogeneous-like, have diﬀerent mechanisms.
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appears to increase in a “smaller is stronger” fashion,
which can be broadly described using the conﬁned
layer slip model. When h is reduced to less than
10 nm, the deformation mode of the C/A micropillars transitioned from homogeneous extrusion/barreling to localized shear banding, which is also
extrinsic size-dependent. The larger pillar is ready to
highly inhomogeneous shear, whereas smaller pillar
is preferable to relatively homogeneous shear.
(2) The interplay between the intrinsic and extrinsic size
eﬀects induces an ultrahigh strength of 4800 MPa
in the nanolayered C/A micropillar with h = 5 nm
and / = 350 nm. This strength is considerably larger
than the ideal strength of the Cu60Zr40 glassy material and also close to the ideal strength of Cu.
(3) Due to the existence of nanocrystalline layers, the
shear banding instability no longer aﬄicts the nanoscaled amorphous layers, which act as high capacity
sinks for dislocations that contribute to the work-softening. At the same time, the CAIs exhibit unique strain
compatibility, which enables the C/A micropillars to
homogenously deform to ultrahigh strain (>30%).
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5. Conclusions
Systematic investigations have been performed to study
the intrinsic size (h) and extrinsic size (/) eﬀects on the
compressive deformation of nanolayered crystalline/amorphous Cu/Cu–Zr micropillars within wide ranges of h and
/. The results clearly provide deep insights into the size
eﬀect on the deformation behavior and the ductile crystalline layer constraining eﬀect on the brittle amorphous layer
on the formation/propagation of shear bands. The primary
ﬁndings can be summarized as follows:
(1) The mechanical response of the C/A micropillars
shifted from initial intrinsic size-controlled strainhardening to shear-softening at small h or to worksoftening at large h. The size-driven strength of the
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