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Room temperature creep behavior of free-standing Cu films with
bimodal grain size distribution
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The creep behavior of free-standing Cu films with bimodal grain size distribution was investigated at room temperature. It is
found that the higher loading rate, the greater the primary creep strain rate and the smaller the steady-state creep strain rate. This
unique creep behavior was explained by considering the competition between dislocation activities and dislocation stress fields.
Given the grain size distribution, a modified phase-mixture model is proposed to predict the scaling behavior of creep rate and
applied stress.
� 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Nanocrystalline (NC) metals with superstrength rep-
resent one class of promising structural materials but of-
ten suffer from low ductility [1–4]. Concomitantly, some
newer strategies [5–10] have been tried out to overcome
the Achilles’ heel of NC materials, namely low ductility,
among which manipulation of microstructural features
in materials with bimodal d-distribution is a promising
approach to dealing with Valiev’s “paradoxon” [7].
For the materials (Cu) with micron-sized grains embed-
ded inside a NC matrix, the matrix grains retain high
strength (�350 MPa), while the bimodal distribution
microstructure induces strain-hardening mechanisms
that contribute to the extraordinary tensile ductility
(�30% uniform elongation) [7].

Although the optimization of strength and ductility
in NC metals embedded with larger grains
(d > 100 nm) has led to new possibilities for mechani-
cally improved structural materials, the benefits of NC
materials are offset by the increased strain-rate sensitiv-
ity and increased creep rates compared to materials with
greater grain size [1]. The plastic deformation of NC
metals is severely influenced by the strain rate due to
competing mechanisms of dislocation plasticity at high-
er strain rates and creep mechanisms at lower strain
rates [3,10,11]. These unique behaviors are different
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from those for coarse-grained metals since grain bound-
aries (GBs) play an important role in dislocation activi-
ties at the nanoscale [12,13]. However, the loading/
strain-rate effect on rate-controlled and time-dependent
behavior, e.g. creep, of metals with bimodal microstruc-
ture is still unclear, in particular at room temperature.

On the other hand, the mechanical properties of thin
films are often experimentally tested and theoretically
analyzed on a substrate [14–17]. The constraint imposed
by strong bonding between film and substrate implies that
no sliding can occur at the film–substrate interface
[18,19]. An additional constraint is that material trans-
port may not proceed in the substrate, and diffusion there-
fore stops at the film–substrate interface [15]. To separate
intrinsic thin-film properties from substrate contribu-
tions, experimental and analytical studies on free-stand-
ing thin films are of great importance. In this paper, we
report that in free-standing Cu films with bimodal grain
size distribution, faster loading rates result in greater pri-
mary creep strain rates and smaller steady-state creep
rates at room temperature. The scaling behavior of stea-
dy-state creep rate with applied stress is quantitatively
predicted by a modified phase-mixture model.

Ten micrometers thick Cu films with bimodal grain
size distribution (�40 and �220 nm) were produced on
stainless steel substrate by an electrodeposition
technique from an electrolyte of tartrate composed of
KNaC2H4O, CuSO4, ZnSO4, NaOH at pH 12.4 and a
temperature of 40 �C. The stainless steel was electropo-
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lished by an electrolyte of 50% ethyl alcohol and 50%
phosphoric acid under a direct current density of
15 A dm�2 before the electrodeposition. The pulse
parameter for electrodeposition was ton:t = 600 ls:60000
ls, and the current density was 0.375 A dm�2 with a mag-
netic stirring in order to obtain high-purity Cu films.
After deposition, the film could be easily peeled from
the substrate to yield free-standing Cu films with no evi-
dence of damage introduced by the removal process, as
verified by the scanning electron microscope observa-
tions. Free-standing Cu films were then electrodischarge
machined (EDM) into dog-bone-shaped tensile samples
with a gage length of 20 mm and width of 3 mm. At room
temperature, uniaxial tensile testing was performed using
a Micro-Force Test System (MTS� Tytron 250) at con-
stant loading rates spanning from 0.5 to 50 mN s�1. The
creep tests were then performed under a load-control con-
dition (covering a range from 100 to 230 MPa). Force–dis-
placement data were automatedly recorded by the system.

The X-ray diffraction pattern of the free-standing Cu
films reveals a strong h111i peak followed by a weak
h200i peak, indicative of random in-plane orientations.
Transmission electron microscopy (TEM) observations
showed the Cu films to have a broad d-distribution
spanning from 20 to 260 nm (see Fig. 1). A statistical
analysis of about 600 grains indicated that free-standing
Cu films exhibit two peaks (i.e. bimodal distribution) of
grain volume fraction at average sizes of 100 and
220 nm, respectively, as displayed in Figure 1c. It should
be noted that at such small grain sizes, almost no dislo-
cation sources are contained within the grain interior.
Dislocations are emitted from the GBs much more read-
ily at the submicron and nanoscale, run across the grain
interior and are absorbed by opposite GBs [12,13].

Figure 2a shows the creep strain (rate) as a function of
time for a selected loading rate�50 mN s�1 and at a stress
level r � 200 MPa in the holding regime. It appears that
the creep strain rate (left Y-axis) sharply reduces and enters
the steady creep stage while the creep strain (right Y-axis)
monotonically increases with increasing time. Figure 2b
demonstrates that the steady-state creep strain rate (_eSC)
is a strong function of loading rate at different stress levels.
It is found that the _eSC monotonically increases with
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Figure 1. (a) Typical plan-view TEM image of free-standing Cu films.
Bottom inset is the corresponding selected-area diffraction pattern
(SADP) and upper inset is an optical image of the as-deposited free-
standing Cu films peeled off from substrate; the statistical results of (b)
number fraction and (c) corresponding volume fraction of grains at
various sizes. Inset in (b) shows the statistical results for larger-sized
grains.
increasing stress level, similar to that of Au films [19].
(The primary creep strain rate _ePC, at the initial moment
of the holding stage, behaves the same way.) Interestingly,
in sharp contrast with _ePC, _eSC monotonically increases
with reducing loading rate (see Fig. 2c). In other words,
the lower the loading rate, the greater _eSC, contrary to
_ePC. These findings can be rationalized by considering the
two competing effects between the dislocation (nucleation
and motion) activities and the intensity of dislocation
stress field caused by accumulation of dislocations. The
former is determined by the external stress, while the latter
is determined by the competition between the accumula-
tion of inserted/absorbed dislocations and the reduction
in their stress field as a function of time, probably by diffu-
sion, at least for non-screw dislocations [20,21].

As the sample is stretched faster to a constant stress
level, more dislocations nucleated from the GBs are
stored in the larger-sized grain interior instead of being
absorbed by the opposite GBs [22] during the loading
stage. During the primary creep stage, more dislocation
pile-ups (and dislocations partly inserted in GBs) in lar-
ger grains would therefore lead to higher stresses on the
leading dislocation, pushing it completely much more
easily into the GB [20]. On the other hand, dislocation
pile-ups or storage in GBs causes high repulsive stresses
(fields) on the subsequent approaching dislocations and
also influences dislocation nucleation and emission [20].
This in turn lowers the creep strain rate effectively. In this
stage, however, the process of dislocation absorption sig-
nificantly overwhelms the process of stress relaxation. As
time elapses, more dislocations nucleate and accumulate
at the GBs. This builds even higher stress fields instead of
releasing stress concentrations, hindering the absorption
of subsequent dislocations by GBs and finally reaching
the steady-state creep stage. It is proposed that when
these two dynamic processes balance, the creep strain
rate eventually reaches a minimum and becomes near
constant _eSC. Although individual dislocations dissolve
in GBs in a few tens of seconds, even in a few minutes,
their long-range stress field should remain large enough
to repel other arriving dislocations [20,21]. In this regard,
the higher stress fields (corresponding to faster loading
rates) formed in the primary creep stage are more diffi-
cult to relax, which results in smaller _eSC .

In contrast, at slower loading rates more dislocations
are absorbed by the GBs, creating higher stress fields/
concentrations [20]. This is because slower loading rates
provide sufficient time for the absorption of disloca-
tions, leading to a much more severe stress field/concen-
tration [22]. The heavier accumulation of dislocations,
which generates higher repulsive stress, can effectively
obstruct and eventually halt the processes of nucleation
and emission of new dislocations from the GB. It results
in a relatively lower creep strain rate during primary
creep stage compared with the films that are loaded fas-
ter. In addition, the higher stress fields formed during
the loading stage at a slower loading rate are likely to
be relaxed faster than the ones formed at a faster load-
ing rate. This is because fewer new dislocations are ab-
sorbed by GBs even with the assistance of external
stress. With the passage of time, more dislocations are
stored in the GBs, accompanied with the increased stress
fields, which in turn obstructs, or even halts, the further
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Figure 2. (a) The steady-state creep strain rate _eSC (left axis) and creep
strain (right axis) as a function of creep time. (b) The _eSC as a function
of loading rates at different stress levels. (c) The _eSC (left axis) and
primary creep strain rate _ePC (right axis) as a function of loading rates.
(d) A comparison of _eSC for present Cu films with d = 30 nm NC Cu
[28] and d = 80 nm NC Al films [11] as a function of stress at room
temperature. The purple solid line, red dashed line and black short
dashed line are calculated from Eq. (6), Eqs. 4 and 5, and Eq. (4),
respectively. Inset in (d) showing the stress exponent n � 3.07 is
obtained from the logð_eSCÞ � logðrÞ plot.
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emission of dislocations during the primary creep stage
[20,21]. Although the steady-state creep is finally
achieved in a similar way to that described above, these
processes can result in greater _eSC in this stage. Thus, the
loading history significantly affects _ePC and _eSC by chang-
ing the magnitude of the dislocation stress fields/concen-
trations. However, it should be pointed out that GB-
mediated processes such as GB sliding and grain rota-
tion and diffusion processes probably contribute to
creep rate, since there is a high fraction of nanosized
grains in the present free-standing films.

Figure 2d presents a typical _eSC � r curve of Cu films
with bimodal grain size distribution at a loading rate of
�50 mN s�1, from which the stress exponent, n, is �3.07
can be determined based on the equation: _eSC ¼ C1rn,
where C1 is a constant (see the inset; at other loading
rates n � 3 is also obtained). This value of n � 3 is much
greater than the exponent predicted from the GB sliding
mechanism �2 (see Eq. (5) below) [23] and from the dif-
fusion creep mechanism �1 (see Eq. (4) below) [24] (i.e.
Coble creep [25] and Nabarro–Herring creep [26,27]), as
the dislocation mechanism contributes to the creep
behavior of the present Cu films. In addition, the _eSC

monotonically increases with increasing stress, consis-
tent with other reported d = 30 nm NC Cu [28] and
d = 80 nm NC Al films [11]. Nevertheless, there is differ-
ence in the magnitude of room temperature _eSC among
the present Cu, NC Cu and NC Al. This is probably
caused by the internal feature size and external thick-
ness, loading rates, stacking fault energies, etc.

Following the spirit of Kim and Estrin [3], we em-
ployed their phase-mixture model which is able to pro-
vide a conclusive description of the deformation
mechanism and mechanical properties of nanostruc-
tured materials, in order to fully understand the creep
behavior of the present Cu films (for a review of the
phase-mixture model, see Refs. [3,4] and references here-
in). The underlying concept in these “phase-mixture”
models is that the grain interiors (GIs) are considered
collectively as one phase, while the GBs are considered
as a separate second phase. Here, we share the view that
the GB diffusion and GB sliding “are closely connected
and, perhaps, represent one and the same deformation
mechanism” [3,4]. Furthermore, the stress in each of
the two components (i.e., rGB for the GBs phase and
rGI for the GI phase) of the “composite” is calculated
based on the assumption that the strains in both phases
are the same and are equal to the macroscopic strain e
[3,4]. The stress, determined by the rule-of-mixtures in
the isostrain case, reads:

r ¼ fGBrGB þ fGIrGI

¼ 3d2w� 3dw2 þ w3

d3
rGB þ 1� w

d

� �3

rGI; ð1Þ

where w is the GB width. In addition, we assume that
dislocations nucleate from GBs and propagate across
grains before being absorbed at the opposite bound-
aries. Under such conditions, it is reasonable to assert
that the dislocation density (q) contributing to deforma-
tion will scale with the number of nucleation sites (MS)
per unit GB area A [24], which is strongly dependent on
the external stress, and can be expressed as:

q ¼ C2MS ¼ C3f ðrÞ; ð2Þ
where C2 and C3 are constants, f ðrÞ / 1

sm
2alb

d þ
c
b

� �
is the

partial dislocation nucleation stress dependence for the
present grain size range (�20–260 nm) [12,13] which
incorporates any possible stress dependence of MS,
and s is the Schmid slip factor, m is stress concentration
factor (�2–4), l is the shear modulus, c is the stacking
fault energy, the parameter a is of the order of unity
and reflects the character of the dislocation and contains
the scaling factor between the radius of curvature of the
dislocation and grain size, and b is the magnitude of the
Burgers vectors of the Shockley partial dislocation.
Therefore, the contribution of dislocation glide to the
creep rate of the GI phase (_eGI ¼ _eDis þ _eDif ) can be
examined in terms of the Orowan equation [29]:

_eDis ¼ qb
L
d

vC ¼ C3fðrÞb L
d

vC

¼ bb
sm

2alb
d
þ c

b

� �
XrGIDL

ldkT
; ð3Þ

where L is the dislocation glide distance, d is the disloca-
tion climb distance, DL is the lattice diffusion coefficient,
X is the atomic volume, k is the Boltzmann constant, T
the absolute temperature, ld ¼ ðb=2pÞ logðR=bÞ, and R is
the external radius of a cylindrical crystal containing a
dislocation whose line lies along the cylinder axis.

In parallel, the diffusion-controlled mechanism for the
GI phase is a combination of the Coble creep and the
Nabarro–Herring creep mechanisms. Accordingly, the
contributions of these two diffusion mechanisms to the
creep strain rate for the GI phase can be written as [3]:

_eDif ¼ 14p
XrGI

kT
w
d

DGB

d2
þ 14

XrGI

kT
DL

d2
; ð4Þ
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Where DGB is the self-diffusion coefficient or GB diffu-
sion and w is the GB width. Furthermore, the diffu-
sion-controlled plastic flow of the GB phase was
considered. The corresponding creep strain rate is given
by [3,30]:

_eGB ¼ n
XrGB

kT
DGB

d2
¼ 2� 105DGB

lb
kT

b
d

� �3 rGB

l

� �2

; ð5Þ

where n is a numerical coefficient, and other symbols
have the same meaning as above.

However, all the above equations are assumed to be
the flow stress of the given grain (the smaller dimen-
sion/highest constraint determines the flow stress) and
do not predict accurately the scaling behavior between
_eSC and stress in the present Cu films (see black dashed
line and red short dashed lines in Figure 2d). In this
case, the bimodal distribution of grain size must be con-
sidered, and hence the creep rate (and flow stress) distri-
bution must be taken into account. Consequently, the
overall creep rate �e (and overall flow stress �r) for each
sample should be obtained by averaging and weighting
the contribution of each grain (di) by its volume (fi),
which can be written as:

�_e ¼
Xi¼N

i¼1

ðfGB�i _eGB�i þ fGI�i _eGI�iÞfi

¼
Xi¼N

i¼1

3d2
i w� 3diw2 þ w3

d3
i

_eGB�i þ 1� w
di

� �3

_eGI�i

 !
fi;

ð6Þ
where N � 13 is the number of grains in the grain size
distribution (see Fig. 1b), and _eGI�i and _eGB�i can be gi-
ven by:

_eGI-i ¼
bb
sm

2alb
di
þ c

b

� �
XrGI-iDL

ldkT
þ 14p

XrGI-i

kT
w
di

� DGB

d2
i

þ 14
XrGI-i

kT
DL

d2
i

; ð7Þ

and

_eGB�i ¼ n
XrGB-i

kT
DGB

d2
i

: ð8Þ

Taking a series of parameters: s = 0.27–0.47, m = 2–4,
b = 1.47 � 10�10 m, a = 0.5–1.5, l = 48 GPa,
c = 41 mJ m�2, X = 1.18 � 10�29 m3, DL = 2.6 � 10�20

m2 s�1, ld = b/2p = 2.34 � 10�11 m, k = 1.38 � 10�23 J
K�1, T = 298 K, w = 2b–5b, DGB = 1.38 � 10�23 m2 s�1,
as seen in Figure 2d, consideration of the grain size contri-
bution leads to a more reasonable scaling behavior of the
steady-state creep rate _eSC with applied stress r for the
present Cu films with bimodal d-distribution.

In summary, the loading history can significantly af-
fect the unique creep behavior of free-standing Cu films
with bimodal grain size distribution at room tempera-
ture, and the dislocation activities play an important
role in the creep strain rate. The modified phase-mixture
model can explain well the combination effects of grain
size and stress on the creep behavior of metallic thin
films with a broad grain size distribution.
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