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Abstract
Both the homogeneous boundaries and the heterophase interfaces play important roles in crystalline plasticity as they often serve as
obstacles for dislocation motion, as well as dislocation sources/sinks. In this work, microcompression tests were carefully performed to
explicitly identify the relevant plasticity mechanisms of nanostructured micropillars with ﬁve distinct nanostructures: (i) Cu nanotwinned
multicrystalline micropillars; (ii) Cu nanocrystalline multicrystalline micropillars; (iii) Cu/X (X = Cr, Zr) nanotwinned nanolayered
micropillars; (iv) Cu/X nanocrystalline nanolayered micropillars; and (v) Cu/Cu–Zr crystalline/amorphous nanolayered micropillars.
By characterizing their stress–strain response and evolution of strain-rate sensitivity (SRS) with strain, our ﬁndings elucidate the eﬀects
of homogeneous boundaries, heterophase interfaces and their coupling eﬀects on the plastic yield, and reveal the fundamentally diﬀerent
roles these perform in the rate-limiting process of nanomaterials. In sharp contrast to the normal strain-dependent SRS in nanostructured Cu micropillars with homogeneous boundaries that monotonically decreases with increasing strain, nanolayered Cu-based micropillars with heterophase interfaces exhibit inverse strain-dependent SRS that monotonically increases with increasing strain. These
expected (normal) and unexpected (inverse) SRSs are quantitatively explained by a dislocation model in terms of the strain-related dislocation mean free path. These ﬁndings provide valuable insights into our understanding of the fundamental roles that homogeneous
boundaries and heterophase interfaces play in plastic deformation.
Ó 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Nanomaterials, e.g. nanocrystalline (NC) metals, nanotwinned (NT) metals and nanolayered (NL) ﬁlms, oﬀer
outstanding mechanical properties compared to their bulk
counterparts making them suitable for engineering applications [1,2]. These outstanding properties are due to
the homogeneous boundaries (e.g. grain boundaries
(GBs) and twin boundaries (TBs))/heterophase interfaces
(e.g. crystalline/crystalline interfaces (CCIs) and crystal⇑ Corresponding authors. Tel.: +86 (0)2982668695; fax: +86
(0)2982663453.
E-mail addresses: lgsammer@mail.xjtu.edu.cn (G. Liu), junsun@
mail.xjtu.edu.cn (J. Sun).

line/amorphous interfaces, (CAIs)) and nanoscale eﬀects
associated with the structural peculiarities of nanostructured materials, where the volume fraction of the GBs/
interfaces is extremely high, and the intrinsic size (D,
including grain size d, twin thickness k, and layer thickness h) does not exceed 100 nm [3,4]. Manipulation of
internal feature size to control mechanical properties is
standard practice among material scientists and engineers,
since the plastic characteristics of nanomaterials are
highly sensitive to their microstructural features [1–6].
Before these nanomaterials can be used, it is crucial to
understand the roles that homogeneous boundaries/heterophase interfaces play in plastic ﬂow in light of the plasticity micromechanisms involved.
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It is well known that creating microstructures (e.g. GBs,
TBs, precipitates, dislocation forests or solute atoms) that
hinder dislocation motion results in a signiﬁcant increase
in the strengths of crystalline materials, because plasticity
depends sensitively on dislocation dynamics [1–6]. Grain
reﬁnement is a suite of metallurgical techniques used to
implement GB strengthening. The GB strengthening of
materials is usually well captured by the Hall–Petch relation [7]. In GB strengthening, the GBs act as pinning points
and impede further dislocation propagation. As the
internal size d shrinks to the nanoregime, the density of dislocation sources within a grain becomes too low to accommodate the imposed deformation, leading to mechanical
strengthening [8–10]. This dislocation-starved state implies
that the deformation mechanism must change from dislocation migration-limited plasticity to some other mechanism such as dislocation nucleation-limited plasticity
[8,9,11,12]. Along with super-strength, high strain-rate sensitivity (SRS, m) emerges in NC (non-twinned) metals, such
as Cu [13], Ni [14], Al [15] and Au [16], potentially due to
more dislocation–GB interactions. One viable route to
illustrate this complexity is to investigate the size-driven
strengths [17–20] and ultrahigh SRS [21,22] of single-crystal micro/nanopillars, both of which monotonically
increase with reduction in size D. Currently, the micromechanism of the size-dependent plastic characteristics of
micron- and submicron-sized single-crystal pillars is
believed to stem from the multiplication of dislocations
caused by the activation of internal dislocation sources
[21,23–26]. In contrast, nanosized pillars are starved of
mobile dislocations and therefore the creation of dislocations from limited internal sources is required to sustain
their plastic deformation [8,9,12,26]. One kinetic signature
of the shift in deformation mechanisms is the reduction in
activation volume (V) to as little as 1–10b3 for boundary
sources as opposed to 100–1000b3 for Frank–Read-type
bulk sources [26].
In random-oriented NT materials, the coexistence of TBs
and GBs makes the plastic deformation even more
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complicated [27]. Although embedding nanotwins into the
matrix can signiﬁcantly enhance the strengths and the
SRS of nanomaterials [28–31] in a similar way to that of
GBs, the role TBs play in other extraordinary behaviors,
e.g. substantial strain hardening [32,33], detwinning [34]
and abnormal grain growth [35], are still highly active
research topics. Most recently, to determine the origins of
the surprising mechanical properties of NT materials, Jang
et al. [30] fabricated arrays of vertically aligned singlecrystal NT Cu nanopillars. They reported that a brittleto-ductile transition occurs in samples with orthogonally
oriented TBs, and shear oﬀsets and signiﬁcant detwinning
are the dominant mechanisms in slanted TB samples [30].
Zhang et al. [36–38] have prepared NT multilayers and have
shown that the NTs can signiﬁcantly delay the onset of softening and enhance the mechanical strength of these materials.
In parallel, NL materials are attractive in many applications because they simultaneously manifest high strength
and high ductility [39–42], properties that are usually thought
to be mutually exclusive. Much work has been carried out in
the past 15 years to ascertain the scaling laws between layer
thickness and mechanical properties [36–38,43–48]. However,
the exploitation of the full potential of NLs requires a
better understanding of the eﬀects of heterophase interfaces
on plastic characteristics. Unfortunately, the complicated
interactions within NL systems obscure the individual role
of each microstructural feature.
In this work, to elucidate the speciﬁc role(s) that a particular boundary plays in plastic deformation, we investigate the SRS of ﬁve samples with distinct internal
features: (i) NT Cu multicrystalline micropillars (NTs);
(ii) NC Cu multicrystalline micropillars (NCs); (iii) Cu/X
(X = Cr, Zr) NT–NL micropillars (NTNLs); (iv) Cu/X
NC–NL micropillars (NCNLs); and (v) Cu/Cu–Zr crystalline/amorphous NL micropillars (C/ANLs), as schematically shown in Fig. 1. We attempt to identify the most
important structural features governing the plastic characteristics of these materials and to reveal the underlying
mechanisms.

Fig. 1. Schematic illustrations of (i) Cu nanotwinned multicrystalline micropillars (NTs); (ii) Cu nanocrystalline multicrystalline micropillars (NCs); (iii)
Cu/X (X = Cr, Zr) nanotwinned nanolayered micropillars (NTNLs); (iv) Cu/X nanocrystalline nanolayered micropillars (NCNLs); and (v) Cu/Cu–Zr
crystalline/amorphous nanolayered micropillars (C/ANLs).
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2. Experimental procedures
2.1. Sample preparation and microstructure characterization
The Si-supported 2 lm thick nanoscaled crystalline/
amorphous Cu/Cu–Zr multilayers with h = 100 nm and
crystalline/crystalline Cu/X (X = Cr, Zr) multilayers with
h = 125 nm were prepared by using direct current (DC)
magnetron sputtering at room temperature. To tailor the
internal structure of the Cu/X multilayers, two diﬀerent
deposition rates (1.0 and 0.2 nm s1) were chosen for the
Cu layers, while the deposition rates for the X layers were
a constant 0.5 nm s1. The X layer was initially deposited
on the substrate and the cap layer of the multilayer was Cu.
For comparison purposes, the 1.6 lm thick NT Cu ﬁlms
and NC Cu ﬁlms were also prepared. The chamber was
evacuated to a base pressure of 6.0  108 torr, and
1.0–2.5  103 torr Ar were used during deposition. The
target purities of Cu, Cr and Zr were 99.99%, 99.95%
and 99.95%, respectively. The substrate was neither heated
nor cooled during deposition. X-ray diﬀraction (XRD) was
carried out using a Rigaku D/max-RB X-ray diﬀractometer with Cu Ka radiation and a graphite monochromator.
Transmission electron microscopy (TEM) observations of
the micro- and nanostructural features in all specimens
were performed using a JEOL-2100 high-resolution electron microscope operating at 200 kV.
2.2. Fabrication of nanolayered micropillars and
nanostructured Cu micropillars
The Cu-based NL micropillars with interface planes perpendicular to the cylinder axis as well as the Cu NTs and
NCs were fabricated from the as-deposited ﬁlms using a
Helios Nano Lab 600i dual-beam focused ion beam (FIB)
system, which also allows scanning electron microscopy
(SEM) observations. The diameter of the micropillars was
chosen to be 550 ± 25 nm to restrict the height-to-diameter ratio 3 in order to avoid buckling of the sample during
compression, as schematically shown in Fig. 1. Note that
due to the limited thickness of the as-deposited ﬁlms, only
the top of the machined pillars is composed of metallic
ﬁlms, while the base consists of the substrate material (Si).
In order to minimize the potential ion irradiation damage
due to Ga ion beam and to clean any redeposited materials
from the pillar surface, the ﬁnal step of FIB milling was performed under a reduced voltage (15 kV) and current
(15 pA). Note too that we did not apply a protective coating
layer in order to avoid any contribution to the mechanical
response from foreign layers. The dimensions of the micropillars and the taper were measured by SEM. The taper
angles (w) of the pillars found to be between 2° and 4°.
2.3. Flat punch compression test
The microcompression test was performed on a
Hysitron Ti 950 with a 10 lm side-ﬂat quadrilateral

cross-section diamond indenter. The tip–pillar alignment
was undertaken with the aid of an optical microscope.
All the micropillars were compressed under strain-ratecontrolled mode up to strains (e)  15–30%, followed by
a holding segment of 5 s prior to unloading. The strain
rates ð_eÞ ranged from 2  104 to 2  103 s1. To
improve the reliability and accuracy of the present measurements, great eﬀorts were devoted to the correction
of thermal drift in the microcompression test. In the present study, the allowable drift rate was set at 0.01 nm s1,
which is 10-fold smaller than the typical value
(0.1 nm s1) used in nanoindentation compression tests.
Therefore, in the present mechanical tests, the eﬀect of
thermal drift could be neglected. Force–displacement data
were continuously recorded, and the initial geometry of
the pillar was measured from the SEM images. True
stress–strain curves were calculated using a constant volume, homogeneous deformation assumption model to
characterize the deformation behavior [49–51]. After considering the eﬀects of substrate and tapers, the true strain
eT and true stress rT are expressed as:
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where A0 is the cross-sectional area at half the initial
height (L0) of the pillar; r0 is the radius at the top of
the pillar; Lp and Ap are the ﬁnal height and average
cross-sectional area, respectively; P is the load; Ep is the
true modulus of the tested micropillars without tapers
and Emeasured is the measured modulus of the tapered
micropillars from the unloading curves; utot is the total
displacement; vm is the Poisson’s ratio of the micropillars
(0.33); ASi, LSi and ESi are respectively the average
cross-sectional area, the total length and the modulus of
the substrate Si pillar.
3. Experimental results
3.1. Microstructure of Cu nanostructures and Cu-based NL
micropillars
On the basis of the internal features in the multilayers,
the NL micropillars were classiﬁed into Cu/X (X = Cr,
Zr) NTNLs, Cu/X NCNLs and Cu/Cu–Zr C/ANLs. Typical cross-sectional TEM images of the NL samples are displayed in Fig. 2a–e. It is clearly found that the Cu layers
have 40 ± 15 nm columnar grains and the X layers have
15 ± 5 nm grains. The average grain size of Cu (dCu)
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Fig. 2. Typical TEM micrographs of (a) Cu/Cr NTNLs, (b) Cu/Zr NTNLs, (c) Cu/Zr NCNLs, (d) interfacial structure of Cu/Zr NCNLs, (e) Cu/Cu–Zr
C/ANPs and (f) Cu NTs. Insets are the corresponding selected-area diﬀraction patterns and high-resolution TEM images of nanotwins, respectively.

scales with h, while that of X (dX) is almost independent of
h. Abundant dislocations are observed within the constituent layers and at the heterophase interfaces. In all the
nanolayers, the interfaces are distinguishable without signiﬁcant intermixing. The selected-area diﬀraction patterns
also show strong Cu (1 1 1), Cr (1 0 0) and Zr (0 0 0 2) textures and amorphous nature in glassy Cu–Zr layers in multilayers, consistent with the XRD patterns. Careful
microstructure examinations give a number fraction of
nanotwins in Cu layers of about 75% in Cu/Cr NTNLs
and 48% in Cu/Zr NTNLs, both of which show an
almost identical twin thickness k  8 nm. More details

about the internal features of the multilayers can be found
in our previous work for Cu/X [39,48] and Cu/Cu–Zr
[46,52].
XRD results reveal that the NT Cu ﬁlms show a strong
(1 1 1) peak, while the NC Cu ﬁlms exhibit a polycrystalline
nanostructure with random orientations. The crosssectional TEM micrographs of the Cu NTs show that
nanotwins have an average thickness k  8 ± 3 nm, as seen
in Fig. 1f. In contrast, TEM observations show that the Cu
NCs have nanosized d  110 ± 30 nm grains. Some dislocations and planar defects are observed in the grain
interiors.
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3.2. Mechanical response of Cu nanostructures

All of the true stress–strain curves exhibit a nearly linear
elastic behavior until the initial yield point (r0) is reached
(e  0.03) followed by inelastic deformation. It appears
that a faster rate results in a higher ﬂow stress, indicative
of a marked e_ -eﬀect. Furthermore, it is noticeable that, at
low e_ , all of the compressive curves transition from initial
hardening stage to softening stage. Nevertheless, only the
strain hardening was observed in the two types of the fastest compressed Cu/Cr pillars within the studied strain
range 620%. Interestingly, it is found that a faster rate
delays the softening to a greater strain. A comparison of
Fig. 4a and b indicates that the existence of nanotwins
indeed enhances the strengths of the samples. Similar
results are found in the Cu/Zr NTNLs and NCNLs,
respectively. It is intriguing to ﬁnd that no sharp stress
drops are observed in the compressive curves of C/ANLs
(see Fig. 4c), implying that the shear banding events often
associated with monolithic metallic glasses are completely
suppressed. Likewise, the e_ -dependent strengths at diﬀerent
strains are displayed in Fig. 4d for Cu/X NTNLs, in Fig. 4e
for Cu/X NCNLs and in Fig. 4f for Cu/Cu–Zr C/ANLs,
respectively. It nevertheless appears that the strengths
monotonically increase with increasing e_ for all the NL
materials.

The representative true stress–strain curves of the Cu
NTs compressed at diﬀerent strain rates are shown in
Fig. 3a. It is noticeable that the true stress–strain curves
show a smooth transition from elastic to plastic deformation until the maximum strength is reached (at strain
e  0.06), after which the Cu NTs ﬁrst soften sharply and
then harden slowly, accompanied by some sudden stress
drops. Unlike the Cu NTs, the Cu NCs exhibit relatively
smoother plastic ﬂow without any sharp stress drops. In
addition, only the hardening-to-softening behavior is
observed in the Cu NCs, as shown in Fig. 3b. A comparison of Fig. 3a with b for Cu NTs and Cu NCs shows that
there clearly exists a rate-dependent deformation behavior
of both nanostructured Cu pillars, i.e. a faster rate leads to
a higher ﬂow stress at a plastic strain (ep) < 8%. Due to dislocation storage and interactions, the plastic mechanisms
generally evolve with ep in face-centered cubic (fcc) polycrystalline samples [53] as well as in bulk fcc single crystals
[54]; we thus plot the strengths r0.5 (at ep = 0.5%), r1 (at
ep = 1%), r2.5 (at ep = 2.5%) and r3.5 (at ep = 3.5%) against
e_ , as shown in Fig. 3c. It is found that the strengths monotonically increase with increasing e_ . A similar phenomenon
is observed in the Cu NCs (see Fig. 3d).
3.3. Mechanical response of Cu-based NL micropillars

3.4. SRS of Cu nanostructures and Cu-based NL
micropillars

Fig. 4a–c presents the typical true stress–strain curves of
h = 125 nm Cu/Cr NTNLs and NCNLs and h = 100 nm
Cu/Cu–Zr C/ANLs, respectively, at diﬀerent strain rates.

It is well established that the thermally activated mechanisms contributing to plastic deformation processes in
metals are often quantitatively interpreted by examining

(a)

1500

NTs
(2)
(1)

1000

(3)

500

-3

(1) 2x10 /s
-4
(2) 5x10 /s
-4
(3) 2x10 /s

0
0.00

0.05

0.10

0.15

0.20

900

(3)

600

-3

(1) 2x10 /s
-4
(2) 5x10 /s
-4
(3) 2x10 /s

300
0.05

True strain ε (-)

(c)

σ0.5 @ 0.5%
σ1 @ 1%
σ2.5 @ 2.5%

NTs

1800

(d)

1400

0.15

0.20

0.25

σ0.5 @ 0.5%
σ1 @ 1%
σ2.5 @ 2.5%
σ3.5 @ 3.5%
σ5 @ 5%

NCs

1200

σ3.5 @ 3.5%

1600

1000

1400
1200
-4
10

0.10

True strain ε (-)

True stress σ (MPa)

Flow stress σ (MPa)

2000

(1)
(2)

0
0.00

0.25

NCs

(b)

1200

1500

True stress σ (MPa)

True stress σ (MPa)

2000

-3

10

-2

-1

Strain rate ε (s )

10

800
600
-4

10

-3

10

-2

-1

10

Strain rate ε (s )

Fig. 3. Representative true stress–strain curves of (a) Cu NTs and (b) Cu NCs. The strengths at diﬀerent strains as a function of strain rates for (c) Cu NTs
and (d) Cu NCs.
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Fig. 4. Representative true stress–strain curves of (a) Cu/Cr NTNLs, (b) Cu/Cr NCNLs and (c) Cu/Cu–Zr C/ANLs at diﬀerent strain rates. The strengths
at diﬀerent strains as a function of strain rates for (d) Cu/Cr NTNLs, (e) Cu/Cr NCNLs and (f) Cu/Cu–Zr C/ANLs.

the SRS index, m, and the activation volume, V. The nondimensional SRS is deﬁned as [26,55]:
pﬃﬃﬃ
3k B T @ lnðrÞ
m¼
¼
;
ð3Þ
V r
@ lnð_eÞ
where r is the stress, T is the absolute temperature and kB is
the Boltzmann constant.
The SRS m as a function of ep obtained from Figs. 3 and
4 is plotted in Fig. 5a for Cu nanostructures and in Fig. 5b
for Cu-based NL micropillars, and can be compared with
those of NT Cu [56] and NL Cu/Ni [57] reported before.
It is found that the Cu nanostructures show monotonically
reduced SRS with increasing ep, consistent with the NT Cu
[56]. The SRS m of Cu NCs is far greater than that of
d = 100 nm bulk Cu (m  0.02), while the SRS m of Cu
NTs almost equals that of k = 15 nm bulk Cu within the
scatter, but is still greater than that of k = 100 nm

macroscopic samples (m  0.02). Unexpectedly, the SRS
m of NL systems monotonically increases with increasing
ep, similarly to that of Cu/Ni pillars [57]. Interestingly, it
appears that the SRS m is the largest for the Cu/Zr
NCNLs, then the Cu/Cr NCNLs, followed by the Cu/
Cu–Zr C/ANLs. Additionally, these SRS m values of Cu
nanostructures and Cu-based NL micropillars are much
greater than that of bulk Cu (m  0.006).
It is well accepted that the SRS m is inversely proportional to the activation volume (V), which can be considered as a signature of deformation mechanisms in general,
and dislocation processes in particular [26]. To gain deeper
insights into the dislocation activities and the potential
hardening/softening mechanisms, V as a function of ep is
plotted in Fig. 6a for nanostructured Cu pillars and in
Fig. 6b for NL pillars. It is found that for NT and NC
Cu pillars (Fig. 6a), V generally increases with smaller
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3.5. Deformation morphologies of Cu nanostructures and
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Fig. 5. The SRS m as a function of plastic strain for (a) Cu nanostructures, including Cu NTs, Cu NCs, nanotwinned Cu with ﬁne and coarse
nanotwins [56]; and (b) Cu-based nanolayered pillars, including Cu/X
(X = Cr, Zr) NTNLs, Cu/X NCNLs, Cu/Cu–Zr C/ANLs and Cu/Ni
micropillars [57]. The ﬁtting curves in (a) and (b) are obtained from Eq.
(9b) by using s / d and s / d  (100  ep)2, respectively.
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Fig. 7a–f and their insets present SEM images of (a) Cu
NTs, (b) Cu NCs, (c) Cu/Cr NTNLs, (d) Cu/Cr NCNLs,
(e) Cu/Zr NCNLs and (f) Cu/Cu–Zr C/ANLs before and
after compression testing at the slowest strain rate. It is
found in Fig. 7a that the upper part of the Cu NTs completely collapses with a mushroom deformation morphology. It seems that the Cu NTs with columnar grains
(with average in-plane grain size d  40 nm) split along
GBs under compression. In contrast, the Cu NCs deform
uniformly and exhibit signiﬁcant barreling. Speciﬁcally, a
series of multiple grain oﬀsets are observed in the present
Cu NCs (see Fig. 7b), similarly to d  60 nm Ni NCs [58]
and d  160 nm Cu NCs [59]. Unlike the Cu nanostructured micropillars, all the present NL micropillars display
the same deformation morphology, i.e. extrusion of soft
Cu accompanied by barreling (see Fig. 7c–f). In general,
soft-phase extrusion is unique to NL micropillars composed of soft and hard phases, and has been found in Al/
SiC [60] and Al/Pd [61] after uniaxial compression. The
deformation morphologies of all the present NL micropillars are e_ independent within this limited data set.
Furthermore, we carried out additional FIB/SEM crosssectional observations, from which one can clearly observe
that it is the Cu squeezed out of the surface rather than the
hard (X or Cu–Zr) phase, as shown in Fig. 7g and h for
Cu/Zr NCNLs and Cu/Cu–Zr C/ANLs, respectively.
Unexpectedly, some localized interfacial debonding regions
are observed only in the Cu/X NCNLs compressed at a
greater strain 30% (see Fig. 7g), while the CCIs are still
intact at a smaller strain <20%. It is found that the thickness of individual Cu layers is signiﬁcantly reduced, while
that of Zr thins slightly by 5–10 nm. In contrast, no damage or debonding regions are observed at CAIs, implying
that the interfacial slip contributes to the extrusion of soft
Cu. As well as the crystalline Cu layers, the glassy Cu–Zr
layers also thin remarkably, especially at the top of the
small-tapered C/ANLs, without formation of shear bands
(see Fig. 7h).
4. Discussion
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Fig. 6. The activation volume V as a function of plastic strain ep for (a)
Cu nanostructures, including Cu NTs and NCs; and (b) Cu-based
nanolayered pillars, including Cu/X (X = Cr, Zr) NTNLs, Cu/X NCNLs
and Cu/Cu–Zr C/ANLs.

ep, in sharp contrast with that of NL samples, showing a
monotonic reduction of V with increasing ep (Fig. 6b).
Furthermore, the values of V for both nanostructured
Cu pillars and Cu-based NL pillars are extremely small
(V < 10b3).

4.1. Inﬂuence of sample fabrication on mechanical properties
To date, FIB milling is typically used to fabricate microand nanopillars to study small-scale plasticity and size
eﬀects in uniaxial compression [19,20]. However, FIB milling can introduce defects into the milled pillars by forming
dislocation loops and surface amorphization [62,63]. Damage of this type is a known source of strengthening in bulk
single crystals, implying that FIB-fabricated pillars may be
stronger than bulk [62,63]. Therefore, as the relative surface
area to volume ratio in pillars increases with decreasing pillar size, these ion damage eﬀects become more adverse.
Several recent ﬁndings have shown the opposite trend:
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Fig. 7. Typical SEM images of (a) Cu NTs, (b) Cu NCs, (c) Cu/Cr NTNLs, (d) Cu/Cr NCNLs, (e) Cu/Zr NCNLs and (f) Cu/Cu–Zr C/ANLs after the
uniaxial compression tests. Inset is the corresponding SEM image of the as-milled pillar. Typical cross-sectional FIB/SEM images (perpendicular to the
interface planes) of the deformed (g) Cu/Zr NCNLs, showing the thinned Cu and Zr layers as well as the debonding region (indicated by a arrow), and (h)
Cu/Cu–Zr C/ANLs, showing the signiﬁcantly thinned Cu and Cu–Zr layers with intact CAIs.
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FIB-free, pristine pillars yield at near-theoretical strength
[64–66]. However, it has been shown that initially defectfree NiAl–Mo eutectic alloys undergo a signiﬁcant decrease
in strength after exposure to the FIB or pre-strain as a result
of increasing damage/dislocation density [67]. Speciﬁcally,
Jennings et al. [68] have pointed out that it is the initial dislocation density rather than the fabrication technique that
drives the size eﬀect in fcc metals [69–71]. This ﬁnding is
consistent with previous work on body-centered cubic alloy
systems [65–67], showing that the pillar strength is a strong
function of the initial dislocation density.
In our experiments, the low beam current (15 pA) used
in the fabrication process probably minimizes sample damage. Even though the same current (15 pA) was used, the
Cu NCs are rougher than the Cu NTs (nanolayered pillars
behave the same way). This result is most likely caused by
the weaker resistance of GBs to Ga+ [72]. The roughness of
the sample can lead to a broad variation in the initial stiﬀness of the material but does not signiﬁcantly aﬀect the
strength [73,74]. Indeed, we have noticed that the slope of
the loading curve is much smaller than that of unloading
curve, and that the Cu/X NCNLs and Cu/Cu–Zr C/ANLs
have similar strengths r0.5  1.5 GPa. These results agree
well with the measured hardness of the corresponding asdeposited multilayers (with the almost same hardness
4.5 GPa [52,75]) and the extrusion of Cu in NL systems.
Thus, the eﬀects of FIB milling on the mechanical properties of all the samples are likely to act in a similar way, and
their eﬀects are not considered in the following discussion.
4.2. Intrinsic size- and strain-rate-dependent dislocation
storage
The plastic deformation of crystals results from the
nucleation and motion of dislocations on crystallographic
planes. As the irreversible deformation proceeds, dislocations multiply and their mutual interactions hinder their
motion, causing the metals to become strain hardened
[76]. The strain-hardening behavior is closely linked to
the size- and rate-dependent stored dislocation density (q)
[76–78]. Considering the possible absorption of a dislocation by GBs (or interfaces) with the probability Pdis in
nanostructures [77], q can be expressed as [54,78]:
q ¼ q0 þ ð1  P dis Þqn ¼ q0 þ ð1  P dis Þep =ðbsÞ;

ð4Þ

where q0 is the density of pre-existing dislocations and
those introduced by FIB milling, roughly of the order of
1012–1014 m2, qn is the density of newly generated dislocations during plastic deformation, s is the mean free path
(the distance that dislocations travel before being frozen by
the microstructure), and Pdis can be given by [54,78]:
N J

P dis ¼ ½1  ð1  pÞ 
(


sbv )xl
ðDG þ s0 b3 Þ e_ d
¼ 1  1  exp
;
kBT

ð5Þ

where p = exp[(DG + s0b3)/(kBT)] is the probability of an
atom successfully jumping into the GB in a single attempt;
N ¼ ðsbvÞ=ð_edÞ is the number of attempted jumps by dislocation core atoms to the GB interface during a given time;
J = xl is the total number of atoms on the dislocation core
jumping into the GB, where the dislocation length l is proportional to d or h; DG is the activation energy for atomic
migration (or dislocation emission), which varies over the
range 0.6–0.95 eV [21,77], and is a decreasing function
of the eﬀective stress (or proportional to the characteristic
size d or h) [79,80]; v is the Debye frequency; s0 is the resolved shear stress; x physically corresponds to the atomic
linear density of the dislocation core and is independent of
d or h; and other symbols have the same meaning as above.
By
using
DG = 0.8 eV,
b = 0.2556 nm,
m = 7.2  1012 Hz, T = 300 K, l = d, s0 = sr0 = 41 MPa
[77], x = 6.5 atoms nm1 and Eq. (5), we ﬁnd that the critical size for Pdis = 0 decreases from 30 to 5 nm as the strain
rate increases from 2  104 to 2  103 s1. This implies
that above the critical size the storage of dislocations
within the lattice is preferred, but below this critical size
the trap/absorption of dislocations by GBs (or interfaces)
prevails [81,82]. Therefore, as the internal size is greater
than 30 nm, dislocations can accumulate in grain interiors, contributing to the hardening. It should be noted that
this model does not consider the eﬀects of dislocation pileups, more details of which can be found in Refs. [54,78].
4.3. Homogeneous TB/GB eﬀects on the SRS of Cu
nanostructures
4.3.1. Microstructures and TB/GB eﬀects on the stress–
strain response
Shifts in yield mechanisms generally result in corresponding shifts in deformation behaviors. The true
stress–strain curves of the Cu NTs show the hardening–
softening–hardening transition for the whole plastic region.
However, the rapid, large stress drops in the stress–strain
curves seen in the Cu NTs are completely absent in the
curves of the Cu NCs, which only show the hardeningto-softening transition. This suggests that the deformation
processes in the Cu NTs are very diﬀerent from those of
NCs. The small V < 10b3 indicates that the dislocations
are emitted from the GBs in the Cu nanostructures, including NTs and NCs, in agreement with the atomistic simulations [83]. The hardening behavior at the initial stage of
plastic ﬂow (ep 6 4%) can therefore be attributed to the
accumulation of dislocations and their interactions with
TBs/GBs [27,84,85]. For the intermediate strain range
(4% < ep < 10%), sharp softening emerges in the Cu NTs.
This phenomenon can be explained by considering the following two factors. First, and most importantly, the structural collapses of Cu NTs can induce sudden stress drops,
due to the operation of GB-mediated processes. Secondly,
detwinning likely occurs in Cu NTs with twin thickness
k < 10 nm, leading to stress drops [30,34,86]. The
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subsequent dislocation–TB interactions can contribute to
the enhanced strength at great plastic strains (ep P 10%).
However, at large plastic strains, only the softening
behavior is observed in the Cu NCs without great stress
drops. This behavior in the Cu NCs can be rationalized
in terms of the multicrystalline structure. That is to say,
the number of grains across the diameter in this study is
15 for the Cu NTs, while is 5 for the Cu NCs. Due to
the weak constraining eﬀect of the free surface, the high
external stress causes the GB-sliding process to be switched
on in Cu NCs, which results in the formation of grain oﬀsets (see Fig. 7b) [59,87]. Therefore, it is conceivable that
the GB-mediated mechanisms contribute to the strength
reduction in Cu NCs [58,88].
On the other hand, the SRS—the fact that materials
harden faster at greater strain rates—is better represented
by Orowan’s law [84]: e_ / qbv, where e_ is the strain rate,
q is the dislocation density, b is the Burgers vector and m
is the average dislocation velocity. In this case, in addition
to the dislocation storage, the dislocation velocity will
become important. As mentioned above, the emitted and
pre-existing dislocations can be stored within a grain with
d > 30 nm at all strain rates used here, and a higher rate
leads to more dislocations being stored [77,78]. This significantly enhances the stress level at a small plastic strain, as
predicted from the famous Taylor’s hardening law [85]. In
addition, the SRS is related to the spatiotemporal characteristics of crystal slip. In plastically deformed single crystals, internal dislocation avalanches can lead to successive
jumps in the stress–strain curves (strain bursts) [89,90].
Nevertheless, in the present Cu nanostructures the strainburst-related stress drops are eﬀectively suppressed owing
to the presence of GBs, especially at faster strain rates
[54,90].
4.3.2. Normal strain-dependent SRS
In coarse-grained fcc metals (e.g. Cu) that strengthen via
the well-deﬁned forest dislocation hardening, the SRS usually changes with ep as the microstructural features (density
or spacing of dislocations) evolve with the magnitude of
plastic deformation [53,91]. Similarly, in the present
nanomaterials, including Cu nanostructures and NL systems, the dislocation substructures may evolve with ep at
diﬀerent strain rates, supporting the strain-hardening
behavior observed in the stress–strain curves. In other
words, accumulation and interactions of dislocations (i.e.
ordinary forest hardening) probably leads to the evolution
of internal dislocation structures with ep [47,54,92], thereby
altering SRS m (see Figs. 3 and 4) [26,53,91]. Here, the SRS
of both Cu NCs and NTs increases with decreasing ep
(deﬁned as “normal” strain-dependent SRS), similarly to
bulk NT Cu (with k  15 ± 7 and k  100 ± 15 nm, respectively) [56]. Lu and coworkers [28,29] have shown that the
GBs and TBs play similar roles in the plastic deformation
of Cu. Speciﬁcally, when the NC Cu and NT Cu have a
similar internal feature size, e.g. d = k = 100 nm, they exhibit nearly identical m  0.02 [28,29]. Here, one can ﬁnd

6877

that as the sample sizes of the Cu nanostructures are
reduced to 550 nm, the m values of the Cu NCs are much
larger than those of their bulk counterparts, in sharp contrast with the Cu NTs. This is probably caused by a smaller
diameter-to-grain size ratio 5 for the Cu NCs and a larger
diameter-to-twin thickness ratio 65 for the Cu NTs.
To elucidate this strain-dependent, rate-limiting behavior, we follow the thinking of Zerilli and Armstrong [53]
by considering the length scales in NC grains during GB–
dislocation interactions (called the GBD model hereinafter), similarly to Cheng et al. [93]. In the GBD model,
SRS m can be related to an activation volume V of the
thermally activated event as Eq. (3). For fcc metals, V
can also be written as [53]:
V  ¼ bvl ;

ð6Þ

where b is the Burgers vector of the dislocations, v is the
distance (of the order of b) swept out by the mobile dislocation during one activation event, and l is the length of
the dislocation segment involved in the thermal activation
(or the Friedel sampling length that scales with the average
contact distance between two obstacles). Combining Eqs.
(3) and (6), we get:
pﬃﬃﬃ
pﬃﬃﬃ
3k B T
3k B T
m¼
¼
;
ð7Þ
rV 
rbvl
in which v is approximately constant. On the other hand,
the strength has contributions from not only the dislocations but also the GBs, and can be derived to be [93,94]:
pﬃﬃﬃ
pﬃﬃﬃ
ð8Þ
r ¼ r0 þ a q þ b= d ;
where the ﬁrst term accounts for the lattice friction, the second term arises from the Taylor equation, and the third
term stems from the Hall–Petch relation. a and b are proportionality factors. The obstacle spacing l can be viewed
as having two possible limits, l1 and l2 [93]:
pﬃﬃﬃ
l1 ¼ n= q;
ð9aÞ
l2 ¼ fd;

ð9bÞ

where n and f are proportionality factors. l1 is the controlling length scale when d and q are both large such that q
plays the dominant role. Neglecting the very small lattice
friction of fcc metals, SRS m can be expressed as:
pﬃﬃﬃ
3k B T
1
pﬃﬃﬃﬃﬃﬃ :
m¼
ð10aÞ
bv an þ bn= qd
Alternatively, l2 is the controlling length scale and is of
the order of the length of a GB dislocation source or the
spacing between the trapped dislocations and GBs in our
deformed Cu nanostructures. We thus derive:
pﬃﬃﬃ
3k B T
1
pﬃﬃﬃ :
m¼
ð10bÞ
pﬃﬃﬃﬃﬃﬃ
bv fða qd þ b d Þ
Taking d = 110 nm and s / d, we ﬁnd that the m value
calculated from Eq. (10b) changes markedly for Cu NTs
and NCs at diﬀerent strains. It agrees well with the present
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results. On the other hand, V increases with increasing ep,
but remains lower than 10b3. It is suggested that the deformation mechanisms of the present two Cu nanostructures
do not change, i.e. multicrystalline Cu pillars deform via
the operation of GB sources [26].
4.4. Heterophase interfaces eﬀects on the SRS of Cu-based
NL micropillars
4.4.1. Strain-rate eﬀects on hardening/softening behavior
The true stress–strain curves for the samples of Cu/X
NTNLs and NCNLs and Cu/Cu–Zr C/ANLs are nearly
identical in every respect, showing a smooth transition
from elastic to plastic deformation without any sharp stress
drops. In nanoscaled multilayers, it is also the multiplication and interaction of dislocations that causes the materials to be less deformable. In the present experiments, a
hardening-to-softening transition is observed in the NL
systems at low e_ , but the softening behavior is strongly
inhibited at high e_ . This is because at faster e_ more dislocations interact with each other and/or with TBs/interfaces
[78,81,82,95], which in turn retards the softening behavior.
The hardening behavior can be ascribed to dislocation storage and dislocation–interface interactions, as discussed in
Refs. [46,47,78,96,97]. In contrast, the possible mechanisms
for the softening at low e_ are as follows: (i) the annihilation
of dislocations as well as the operation of GB-mediated
processes can lead to softening [46,47,96,97]; and (ii) the
detwinning process in the NTNLs likely results in losing
the TB strengthening eﬀect [30,34,86].
4.4.2. Inverse strain-dependent SRS
Previously, it was found that the SRS m of both Cu NTs
and Cu NCs decreases with increasing ep. In sharp contrast
with the Cu nanostructures, the SRS of all the Cu-based NL
micropillars monotonically increases with increasing ep.
Here, we refer to this unique phenomenon emerging in
NL systems as the “inverse” strain eﬀect to distinguish it
from the “normal” strain eﬀect observed in single-phase
Cu nanostructures. In particular, the Cu/X NTNLs, in
which the TBs and heterophase interfaces coexist, exhibit
increased m with increasing ep. These observations suggest
that it is the heterophase interfaces rather than the TBs/
GBs that govern the rate-limiting processes in NL materials.
To elucidate the inverse strain-dependent SRS m, we still
employ the GBD model to rationalize the experimental
ﬁndings in NL micropillars. To begin, let us consider the
internal features of NL materials. Physical explanations
for increased SRS m (and decreased V) in NC fcc metals
include the emission of partial/full dislocations within the
nanometric constraint of a three-dimensional network of
GBs/TBs [3,55]. This strong three-dimensional constraining
eﬀect can induce an explosive increase in q (i.e. dislocation
avalanches), while s increases slightly at a greater plastic
strain. This behavior is similar to that of passivated single-crystal pillars [98–100].For nanoscaled multilayers, as
in this study, the nanometer constraint is achieved in only

one dimension, with heterophase interfaces inducing highly
anisotropic dislocation mobility [57,81], in the form of parallel (conﬁned layer slip) vs. perpendicular (slip transmission or climb) motion. Theoretical calculations [82] have
shown that in nanoscaled crystalline/crystalline multilayers,
it is more favorable to deform a layer by a single dislocation
(loops) of conﬁned layer propagation on numerous planes
rather multiple dislocations (loops) of conﬁned layer propagation on fewer planes. It is suggested that a lower density
of dislocations can achieve a greater plastic strain in multilayers than that in Cu nanostructures. In situ TEM observations in the stretched 30 nm Cu/60 nm Ni multilayers have
shown that as the dislocations encounter the ﬁrst boundary,
they spread laterally within the layer until a source nucleates
at the interface, bowing into the next layer [82]. Therefore,
once a source operates in individual Cu layers, dislocations
will be conﬁned to Cu unless they can overcome the barriers
of CCIs and propagate in adjacent X layers. However, if
they do overcome the barriers, Cu layers on both sides of
each X layer may inject dislocation loops into the X layer,
leading to plastic deformation of the multilayer [82]. This
implies that the mean free path s in NL samples is far
greater than that in Cu nanostructures. Speciﬁcally, the
deformation by uniform conﬁned layer propagation in
either compressive (and shear) or stretching mode is predicted to require a constant stress, grCom = sShe = rStr =
lb ln(h/b)/(2ph), for ep  b/(10h), where g is a strain resolution factor for the active slip systems [82]. However, for
ep > b/(10h) single slip of conﬁned layer propagation events
begin to interact with the misﬁt dislocations net so that
rCom or sShe (mobile dislocation density) begins to decrease
with plastic shear strain, but rStr (sessile dislocation density)
begins to increase with plastic stretching strain [82]. The difference arises because the dislocation line energy behaves
diﬀerently with s, depending on the compressing/shearing
vs. stretching conﬁguration. Therefore, at a greater plastic
strain, q cannot continuously increase above a critical density on the order of 1016 m2 [81,101], or even decreases
due to dislocation annihilation [101], in good agreement
with the hardening-to-softening transition in the true
stress–strain curves. Meanwhile, the mean free path of dislocations traveling in the interfaces can increase markedly.
This is because the interfaces are easily sheared under the
stress ﬁeld of a lattice dislocation near the interface, and
hence the sheared interface attracts and traps the dislocation within the interface, where the dislocation undergoes
core spreading [95,102]. In this regard, ep is mainly dominated by s rather than q, i.e. the larger is ep the greater is
s (or the lower is q). This creates an inverse strain eﬀect
on the SRS in Cu/X nanolayers, in good agreement with
the prediction from Eq. (10) using s / d(100  ep)2 (see the
ﬁtting curves in Fig. 5b).
4.4.3. Comparisons between CCIs and CAIs in NL
micropillars
The high strength of multilayers essentially originates
from the conﬁned dislocation mobility within the
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constituent layer channel, i.e. the blockage of the heterophase interfaces to dislocation pile-ups or single dislocations
[44,52,75,82]. Thus, the interface characteristics undoubtedly play important roles in determining the strengths and
deformation behaviors of multilayers. Recent ﬁndings
[103,104] have shown that a higher strength is derived from
the ability of the interfaces to trap dislocations through the
relatively easier interfacial shear in NL materials, due to dislocation core spreading along the weak interfaces. This is
consistent with the fact that the Cu/Cr nanolayer which
has a lower interface shear strength exhibits a higher peak
strength than the Cu/Zr nanolayer [48,52,75]. On the other
hand, the interface strength is closely correlated with the
interface misﬁt strain or the density of misﬁt dislocations,
which contribute to the SRS of NL materials due to dislocation–interface (dislocation) interactions [1–6]. Therefore, in
the Cu/X NCNLs, it is likely to ﬁnd that the Cu/Zr exhibits
higher m than Cu/Cr, despite the SRS m of Cr  0.012 being
larger than that of Zr (0.003) at the same h = 125 nm with
d  15 nm [48].
In the present experiments, because the soft Cu layers
mainly dominate the plastic ﬂow, all the NL samples exhibit the same surface morphology, i.e. extrusion of Cu in
between the hard layers, and the NCNLs and the C/ANLs
exhibit almost identical strength, r0.5  1.5 GPa. However,
the internal deformation features of the NCNLs and the C/
ANLs are quite diﬀerent. The former shows localized interfacial debonding regions at great strains 30%, while the
latter exhibits intact interfaces. Speciﬁcally, the nanoscaled
glassy Cu–Zr layers exhibit homogeneous-like plasticity
without shear banding, supporting the smooth compressive
curves. In the crystalline/crystalline NL micropillars, slip/
shear transfer happens by either core spreading along the
shear–weak interface or triggering of new slips in the companion grain but only at very limited selections of Burgers
vectors and slip planes near CCIs (or GBs) [42,104]. Thus,
large incompatibility and stress concentrations could build
up inside or near the CCIs (or GBs) during deformation,
leading to interfacial debonding. Additionally, this can
result in asymmetric slip events and cause shear along
CCIs, resulting in the shear failure of crystalline/crystalline
micropillars, as is veriﬁed in Cu/Nb [103] and Cu/Zr [47,96]
NL micropillars at small h 6 50 nm. Atomistic simulations
[95] and in situ TEM observations [81,82] have demonstrated a much higher dislocation density at the interface
as compared with the bulk, indicating preferential trapping
of dislocations at the interfaces during deformation of
nanolayers, similarly to the NT metals [28].
In the C/ANLs, the glassy layers act as high-capacity
sinks for dislocations, enabling the absorption/annihilation
of dislocations emitted from CAIs [42,105–107], which in
turn aﬀects their mechanical response. For example, the
present authors have found the hardness of crystalline/
amorphous Cu/Cu–Zr multilayers to be greater than that
of crystalline/crystalline Cu/Zr multilayers at small
h = 5 nm, above which both of them have identical hardness at a given h [52]. Unlike the CCIs, the CAIs exhibit
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some unique features of shear/slip transfer [42,105]. Such
an “extreme incompatibility” scenario will seldom arise at
the CAIs, because the shear transition zones in the amorphous materials are omnidirectional, i.e. there are inﬁnite
selections of possible inelastic shear modes to transfer to
[42]. In this regard, the C/ANLs exhibit homogeneous-like
deformation rather than localized interfacial debonding, as
veriﬁed in Cu/Cu–Zr [46,108] and Cu/PdSi [109] nanolayers. Our further experimental ﬁndings have shown that
the glassy Cu–Zr layers are crystallized as the Cu/Cu–Zr
C/ANLs are compressed to 30% strain, which is most
likely linked to the absorption of dislocations by glassy layers. The amorphous-to-crystalline transition has been discussed elsewhere [110] and is beyond the scope of the
present work.
5. Conclusions
By employing microcompression methodology, we systematically studied the plastic deformation of Cu NTs
and NCs, Cu/X NTNLs and NCNLs, and Cu/Cu–Zr C/
ANLs at similar sample dimensions but diﬀerent strain
rates to reveal the fundamental diﬀerences between
homogeneous boundaries (GBs and TBs) and heterophase
interfaces (CCIs and CAIs) and their coupling eﬀects in
small-scale plasticity. The main ﬁndings are summarized
as follows:
(1) Faster strain rates eﬀectively enhance the hardening
of Cu nanostructures and NL nanomaterials, due to
more dislocations being stored. The Cu nanostructures with homogeneous boundaries exhibit a normal
strain eﬀect on SRS, while the Cu-based NL micropillars with heterophase interfaces exhibit an inverse
strain eﬀect on SRS, both of which are quantitatively
explained by a dislocation mode by considering the
microstructure-constraining eﬀects on the mean free
path of dislocations.
(2) Although Cu-based NCNLs exhibit much lower ﬂow
stresses and SRS than the corresponding NTNLs,
their SRS is mainly controlled by the interfaces and
is strongly inﬂuenced by the interfacial characteristics, e.g. misﬁt strains.
(3) Due to the strain incompatibility near the CCIs, the
crystalline/crystalline NL materials exhibit localized
interfacial debonding in plastic deformation. In contrast, the CAIs exhibit unique shear/slip transfer
characteristics, making the C/ANLs prone to deform
homogeneously via interfacial slip.
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