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Abstract
Using microcompression methodology, various plastic deformation characteristics, namely the strength, strain-rate sensitivity (SRS)
and activation volume, of h1 0 0i-single-crystalline (SC) Cu micropillars and nanostructured multicrystalline (MC) Cu micropillars with
several grains were systematically investigated at diﬀerent strain rates for a wide range of external sample sizes ranging from 300 to
2000 nm. The results revealed that the paradigm of “smaller is stronger” for small-scaled SC pillars holds true in nanostructured MC
Cu micropillars above the strongest external size; however, below this size, a decrease in the external size triggers the reverse size eﬀect,
i.e. “smaller is weaker”. The appropriate introduction of grain boundaries into SC pillars can markedly improve the smoothness of their
plastic ﬂow and signiﬁcantly enhance their SRS. Additionally, we demonstrated that the SRS of MC Cu pillars increases with decreasing
size up to a certain limit and then decreases with a further decrease in the external sample size; thus, a maximum SRS emerges. A phenomenological model was proposed to rationalize the scaling behavior of the activation volume with the external sample size and to highlight the eﬀect of the internal feature size on the rate-limiting behavior of conventional bulk nanostructured metals (Cu).
Ó 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The continuing trend of miniaturizing materials for
many modern technological applications has led to a
strong demand for an understanding of the complex
mechanical properties of materials at small length scales
[1,2]. A size-scale eﬀect can be deﬁned as a change in the
mechanical properties of metals due to a change either in
the dimensions of an internal feature or structure or in
the overall physical dimensions of the sample [3,4]. The
development of a microcompression technique that enables
the compression of pillars with diameters (/) of <10 lm
⇑ Corresponding authors. Tel.: +86 (0)2982667143; fax: +86 (0)
2982663453.
E-mail addresses: lgsammer@mail.xjtu.edu.cn (G. Liu), junsun@
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has opened new routes for the investigation of the
mechanics of such small-scale materials [1,2,5,6]. Microcompression has revealed a “smaller is stronger” trend
for single-crystalline (SC) pillars with non-zero initial dislocation densities when / is reduced to <10 lm [7–18]. This
trend has perplexed material scientists because it does not
ﬁt into classical crystal plasticity, according to which the
strength of a single crystal depends not on its size but
rather on its geometrically predicted dislocation slip system(s) with the highest resolved shear stress [13,14]. The
size-driven strength (r) in such free-surface-dominated
materials is described by an empirical power law:
r = A/a, where A is a constant and a is the power-law
exponent, which ranges from 0.5 to 1 [1,2,5,6]. Currently,
the micromechanisms of size-dependent strengthening for
such face-centered cubic (fcc) SC materials are commonly
explained by dislocation starvation [19,20], which may

1359-6454/$36.00 Ó 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
http://dx.doi.org/10.1016/j.actamat.2013.11.018

J.Y. Zhang et al. / Acta Materialia 66 (2014) 302–316

occur for nanometer-scale crystalsm and source truncation
[21–23] or source exhaustion [24,25], which have been demonstrated on the submicron and micron scales. In addition
to the size-driven strength, fcc SC pillars also exhibit other
unexpected plastic characteristics, such as an intermittent
and stochastic plastic ﬂow [3,26,27] and a high strain-rate
sensitivity (SRS, m) or a low activation volume (V)
[10,28]. Recently, Jennings et al. [10] demonstrated using
uniaxial deformation experiments performed at diﬀerent
constant strain rates ð_eÞ that SRS emerges in h1 1 1i-SC
Cu nanopillars with diameters ranging from 75 to
500 nm. In the ranges of pillar diameters and strain rates
tested, the authors found that the transition diameter was
a function of the strain rate, i.e. faster strain rates shifted
the transition diameter to smaller pillar diameters [10]. In
pillars with diameters greater than the transition diameter,
dislocations nucleate from Frank–Read-type bulk sources.
Below the transition diameter, dislocations nucleate from
the surface [10].
Unlike small-scale fcc SC metals, the plastic characteristics in conventional bulk-scale polycrystalline (PC) materials are dominated by internal grain boundaries (GBs).
These GBs hinder the motion of gliding dislocations and
thus provide eﬀective barriers to the transmission of dislocations from one grain to another. The strength of PC metals increases with decreasing grain size (d), as described by
the well-known Hall–Petch equation [29]. However, when d
is below a critical value (15–20 nm), the dominant deformation mechanism transforms from dislocation-mediated
to GB-mediated (GB sliding and grain rotation) activities;
thus, a softening behavior (i.e. the so-called “inverse Hall–
Petch relation” [30]) is expected in nanocrystalline (NC)
materials [31]. Bulk-scale nanostructured PC materials,
such as Cu [32–33], Ni [34–35] and Au [36], exhibit an
increased SRS m (and a smaller V) compared with their
coarse-grained counterparts, similarly to small-scale SC
nanopillars [10,28]. The increasing SRS with decreasing
characteristic size that was observed in bulk-scale fcc PC
materials has been quantiﬁed by various theoretical models
[32,35,37]. It is well accepted that the deformation of fcc
materials from the dislocation motion that is produced
by the activation of bulk sources (Frank–Read sources or
single-arm sources) usually induces a lower SRS (and a larger V of 100b3–1000b3), whereas the deformation that is
due to dislocation nucleation from GBs induces a higher
SRS (and a smaller V of 1b3–10b3) [10,29,38]. Therefore,
a large diﬀerence in V should be manifested in the vastly
diﬀerent e_ dependences between the two mechanisms, and
GB sources should be more sensitive to e_ than bulk sources.
As evidence of these unique behaviors emerges in either
small-scale SC materials or bulk-scale nanostructured PC
materials, a crucial question naturally arises: how do external sample size reduction eﬀects inﬂuence the plastic characteristics of metals with a ﬁxed internal structure or
feature size? To distinguish diﬀerent sample conditions, it
is tempting to assign a parameter, i.e. the external-to-internal size ratio (g), that equals 1 for SC materials (g = //
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d = 1), e.g. various small-scale SC pillars [7–18], and 1
for conventional PC materials, e.g. bulk-scale nanostructured metals [32–35]. At intermediate length scales (e.g.
3 6 g 6 20) between nanosized SC pillars and nanostructured PC metals, the strength of multicrystalline (MC)
nanostructures has been reported to increase [39,40] or
decrease [41,42]. It is particularly important to understand
the yield strength of nanostructured MC materials as a
function of the sample dimensions at the regime where
the internal (microstructure) and external (sample dimension) length scales compete. Speciﬁcally, using 3D-DDD
simulations, Csikor et al. [27] noted that MC pillars exhibited an appreciable smoothing of deformation compared
with SC pillars because the strain burst that is caused by
internal dislocation avalanches can be limited by the existence of GBs. However, the role that internal homogeneous
GBs play in the burst behavior is still unclear, and the eﬀect
of internal GBs on the plastic characteristics, such as the
ﬂow strength, SRS and activation volume, of these smallscale MC pillars is worth studying in order to understand
their deformation mechanism(s). Additionally, in terms of
a fundamental understanding of plasticity, the (coupling)
eﬀects of the internal feature size and the external sample
dimension on the plastic deformation is an issue of scientiﬁc importance.
In this paper, we systematically investigate the SRS of
MC Cu pillars that contain several grains with a diameter
(/  300–2000 nm)-to-grain size (d  110–180 nm) ratio g
of 3–20 and the SRS of SC Cu pillars with diameters
(/) ranging from 300 to 1200 nm at diﬀerent strain rates
to fully understand the inﬂuence of GBs on the deformation of MC pillars at the micron and submicron scales.
We clearly reveal that the MC micropillars exhibit external
size reduction eﬀects on the ﬂow strength and SRS, i.e. the
maximum strength and SRS emerge at a critical g. Furthermore, we demonstrate that the problem of intermittent and
stochastic strain burst behavior can be alleviated through
the introduction of GBs into SC pillars and that a more
stable hardening can be achieved, resulting in a higher
strength.
2. Experimental procedures
2.1. Cu ﬁlm synthesis and microstructural characterization
At room temperature, two types of Cu thin ﬁlms were
prepared on a HF-etched h1 0 0i-Si substrate through direct
current magnetron sputtering using diﬀerent deposition
rates. One type is 1.6 lm thick Cu ﬁlms with nanometerand submicron-sized grains, which were deposited on the Si
substrate at 0.8 nm s–1. The other type is 2 lm thick Cu
ﬁlms with micron-sized grains, which were deposited on the
Si substrate at 0.5 nm s–1. The chamber was evacuated to
a base pressure of 6.0  108 torr prior to sputtering, and
a pressure of 2.0  103 torr Ar was used during the
deposition process. X-ray diﬀraction (XRD) experiments
were conducted using an improved Rigaku D/max-RB
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X-ray diﬀractometer with Cu Ka radiation and a graphite
monochromator to determine the crystallographic texture.
Transmission electron microscopy (TEM) observations
were performed using a JEOL-2100 high-resolution (HR)
electron microscope with a 200 kV accelerating voltage to
observe the microstructural features of the Cu ﬁlms.
2.2. Fabrication of Cu micropillars
MC Cu micropillars with / = 340–1200 nm and SC Cu
micropillars with / = 300–1200 nm were fabricated from
the Cu thin ﬁlms using the focused ion beam (FIB) technique in a Helios 600 Dual Beam instrument, which is also
capable of scanning electron microscopy (SEM) imaging.
The Cu pillar preparation process consisted of two steps
and followed the approach adopted by Greer et al. [43].
To minimize the potential damage from ion irradiation
due to the Ga ion beam and to clean any newly deposited
materials from the pillar surface, the ﬁnal FIB ﬁne milling
step was performed under a reduced voltage (15 kV) and
current (15 pA). More details can be found in our previous
works [44,45]. The height-to-diameter ratios (i.e. aspect
ratios) of the “pure” Cu pillars are between 1.7 and 7
for the SC pillars and between 1 and 6 for the MC pillars. In the range of 2–7, the eﬀects of the aspect ratio on
the deformation behavior of the Cu pillars are weak, particularly for the MC Cu pillars. This has been detailed in
Ref. [46] and will not be discussed in the present work.
The taper angles (w) of the pillars are between 2° and 4°.
It should be noted that, due to the limited thicknesses of
the as-deposited Cu thin ﬁlms, only the top of the
machined pillars is composed of Cu, and the base consists
of the substrate material (Si). Compared to other nanopillars made from bulk, which usually have a trench at their
bottom, our pillars have a clearly visible interface with
the Si substrate, which ensures an accurate measurement
of sample dimensions. Furthermore, dislocations cannot
penetrate beneath the pillars since the substrate consists
of a very hard and stiﬀ material, Si. The deformation of
the Si portion of the sample is purely elastic, so accurate
measurements of the plastic displacement of Cu pillars
are feasible by subtracting the elastic displacements of Cu
and Si from the total displacement of the whole structure.
For these reasons, the calculations of stress–strain curves
are more accurate than those of pillars made from bulk
crystals [47,48].

continuously recorded, and the engineering stress–strain
curves were then calculated using the initial geometry of
the pillar, which was determined from the SEM images.
The cross-sectional area at the half height of the pillar
(A0) and the initial height (L0) were used for the calculations. Based on our previous works [44,45], an attempt
was made to correct for the compliance of the base of the
(Si) pillar by using the model of a perfectly rigid, circular,
ﬂat punch indented onto an isotropic half space, which was
ﬁrst proposed by Sneddon [49]. To improve the reliability
and accuracy of the present measurements, eﬀorts were
devoted to the correction of thermal drift in the microcompression test. In the present study, the allowable drift rate
was 0.01 nm s1, which is 10-fold smaller than the value
(0.1 nm s1) generally used in typical nanoindentation/
micropillar compression tests. If the drift rate exceeded
0.01 nm s1, the experimental data were discarded. Therefore, in the present test, the eﬀect of thermal drift could
be minimized and neglected. True stress–strain curves were
used to characterize the deformation behavior [43,47,50].
After taking into account the substrate eﬀect and the taper
correction, the true strain eT and the true stress rT can be
simply expressed as:
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where A0 is the cross-sectional area at the half initial height
(L0) of the pillar, r0 is the radius at the top of the pillar, Lp
is the ﬁnal height, Ap is the average cross-sectional area, P
is the load, ECu is the true modulus of the Cu pillars without tapers, Emeasured is the measured modulus of the tapered Cu pillars, utot is the total displacement, m is
Poisson’s ratio of Cu (0.343), and ASi and ESi are the
average cross-sectional area and modulus of the substrate
Si pillar, respectively. Note that the inﬂuence of the taper
(w) has been taken into account in the above equations.
3. Experimental results
3.1. Microstructure of the SC/MC Cu pillars

2.3. Flat-punch compression test
Microcompression tests were performed on a Hysitron
Ti 950 using a 10 lm ﬂat punch and a quadrilateral
cross-section diamond indenter. The tip–pillar alignment
was performed using an optical microscope. All of the
micropillars were compressed under rate-controlled mode
at a strain rate ð_eÞ ranging from 2  104 to 2  102 s1
up to a 30% strain, followed by a holding segment of
5 s prior to unloading. The force–displacement data were

The XRD results revealed that the 2 lm thick Cu ﬁlms
exhibited a quasi-SC microstructure with a strong (1 0 0)
texture, from which SC Cu pillars with a h1 0 0i orientation
were fabricated through FIB. In contrast, the 1.6 lm thick
Cu thin ﬁlms exhibited polycrystalline nanostructured features with random orientations. The cross-sectional TEM
micrograph of the 2 lm thick Cu thin ﬁlms revealed relatively high densities of dislocations at the top and bottom of
the h1 0 0i-SC Cu micropillars, as clearly shown in Fig. 1a
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Fig. 1. (a) Bright-ﬁeld cross-sectional TEM image showing the microstructure of the h1 0 0i-SC Cu ﬁlms. (b) Magniﬁed TEM view of (a) showing the
dislocation structure. The inset in (a) is the corresponding selected-area diﬀraction pattern (SADP). Bright-ﬁeld planar TEM micrograph showing the
microstructure of the MC Cu thin ﬁlms with (c) a grain size of d  180 nm and (d) a grain size of d  110 nm. The insets in (c) and (d) are the
corresponding SADPs and cross-sectional TEM images.

and b. It should be noted that not all of the dislocations are
visible in a cross-sectional TEM image. In pillars with high
dislocation densities, plastic deformation can occur at low
mechanical stress due to the collective motion of the dislocations within the structure, and the plastic ﬂow is relatively
smoother [51–53]. This behavior is markedly diﬀerent from
that of pillars with low dislocation densities, which are characterized by large load drops. These load drops may be initiated by expansion of FIB-created loops at the surface of
the pillars [51–53]. In contrast, the cross-sectional and planar TEM investigations showed that the PC Cu ﬁlms have
submicron-sized (180 ± 40 nm, see Fig. 1c) and nanosized
(110 ± 30 nm, see Fig. 1d) grains and few planar defects
(twins). Although twins can signiﬁcantly enhance the
strength and the SRS [54], their eﬀect can be neglected in
the present case because the number of twins is extremely
low (statistically, only one or two twinned grain(s) exist(s)
in a MC Cu pillar with / = 1000 nm). Some dislocations
were observed in the grain interiors. The selected-area diffraction patterns (SADPs) in Fig. 1 are consistent with the
XRD results. More information on the microstructure
can be found elsewhere [28].

3.2. Deformation morphologies of the SC/MC Cu pillars
Fig. 2a–d shows typical SEM images taken before and
after the uniaxial compression of the h1 0 0i-SC pillars with
/ = 650 nm (Fig. 2a and b), / = 800 nm (Fig. 2c and d)
and / = 1200 nm (Fig. 2e and f) at a strain rate of
2  104 s–1. Despite the symmetric slip orientation, those
samples with / 6 650 nm are generally prone to deformation in quasi-single-slip mode (i.e. these are limited to
only one set of slip planes), whereas the samples with /
> 800 nm only exhibit a bulk-like multiple slip deformation that is accompanied by signiﬁcant barreling. The alternative slip deformation on two or more inclined sets of slip
systems, which starts at the top of the pillar and progresses
down the sample height with ongoing compression, is readily observed for the intermediate-sized (650–800 nm) samples and leads to a mushroom shape. Similar results were
observed in h1 0 0i-SC Cu pillars with height-to-diameter
ratios >5 by Kiener and Minor [8]. The deformation morphologies that were observed for the diﬀerent sample sizes
suggest that the deformation behavior is limited by the
source [8]. Smaller samples with multiple slip systems,
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Fig. 2. Typical SEM images of the h1 0 0i-SC Cu micropillars before and after the uniaxial compression tests. As-milled SC Cu pillars with (a) / = 650 nm,
(c) / = 800 nm and (e) / = 1200 nm; (b) SC Cu pillar with / = 650 nm after compression showing single-slip deformation; (d) SC Cu pillar with /
= 800 nm after compression showing alternative-slip deformation; and (f) SC Cu pillar with / = 1200 nm after compression showing multiple-slip
deformation.

due to the limited number of dislocation sources in the
sample volumes, deform like single-slip-oriented crystals.
Larger samples exhibit an observed deformation behavior
that is close to that of bulk Cu with a h1 0 0i orientation.
Due to the tapered geometry of the pillars, the sourcelimited situation might become even more pronounced
because tapering creates a stress gradient over the sample
height, which further conﬁnes the actual deforming volume
[7].
Fig. 3a–f presents representative SEM images that were
taken before and after the uniaxial compression of

d = 110 nm MC pillars with / = 300 nm (Fig. 3a and b),
/ = 500 nm (Fig. 3c and d) and / = 800 nm (Fig. 3e and
f) at a strain rate of 2  104 s–1. It is found that the smallest pillars with / = 300 nm (or aspect ratios near 7) are
very likely to bend during the compression tests. At the
same time, a series of multiple grain oﬀsets is observed in
the smallest Cu MC pillars (see Fig. 3b), as was also
observed in d  60 nm Ni MC pillars [42]. In contrast, all
of the MC Cu pillars with / P 500 nm (or aspect
ratios < 3.5) uniformly deform and exhibit signiﬁcant barreling, similarly to macroscopic PC materials. The localized
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Fig. 3. Typical SEM images of the MC Cu micropillars before and after the uniaxial compression tests. As-milled MC Cu pillars with (a) / = 340 nm, (c)
/ = 500 nm and (e) / = 800 nm; (b) compressed MC pillar with / = 340 nm showing grain oﬀsets, and compressed MC Cu pillars with (d) / = 500 nm
and (f) / = 800 nm showing the barreling of the micropillar.

grain oﬀset is only observed at great strains/stresses. Additionally, MC Cu FIB-fabricated pillars are rougher than
SC Cu pillars, even though the same current (15 pA) was
used during the fabrication processes. This result is most
likely caused by the weaker resistance of GBs to Ga+
[55]. Speciﬁcally, the deformation morphologies of all of
the MC Cu micropillars are strain rate independent within
this limited data set. It should be noted that the pillars are
very tall with aspect ratios near 7 and often bend during the
compression tests, which in turn renders the compressive
stresses reported actually smaller than they should be
during ideal uniaxial compression tests. Therefore, we only

focus on the MC Cu pillars of great size / P 500 nm to
elucidate the size eﬀects on their plastic characteristics (discussed below).
3.3. True stress–strain curves of the SC/MC Cu pillars
Figs. 4 and 5 show representative true stress–strain
curves of the h1 0 0i-SC and MC Cu pillars for diﬀerent
strain rates (Figs. 4a and 5a) and diﬀerent diameters
(Figs. 4b and 5b). All of the true stress–strain curves are
characterized by a nearly elastic loading followed by multiple stress drops and intermittent strain bursts with size eb,
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Fig. 4. True stress–strain plots for the (a) h1 0 0i-SC Cu pillars with /
= 500 nm at diﬀerent strain rates and (b) for four diﬀerent h1 0 0i-SC Cu
pillars with / = 300, 500, 800 and 1200 nm that were compressed at a
strain rate of 2  104 s1.

as schematically shown in Figs. 4 and 5. The stress drops
are usually caused by dislocation slips (avalanches) that
result from rapid dislocation emission or the sudden release
of dislocations from pinned sources [12,26]. The strain
bursts are ascribed to dislocation propagation [25,56] or
GB-mediated processes [57,58]. In these true stress–strain
curves, it is noticeable that a strain-hardening phenomenon
was observed in all of the tested pillars when ep < 8%, and
this was particularly noticeable in the MC pillars at larger
e_ . Clear dependences of r on e_ and / were observed, i.e.
higher e_ and smaller / lead to higher r. It appears that
the MC Cu pillars exhibit a transition from continuous
plastic ﬂow (g > 7) to limited (7 > g > 3) and non-existent
(g < 3) ﬂow, as shown in Fig. 5. A similar transition occurs
in the h1 0 0i-SC Cu pillars studied in the present study and
in the h1 0 0i-SC pillars analyzed in a previous study [8] in
response to a reduction in /. Furthermore, faster e_ and larger / lead to smoother stress–strain curves in the MC Cu
pillars.
3.4. Eﬀects of strain rate and sample size on the strength of
SC/MC Cu pillars
Shifts in dislocation substructures generally result in
corresponding shifts in deformation mechanisms of fcc
metals [59]. In other words, once dislocation substructures

Fig. 5. True stress–strain plots for (a) MC Cu pillars with a grain size of
d  180 nm with / = 340, 500, 800 and 1200 nm and (b) MC Cu pillars
with a grain size of d  110 nm with / = 300, 500, 800 and 1500 nm that
were compressed at strain rates of 2  104 and 2  102 s–1. The MC Cu
pillars with / = 340 and 300 nm were only compressed at 2  104 s–1.

evolve with the plastic strain ep (or e_ ), the deformation
mechanisms will also evolve with ep (or e_ ). For example,
in SC pillars, such as Cu [21,60], Au [13] and Ni [16], a
transition from ordinary forest hardening to exhaustion
hardening or starvation hardening can alter the powerlaw exponent a. (Hardening behavior is also observed in
MC metals.) Thus, the choice of the characteristic ﬂow
stress should be carefully considered. Because large
stress–strain scatter is generally observed in the initial stage
of plastic ﬂow during a microcompression test (which is
most likely caused by the rough tip of the pillar/indenter),
the strength r2.5 at a relatively large amount of plastic
strain (ep = 2.5%), which is similar to that used in previous
studies [13,44,61], was chosen in the present work.
The plastic properties of small-volume MC materials are
determined by their internal structure size and by the external sample size. The dependence of the strength r2.5 on e_ is
shown in Fig. 6a and b for the SC and MC Cu pillars,
respectively, with diﬀerent diameters. It can clearly be seen
in Fig. 6a and b that r2.5 for both the SC and the MC Cu
pillars monotonically increases with increasing e_ . This
result is consistent with other results for h1 1 1i-SC Cu pillars [10] and PC Cu pillars [33,54]. Compared with the SC
pillars, the MC pillars exhibit a much broader variation in
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Fig. 7. (a) The strength r2.5 of the h1 0 0i-SC pillars as a function of / for
diﬀerent strain rates. The strength of h1 0 0i-SC Cu pillars [8] that were
compressed at e_ ¼ 5  103 s1 is also plotted for comparison. (b) The
strength r2.5 of the MC Cu pillars with diﬀerent grain sizes as a function of
/ for diﬀerent strain rates.
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the dependence of strength on e_ . A smaller / results in a
greater slope for an MC pillar with a constant d. In particular, MC pillars with diﬀerent grain sizes exhibit diﬀerent
slopes, which vary with /. It appears that, at diameters
greater than /  1000 nm, a larger d results in a greater
slope for a given /, whereas, at diameters less than /
 1000 nm, a larger d leads to a smaller slope. In addition,
the MC Cu pillars exhibit higher strength compared with
h1 0 0i-Cu and h1 1 1i-Cu pillars with an equivalent /.
The /-dependent strength r2.5 is shown in Fig. 7a and b
for the SC and MC Cu pillars, respectively, at diﬀerent e_ .
The r2.5 of the SC and MC Cu pillars monotonically
increases with decreasing / (>300 nm), which is in agreement with the tenet “smaller is stronger” [1,2,5,6]. For
comparison, the strength of h1 0 0i-SC Cu pillars, which
was measured by Kiener and Minor [8], is also plotted in
Fig. 7a. It is noticeable that for larger / (>300 nm) r2.5
slowly increases with decreasing / (a = 0.5), whereas for
smaller / (<300 nm) r2.5 markedly increases with decreasing / (a = 1). The exponent a of the present SC pillars is
insensitive to e_ and almost constant at 0.5. Similarly,
the dependence of a on e_ is quite weak for the studied
MC Cu pillars with diﬀerent grain sizes, i.e. 0.45 for
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Fig. 6. (a) The strength r2.5 of the h1 0 0i-SC pillars as a function of e_ . The
strength r10 of the h1 1 1i-SC Cu pillars [10] with three diﬀerent diameters
is also plotted for comparison. (b) The strength r2.5 of the MC Cu pillars
with diﬀerent grain sizes as a function of e_ .

larger-d MC pillars and 0.4 for smaller-d MC pillars in
the e_ range studied. To provide deeper insight into the evolution of the dislocation substructure with ep, i.e. the possible transition in the hardening mechanisms, the strength r5
(at ep  5%) was also plotted against e_ and / for the SC
and MC Cu pillars (data not shown). This strength exhibits
trends similar to those obtained for r2.5.
Fig. 8 shows the g-dependent strength r2.5 of the SC and
MC Cu pillars examined in the present study and the
reported strength of bulk NC Cu [33], MC Ni pillars [42],
h1 0 0i-SC Cu pillars [8] and h1 1 1i-SC Cu pillars [10] to
achieve a comprehensive understanding of the (coupling)
eﬀects of the internal and external sizes on plastic ﬂow.
The SC Cu pillars (g = 1) generally exhibit monotonically
increasing strength as / is reduced from the micron scale
to the nanoscale. Interestingly, over this g range, the r2.5
of the MC Cu pillars ﬁrst increases to a peak at a critical
g (gC) or /. Below gC, r2.5 decreases with decreasing g
(or /), thereby exhibiting an inverse g (or /) eﬀect,
whereas, above gC, a smaller g leads to a larger r2.5. In
other words, a maximum strength is observed in the g
range studied, similar to the results found for bulk NC
Cu [62] and nanotwinned Cu [63]. Note that only a
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Fig. 8. (a) The strength r2.5 of small-scale h1 0 0i-SC Cu (g = 1; measured
in the present study), h1 0 0i-SC Cu [8], h1 1 1i-SC Cu [10], bulk-scale PC
Cu [33] (g = 1), MC Cu (measured in the present study) and MC Ni [42]
pillars as a function of g, showing the strongest / that emerges at the
transition from bulk-scale PC metals to small-scale SC metals. All of the
lines, except those corresponding to the MC Cu pillars in the softening
regime (/ < 500 nm), were calculated from Eq. (6).

saturation strength (corresponding to a = 0) instead of a
maximum strength has been observed in MC Ni pillars
above gC (softening is observed below this value) [42].
3.5. The SRS of the SC/MC Cu pillars
It is well known that the SRS of a material can be characterized by two key kinetic characteristics of the deformation mechanism, i.e. the SRS (m) and the activation volume
(V) [28], both of which reﬂect the rate-controlling deformation process. In a thermally activated process that triggers considerable plastic ﬂow, V is deﬁned by the change
in the strain rate e_ with respect to the ﬂow stress r, the
absolute temperature T, and the Boltzmann constant kB
[29]:
pﬃﬃﬃ
pﬃﬃﬃ
3k B T @ lnð_eÞ
3k B T

¼
V ¼
:
ð3Þ
r
rm
@ lnðrÞ
This equation is consistent with the fact that the strainrate dependence of a material is usually quantiﬁed by the
power-law relation r ¼ r0 e_ m . The e_ dependence, which is
indicative of the rate-controlled mechanism, for the dislocation source operation can also be described by an Arrhenius form that correlates e_ with r [10]:




DG
Q  rV  ðr; T Þ
¼ e_ 0 exp 
;
ð4Þ
e_ ¼ e_ 0 exp 
kBT
kBT
where e_ 0 is a constant, DG is the activation Gibbs free energy for the stress-assisted, thermally activated process,
which is controlled by the local stress/energy, and Q is
the Helmholtz free energy (activation energy) for overcoming obstacles to dislocation motion. DG is a decreasing
function of the eﬀective stress r because the activation barrier is lowered by the work that is done by the eﬀective
stress rV(r, T).

(a)

0.20
MC Cu pillar
d = 180 nm
σ2.5

0.15

σ5

d = 110 nm
σ2.5

σ5

<100>-SC Cu pillar
σ2.5

0.10

σ5

<111>-SC Cu pillar
Jennings et al. (σ10 )

0.05

0.00
100

1000

Pillar diameter φ (nm)

(b)

0.20

<111>SC Cu pillars σ10

<100>SC Cu pillars σ2.5

MC Cu pillars (d=180nm, σ2.5)
MC Cu pillars (d=180nm, σ5 )

0.15

0.10

MC Cu pillars (d=110nm, σ2.5)
MC Cu pillars (d=110nm, σ5 )
Bulk PC Cu

Decreasing d

800

Decreasing d

1200

Decreasing φ

Strength σ (MPa)

1600

We determined the SRS m and the activation volumes
V for all of the compressed Cu pillars (except for the
MC pillars with / < 500 nm) at diﬀerent strain rates that
spanned more than two orders of magnitude. The determined values of m were in the ranges of 0.01–0.04 and
0.05–0.178 for the h1 0 0i-SC and the MC Cu pillars, respectively. The SRS m of MC Cu decreases with increasing /
and is much greater than that of SC Cu with a similar
external size, as shown in Fig. 9a. This result indicates that
the introduction of GBs can markedly enhance the SRS in
small-volume SC materials. It also appears that the strain
eﬀect on the SRS of the SC pillar is quite weak, whereas
its eﬀect on the SRS of the MC Cu pillars is marked. The
m for the MC pillars increases with decreasing ep for a ﬁxed
/, similarly to that observed with nanotwinned Cu [64]. To
better elucidate the internal feature size and external sample size eﬀects on the SRS, we plotted the curve of m as a
function of g for the MC pillars and compared it with that
of bulk PC (g = 1) Cu at diﬀerent grain sizes [33] and for
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Fig. 9. (a) The SRS index m of the MC Cu pillars and small-scale h1 0 0iSC Cu pillars (measured in the present study) for strains of 2.5% and
5% and that of h1 1 1i-SC Cu pillars [10] for a strain of 10% as a
function of /. (b) A comparison of the SRS index m for the MC Cu pillars,
small-scale h1 0 0i-SC Cu pillars at two diﬀerent strains (2.5% and 5%),
h1 1 1i-SC Cu [10] pillars (g = 1), and bulk-scale PC Cu [33] (g = 1),
showing the maximum m that emerges at a critical g or / at the transition
from bulk-scale PC metals to small-scale SC metals. The lines were
obtained from the combination of Eqs. (3) and (10).
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4. Discussion
4.1. Inﬂuence of sample fabrication on mechanical properties
To date, FIB milling is the most commonly used
method to fabricate micro- and nanopillars to study
small-scale plasticity and size eﬀects in uniaxial compression [5,6]. However, FIB milling can introduce defects into
the milled pillars by forming dislocation loops and surface
amorphization [65,66]. Damage of this type is a known
source of strengthening in bulk single crystals, implying
that FIB-fabricated pillars may be stronger than bulk
[67–69]. Therefore, as the relative surface area to volume
ratio in pillars increases with decreasing pillar size, these
ion damage eﬀects become more adverse. Several recent
ﬁndings have shown that FIB-free, pristine pillars yield
at near-theoretical strength [52,70,71]. However, it has
been shown that initially defect-free NiAl–Mo eutectic
alloys undergo a signiﬁcant decrease in strength after
exposure to the FIB or pre-strain as a result of increasing
damage/dislocation density [67,68]. Speciﬁcally, Jennings
et al. [11] have pointed out that it is the initial dislocation
density rather than the fabrication technique that drives
the size eﬀect in fcc metals. This ﬁnding is consistent with
previous work on body-centered cubic alloy systems
[67,68,72], showing that the pillar strength is a strong
function of the initial dislocation density.
In our experiments, the low beam current (15 pA) used
in the fabrication process probably minimizes the damage
of the samples. However, the electron/ion beam still causes
surface damage (e.g. roughness) of the samples. The
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SC Cu at diﬀerent diameters [10], as shown in Fig. 9b.
Interestingly, a maximum in the SRS m was also observed
for the MC Cu pillars at a critical g (gC). Below gC, the SRS
m decreases with decreasing g, and, above gC, a smaller g
leads to a higher SRS m.
The activation volume V is generally inversely proportional to the SRS m. It is possible to gain insight into the
microstructural plasticity mechanisms that are responsible
for this surprisingly high SRS in the MC Cu pillars by analyzing their activation volumes. The / -dependent V of the
MC pillars is shown in Fig. 10a. The V of the MC pillars
decreases with decreasing / and scales approximately linearly with /. Similarly, the h1 0 0i-SC Cu pillars exhibit a
monotonically decreasing V with decreasing /, which is
in agreement with the behavior obtained with h1 1 1i-SC
Cu pillars [10]. Additionally, the V of the MC Cu pillars
with / P 500 nm decreases with decreasing d, analogously
to bulk PC Cu [33] (see the inset in Fig. 10b). Notably, the
V determined in this study is 20b3 for the MC pillars
with / = 1500 nm and decreases to 4b3 for the MC pillars
with / = 500 nm. In contrast, the V of SC pillars almost
linearly decreases from 150b3 to 10b3 when / is reduced
from 1200 to 75 nm [10]. It appears that SC, MC and PC
Cu exhibit the following characteristic: the activation volume V scales with their characteristic size D.
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Fig. 10. (a) The activation volume of the MC Cu pillars and small-scale
h1 0 0i-SC Cu pillars (measured in the present study) for a strain of 2.5%
and that of h1 1 1i-SC Cu pillars [10] for a strain of 10% as a function of
/. (b) A comparison of the activation volume (V) of the MC Cu pillars,
small-scale h1 0 0i-SC Cu pillars and h1 1 1i-SC Cu pillars [10]. The
activation volume (V) of bulk-scale PC Cu [33] was also plotted in the
inset of (b). The lines were calculated based on the phenomenological
model shown in Eq. (10).

roughness of the sample can lead to a broad variation in
the initial stiﬀness of the material but does not signiﬁcantly
aﬀect the strength [8]. Indeed, we have noticed that the
slope of loading curve is smaller than that of unloading
curve. To circumvent the FIB milling eﬀects on the
strengths of all of the samples, strengths r2.5 and r5 were
chosen for the following discussion.
4.2. Deformation crossover-induced strongest external size of
the MC Cu pillars
The classical methods for the strengthening of materials
rely on strategies that judiciously control the generation of
and interactions among internal defects, such as
boundaries and dislocations [31,73–75]. In bulk ultraﬁnecrystalline (d  100–1000 nm) materials, GBs obscure the
passage of gliding dislocations and hence elevate the crystalline strength, and plastic deformation is sustained by dislocations that are emitted from the GBs [29,76,77]. Due to
the strong constraining eﬀect from surrounding grains,
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GB-mediated mechanisms, such as GB sliding and grain
rotation, are diﬃcult to produce in samples with submicron-sized grains [29,31]. As observed in Fig. 6, the r2.5
of the MC pillars (/ P 500 nm) is much higher than that
of the h1 0 0i-SC pillars for a similar/identical / and a given
e_ . The underlying reasons for this behavior are that (i) the
compatibility condition at the GBs exerts an additional
constraint on the deformation, and (ii) the GBs hinder
the motion of the dislocations [41,58]. Additionally, the
SRS m of the MC Cu pillars (m  0.1–0.18) is markedly
less than that caused by GB-mediated deformation
(m  0.5), which indicates that a dislocation-mediated
mechanism dominates the deformation [31]. For the MC
pillars, the marked increase in strength with decreasing
sample size can be attributed to the reduced length of the
dislocation source, which needs a higher stress to be activated [39]. Similar observations have been reported in
nanocrystalline (d  30 nm) Ni [39] and (d  35 nm) Zr pillars [78]. However, if / < 500 nm, the strength of the MC
Cu pillars sharply decreases to even less than that of the
corresponding SC Cu pillars because the grain number
across the diameter of the MC pillars is 2–3, which leads
to free-side-surface failure and grain oﬀsets caused by grain
movement (Fig. 3b). This phenomenon is consistent with
the observations reported by Jang et al. for electroplated
MC Cu pillars with d  160 nm and / = 500 nm [58].
Therefore, it is conceivable that the role of the GBs shifts
to that of the deformation path itself such the GB-mediated
mechanism instead of the dislocation-driven process is
responsible for the strength reduction in these MC pillars.
Thus, two competing processes emerge simultaneously
upon the introduction of internal interfaces into MC pillars
with a smaller d: Hall–Petch-like strengthening and
GB-mediated weakening. If the dislocation-driven process
overwhelms the GB-mediated mechanism, the samples
exhibit monotonically increased strength [39]; otherwise,
the samples show monotonically decreased strength [41].
The crossover of these two mechanisms determines the
strongest / in the MC Cu pillars and leads to the peak
strength [78]. Additionally, these two competing eﬀects
can cause saturation strength if these two mechanisms balance at an external length-scale rather than a critical sample size, as in the case of MC Ni pillars with d  60 nm and
/ ranging from 100 to 2500 nm [42]. Therefore, the fundamental diﬀerence between the MC Cu pillars analyzed in
the present study (peak strength) and MC Ni pillars
(saturation strength) can be attributed to the (combined)
eﬀect(s) of microstructure and orientation [58] because
the GB-mediated and dislocation-driven processes can
switch on simultaneously [57].
Additionally, it can be seen in Fig. 8 that the critical
ratio gC for softening MC pillars increases from 3 to
5 to 30 when d decreases from 180 to 110 to
60 nm. The critical d (e.g. 60 nm [42]) that is observed
for softening in the MC pillars is much larger than the
value of 15–20 nm for bulk NC metals. This result suggests that a reduction in the external sample size activates

GB-mediated processes, in contrast to the dislocationdriven mechanisms that govern plasticity in submicronsized and nanosized (d > 50 nm) bulk PC metals. It appears
that a smaller d results in a higher possibility of
GB-mediated mechanism in smaller MC pillars [41,57].
Speciﬁcally, in the smallest (/  340 nm) MC pillars, the
operation of (localized) GB-mediated processes likely
causes misalignment in the compression test, which results
in a slight bending of the pillars (see Fig. 3b) [57] and in
underestimating the actual strength of the sample. The following discussions on the size-driven strength and SRS of
the MC Cu pillars are mainly focused on the strengthening
regime, i.e. / P 500 nm.
4.3. Scaling behavior of the strength in the SC/MC Cu pillars
In small-scale materials, the stress that is required to
produce a dislocation from a source with length S is proportional to (1/S)ln(S/b) [2,6]. The distribution of the
nucleation stress is compared to a power law, which is used
to describe the size eﬀect in tension or compression tests
[2,6]:
 
pﬃﬃﬃ C 2
S
r ¼ r0 þ C 1 q þ
ln
ð5Þ
 ADa ;
b
S
where the ﬁrst term in the middle corresponds to friction
stress, the second term is due to back-stresses from dislocation–dislocation interactions, and the last term originates
from the source strength. C1 and C2 are proportionality
factors, D is the characteristic size (e.g. / and d), and a is
the strength scaling exponent. A size eﬀect will be found
in the experiments if the initial source length scales with
the external sample size or the internal structure size. This
phenomenon was veriﬁed with the SC Cu pillars with
a = 0.5 analyzed in the present study for all strain rates,
as shown in Fig. 7a. Interestingly, as observed in Fig. 7a,
when the SC pillar size / is greater than 300 nm,
a = 0.5, and, below this size, a = 1. This result potentially
indicates a change in the governing deformation mechanism because, below this transition length, the scaling follows a D1 behavior, which is indicative of dislocation
nucleation-controlled plasticity [1,2,5,6,21]. Above this
size, the strength scales close to D0.5, which is typically
associated with dislocation interaction processes
[1,2,5,6,21].
Although the analyzed MC sample exhibits a characteristic length scale smaller than the pillar diameter, an external sample size eﬀect was observed. The strength r2.5
increases with decreasing / (r5 behaves the same way),
which can be described by Eq. (5) with a = 0.45 and 0.4
for the MC Cu pillars with d = 180 and 110 nm, respectively, at diﬀerent strain rates. The reduction in a with
decreasing d implies that an increase in g or / can more
markedly reduce the sample size eﬀect on the plastic ﬂow
for smaller-d-sized MC pillars. This result is (partly) supported by the experimental ﬁndings that the peak strength
was observed for the MC Cu pillars with d = 180 and
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110 nm, whereas the saturation strength was observed for
the MC pillars with d = 60 nm (see Fig. 8). In particular,
the MC pillars have a lower a for the strength dependence
on / than the SC Cu pillars because the ﬂow stress of the
MC pillars is mainly controlled by their internal features. It
should be noted that the power exponent a increases with
increasing ep from 2.5% to 5%, and this ﬁnding is consistent
with other reported works [13,16]. This result indicates that
a transition in the hardening behavior, i.e. from starvation
hardening to ordinary forest hardening, occurs in the MC
Cu pillars [28]. More details on this transition can be found
elsewhere [28].
The lack of an e_ eﬀect on a for both the larger-sized SC
and MC pillars (/ > 500 nm) demonstrates that the
mechanism that is responsible for the power law is insensitive to e_ because the e_ dependence would manifest itself as a
deviation from the power law [10]. However, we note that
Eq. (5) only takes into account athermal eﬀects; thus, the
ability of this equation to describe the thermally activated
processes that are discussed here is inadequate, particularly
for the MC Cu pillars. A more accurate expression for Eq.
(5) could be obtained by including the e_ eﬀects or the thermal activation contribution [10]:


kBT
k B TN t0
r ¼ r   ln
;
ð6Þ
V
ECu e_ V 
where t0 is the attempt frequency, N is the number of equivalent dislocation nucleation sites, ECu denotes the apparent
Young’s modulus of Cu, and the other symbols have the
same meanings as before. In a previous section, we demonstrated that the measured V varies nearly linearly with D.
This result implies that the thermal contribution (which
scales with V1 ln e_ V1  ) is proportional to D1 ln e_1D . If the
source length S in Eq. (6) and the characteristic size D are
linearly correlated, both the thermal and the athermal components of a dislocation source will have almost the same
size-dependent behavior because their size dependencies
will be dominated by the pre-logarithm 1/D dependence.
This added thermal contribution to Eq. (6) should include
the correct trend in the e_ dependence: a decrease in e_ rigidly
shifts the power law to lower stresses for both the SC and
the MC samples. The variation in strength as a function
of g for the analyzed MC Cu pillars with diﬀerent grain sizes
in the hardening regime (/ P 500 nm) can be well captured by Eq. (6) using a = 0.45 for the MC pillars with
d = 180 nm at diﬀerent strain rates, a = 0.4 for the MC pillars with d = 110 nm at diﬀerent strain rates, and a = 0 for
MC Ni pillars with d = 60 nm, as shown in Fig. 8. The
reduction in a with decreasing d (partially) supports the
transition of the peak strength in larger-d-sized MC pillars
to the saturation strength in smaller-d-sized MC pillars and
indicates that the GB-mediated mechanism is initially preferred in smaller-d-sized MC materials. However, in the
softening regime (/ < 500 nm), the dependence of
strength on / follows r / /0.375 for MC Ni samples (the
curves for the MC Cu pillars are only visual guides due to
limited data being available).
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4.4. Size- and strain-dependent SRS of the SC/MC Cu
pillars
In both small-scaled SC and bulk PC metals, such as Cu,
the SRS m monotonically increases with decreasing characteristic size D. Surprisingly, the presented results have
unambiguously revealed that the introduction of internal
GBs and/or the shrinkage of the sample size can remarkably increase the SRS of metals and that a maximum
SRS m in the MC Cu pillars emerges upon the reduction
of g to a critical gC. The free surface-to-volume ratio sharply increased with decreasing g or /. This result can
enhance the surface image force eﬀect, which can drag dislocations out of the pillars, on the SRS of the pillars
[79,80]. Therefore, a smaller g leads to a higher m. Conversely, the internal GB-to-volume ratio dramatically
decreased with decreasing g or /, which results in a weakening of the role that the GBs play in the SRS and a reduction in the SRS m. The competition between the free
surface and the internal GBs thus contributes to the maximum SRS m of the MC pillars. Additionally, the higher m
found in this study compared with the reported m for NC
Cu [33], and even for h1 1 1i-SC Cu pillars [10] with similar
sizes, indicates additional dislocation–boundary interactions in the MC pillars [81].
For the SC pillars analyzed in the present study, the SRS
m that was obtained at diﬀerent strains (or stress levels, e.g.
r2.5 and r5) has almost the same values within the scatter,
which implies that the dislocation substructures do not signiﬁcantly evolve with the plastic strain ep. The multiplication and interaction of the internal dislocations that
generated from bulk sources should control the plastic ﬂow
with increasing ep [80] because pre-existing dislocations are
diﬃcult to mechanically anneal [19,28]. This phenomenon
is supported by the large V of 40b3–150b3 [10]. Forest/
exhaustion hardening most likely contributes to the
enhanced strength at high ep. In contrast, the extremely
small V of 4b3–20b3 for the MC pillars analyzed in the
present study indicates that the GB/surface emission of
the dislocations sustains plastic deformation [10]. The
absence of hardening at low e_ indicates that the dislocations created from the GBs/surface can run across the grain
interior and be completely absorbed by and/or annihilated
at the GBs/surface [28,82]. One of the consequences of an
equal dislocation nucleation and absorption rate is that
the internal microstructure should not appreciably change
as a function of ep, which enables the use of a ﬂow stress
at ep = 2.5% or even at ep = 5% in the estimation of the
SRS (m or V) for the MC Cu pillars. However, at high
e_ , the hardening phenomenon that is observed in the MC
pillars implies that the dislocation substructures indeed
evolve with ep, i.e. dislocation accumulation and interaction (ordinary forest hardening) exist in lieu of starvation.
The propensity for dislocations to escape at the free surfaces of the nanocrystals enables the shift in the governing
plasticity mechanism from the ordinary forest hardening
to the source activation dominated processes. This
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phenomenon was veriﬁed by the reduced m (and increased
a) at larger ep.
To elucidate the size and strain eﬀects on the SRS m, we
consider the fact that the plastic ﬂow of the MC Cu pillars
should be dominated by GB Frank–Read sources (FRSs),
whereas the SC Cu pillars should be deformed by internal
FRSs and single-arm sources (SASs, which can either be
formed by the truncation of FRSs at free surfaces or
directly generated in initial dislocation structures). We
derived the SRS m for SC and MC Cu pillars in our previous work [28], similarly to Cheng et al. [32], and these can
be respectively expressed as:

create a new dislocation from a FRS, a certain amount
of thermal energy is needed to move the dislocation segment between the stable and the unstable equilibrium positions. The V that is associated with this activation event
can be given by [85]:
2
h
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where s is the shear stress that is needed to bow out the
dislocation segment with a radius of curvature R and sc
is the athermal strength of a FRS that corresponds to
R = S/2. These parameters can be expressed as [84]
1
Cu b
s ¼ l2R
f ðSÞ and sc ¼ lCuS b f ðSÞ, where f ðSÞ ¼ 2pð1mÞ
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The variable v is the distance (on the order of b) that is
swept out by a mobile dislocation during one activation
event and is approximately constant, n and f are proportionality factors, and q is the total dislocation density,
which can be correlated with the plastic strain
q ¼ ep =ðbkÞ [83], where k is the mean free path of dislocation slips and is proportional to / or d. We found that
the SRS m that is calculated from Eq. (7b) changes markedly for MC pillars at diﬀerent strains and is almost constant for SC pillars (according to Eq. (7a)).
4.5. Scaling behavior of the activation volume in the SC/MC
Cu pillars
As mentioned previously, an eﬀective microtesting
method for inferring the rate-controlling deformation
mechanisms is to determine V [10]. In the present work,
the V of all of the MC samples covers a narrow range
from 4b3 to 20b3, whereas that of the SC Cu pillars falls
in the range from 40b3 to 150b3. It has been suggested that
MC pillars deform via the activation of GB sources that
nucleate dislocations, whereas SC pillars deform via the
collective dislocation dynamics that invoke dislocation
multiplication, propagation and interaction [10].
In this study, we attempted to develop a phenomenological model that quantitatively describes the relationship
between V and D (e.g. / or d) by simply assuming that
the dislocation source length (S) is a strong function of
D, i.e. S  jD, where j is a scaling coeﬃcient. This model
takes into account the Orowan–Frank–Read process [84]
and approximates a SAS as half of a FRS such that the
activation volume and energy of a SAS corresponds to that
of half of a FRS. Based on Nabarro’s derivation for the
activation volume of a FRS [85], under a given applied
shear stress, a dislocation segment that is pinned by two
immobile pinning points has two equilibrium positions,
which correspond to the same radius of curvature. To

sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
2 sc  s
 bS 2
;
sc

ð8Þ

½ð1  32 mÞ lnðSbÞ þ m2
 is a factor that includes the size-depen2
dent dislocation line tension in the form of the energy per
unit length of dislocation. The activation energy for a dislocation to overcome the barrier is then derived as [85]
DG ¼ 23 ðsc  s ÞV  . We thus obtain the following approximate scaling relation between the V and the athermal
strength of Cu pillars [84,85]:

1=3
3bbk B T
5=3

V ¼
ðsc Þ
lCu f ðSÞ

1=3 
5=3
b4=3 3bk B T
f ðSÞ
¼ 2
;
ð9Þ
S
lCu f ðSÞ
where b is the logarithm of the atomic vibration number
during an experiment [85].
As shown in Fig. 7, in the range of power-law strengthening for diﬀerent strain rates, r2.5 increased with increasing e_ . However, the exponent a appears to be insensitive
to e_ for both the SC and the MC Cu pillars, which implies
that the variation in the athermal strength with D reﬂects
the commonly reported power law. Thus, we give V as a
function of D by

1=3 
5a=3
b4=3 3bk B T
f ðjDÞ

V  2
:
ð10Þ
D
lCu f ðjDÞ
Comparing the / dependence of V to the experimental
data that are presented in this study, we found that
V / /0.75 for the MC micropillars and V / /1.25 for the
SC micropillars. In the present work, the exponent a was
found to be 0.4–0.45 for the MC Cu pillars and 0.5–1
for the SC Cu pillars (an exponent of a  1 was found by
Kiener et al. [21]). This result leads to a range of possible
exponents of 0.67–0.75 for the MC pillars (solid line)
and of 0.83–1.67 for the SC Cu pillars (short-dashed line)
for the relationship of V to /. It has been postulated, however, that the exponent a cannot exceed 1 [86]. Additionally,
this phenomenological model ﬁts well the reported data for
bulk NC Cu (V / d0.85), as shown by the dashed line in the
inset of Fig. 10b. The combination of our experimental
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ﬁndings with those predicted by the model indicates that
Frank-Read-type sources strongly contribute to the sizedriven strength in the SC/MC Cu pillars, even in nanostructured PC Cu. Interestingly, we note that this model predicts
a non-monotonic behavior for V over the whole range of D
for all of the SC, MC and PC Cu materials, i.e. V decreases
with decreasing D to a minimum at D  2.5 nm, below
which V sharply increases upon a further reduction in D,
as shown in Fig. 10b. This probably indicates that as the
characteristic size D shrinks below 2.5 nm, the FRSs/SASs
become much more diﬃcult to activate, and as a consequence the Orowan–Frank–Read process likely switches
oﬀ. Speciﬁcally, dislocations can annihilate at internal
GBs and surfaces of the specimen at such length-scales
due to image force eﬀects [79,87] and internal stresses
[82,88], leading to the failure of this model. In these cases,
other mechanisms, e.g. GB-mediated processes, and diﬀusive plasticity likely switch on [89,90]. Naturally, the combination of Eqs. (3) and (10) predicts a non-monotonic
behavior for the SRS m of Cu materials with decreasing
external sample size, as indicated by the three ﬁtting curves
shown in Fig. 9b.
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of a GB source with a highly thermal nature instead
of an internal bulk source, such as the one that preexists in the SC Cu micropillars. A phenomenological
model was developed to quantitatively account for
the scaling behavior of the activation volume with
the characteristic size of the Cu pillars by considering
the Orowan–Frank–Read process for FRSs and
SASs.
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