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Abstract
The hardness, tensile ductility and fatigue lifetime of nanostructured (NC) Cu–Zr alloyed thin ﬁlms have been systematically
measured at diﬀerent Zr additions (0, 0.5, 2.0, 4.0, 8.0 at.%). Experimental results showed that the Cu–0.5 at.% Zr ﬁlm exhibited the
highest hardness, largest ductility and longest fatigue lifetime, which are increased by 120%, 80%, and above an order of magnitude,
respectively, in comparison with its pure Cu counterpart. The simultaneous improvements of mechanical properties are rationalized with
respect to microstructural evolutions related to Zr segregation at grain boundaries (GBs). Besides reﬁnement in NC grains and enhancement in nanotwins, grain orientation was apparently modiﬁed by the GB Zr segregation. (1 1 0) grains were promoted and layer-like
microstructure was formed with coexistence of three orientation of grains at the upper layer, facilitating Cu grain growth at room
temperature. GB doping strengthening worked as an additional strengthening mechanism and mechanically driven grain growth became
the predominant deformation mechanism and fatigue mechanism, which accounted for the optimal combination of mechanical properties achieved in the Cu–0.5 at.% Zr ﬁlm. When the Zr content was >2.0 at.%, however, amorphous phases were formed at the GBs due to
locally increased Zr concentration. The GB doping strengthening eﬀect was concomitantly weakened and strength was gradually
decreased. In addition, stress/strain localization occurred readily at the amorphous phase regions, triggering intergranular fracture
and reducing ductility. During cyclic testing in the low stress range, GB amorphous phases strengthened rather impaired the GBs, which
gave the Cu–Zr ﬁlms a fatigue lifetime greater than that of the pure NC Cu ﬁlm. The present results clearly indicate that, once solute
content is suitably explored, the solute segregation at GBs in NC metals can not only retain NC grains in loading-free conditions, but
also impart enhanced mechanical properties when exposed to applied stress.
Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Nanocrystalline (NC) polycrystalline metals consisting
of grains <100 nm in size have received considerable
research and industrial attention in recent years, owing to
their exceptional strengths in comparison with their
coarse-grained counterparts [1–4]. However, most NC
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metals have two adverse properties, i.e. microstructural
instability [5–7] and low ductility [1,8–10], that limit their
practical utility. Both of these disadvantages are mainly
related to the large volume fraction of high-angle grain
boundaries (GBs) in NC metals. The high interfacial
energy associated with the large GB area drives the coarsening of nanosized grains, resulting in microstructural
instability. Recent ﬁndings have unambiguously demonstrated that a number of pure NC metals experience grain
growth even at room temperature [5,6]. At the same
time, the GBs act as relentless sinks, absorbing dislocation
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nucleated within the grain interior, and causing insuﬃcient
dislocation accumulation capability in the NC metals and
concomitantly reduced deformation capability [8,9,11].
Adjusting GBs is a universal strategy to inhibit grain
growth in NC metals. Simulation results have suggested a
promising and simple approach by alloying NC metals
with immiscible elements [12–15]. Immiscible elements tend
to segregate at GBs, reducing their free energy and thus the
capillary driving force for grain growth. The segregated elements can also reduce GB mobility through the solute drag
eﬀect. In addition, immiscible elements often form precipitates that can additionally pin GBs. These eﬀects are eﬀective in preventing grain growth in NC metals, but alloying
has only been found in a few empirically discovered systems [16–21]. Most recently, Schuh’s group has developed
a theoretical framework to design stable nanostructured
alloys by advancing a thermodynamic model [22,23]. A
nanostructure stability map has been proposed to determine which candidate binary alloys can be stabilized by
the GB segregation, not only against grain coarsening
but also against phase separation. Aided by this map, Chookajorn et al. [22] identiﬁed a stable nanostructured W–Ti
alloy with 20 at.% Ti additions and with heterogeneous
chemical distribution. This alloy demonstrated substantially enhanced stability, with grain size increased from
22 nm to only 24 nm after annealing for 1 week at
1100 °C, essentially within the error limits. This approach
opens a new way for the synthesis of an assortment of stable high-strength nanocrystalline alloys [24] and seems
likely to inspire a surge in research into alloy-stabilized
nanostructured metals.
GB segregation or GB doping should aﬀect the mechanical properties and deformation behaviors of NC metals.
Molecular dynamics simulations [15,25,26] have revealed
a signiﬁcant GB strengthening by solute segregation, in
the case of solutes with larger size mismatch with the
matrix atoms. For example, it was predicted [26] that NC
Cu with a grain size of 8 nm can be brought close to the
theoretical yield strength of Cu (4 GPa) by an appropriate addition of solutes. Some experimental results [27,28]
also support GB doping strengthening. One proposed
mechanism for GB doping strengthening [25,27] is that
the activation of grain boundaries, such as GB sliding
and GB shuﬄing, can be eﬀectively suppressed when the
GB energies are reduced by GB segregation. Accompanying the GB doping strengthening, the ductility of doped
NC metals will also be aﬀected signiﬁcantly. As mentioned
above, NC metals have insuﬃcient dislocation accumulation capability. GB activities make an important contribution to the plastic deformation of NC metals. When GB
activities are suppressed by solute segregation, it seems that
the ductility of NC metals will be further reduced.
Ductility is another important mechanical property,
besides strength. A good combination of strength/ductility
is required if NC metals are to be used as structural materials. Concerning NC metals with GB segregation, the nature of the ductility and its tradeoﬀ with strength are far

from clear. Certain fundamental questions remain: (i) Is
the inﬂuence of GB segregation on ductility positive or negative in the NC regime? (ii) What is the balance between
strength and ductility caused by the GB segregation in
the NC regime? (iii) How can GB segregation aﬀect the
dynamic fatigue behaviors in the NC regime?
In parallel to these fundamental studies, metal thin ﬁlms
employed in applications such as integrated circuits (ICs)
and micro/nanoelectromechanical (MEMS/NEMS) are
often deposited or grown in nanostructured forms. As the
dimensions of features comprising these devices continue
to shrink, it is becoming ever more crucial to control the
microstructures and stabilize the nanocrystalline grains
up to a few hundred degrees. At the same time, a high
strength and simultaneous large ductility are required for
thin ﬁlms to ensure superior service reliability and excellent
processing capability. Alloying metal thin ﬁlms with elements of low solubility (e.g. alloying Cu ﬁlm with Cr
[29], Ag [30] and Zr [31]) are being considered as an eﬀective approach to produce advanced NC metal ﬁlms with
high structural stability and enhanced mechanical properties. However, systematic experimental studies in this ﬁeld
are still lacking.
Developing an understanding of the damage tolerance
of NC metals and alloys is essential for evaluating their
overall usefulness as structural materials or ﬁlms in engineering components. Such understanding should inevitably
include comprehensive knowledge of the resistance to fracture initiation and growth not only under quasi-static but
also under dynamic loading conditions. For the NC metal
thin ﬁlms used in IC or MEMS/NEMS, the reliability of
metal ﬁlms is the biggest challenge as cycling stress/strain
is usually induced. Studies on the fatigue behavior and
microstructural evolution of the metal thin ﬁlms are thus
urgently needed. Previous investigations [32–34], albeit limited, have mainly focused on the fatigue of NC pure metal
ﬁlms such as Cu. Very little published information is presently available on NC metal ﬁlms strengthened with GB
doping. The eﬀect of GB doping or GB segregation on
dynamic microstructural evolution and on fatigue properties is unclear.
In this paper, NC Cu–Zr alloyed thin ﬁlms are used to
investigate the eﬀect of GB segregation on the microstructural evolution, mechanical properties (quasi-static and
dynamic) and deformation mechanisms. The selection of
Cu–Zr alloyed thin ﬁlms here is based on the following reasons. (i) Zr is expected to be a useful dopant in Cu due to
its negligible solubility (only 0.12 at.% at 1245 K [35]) and
large elastic strain (size misﬁt of 24%) when in solution so
that GB segregation should be favored. Most recently,
minor Zr addition has been found to readily segregate at
GBs and eﬀectively stabilize NC grains in NC Cu prepared
by either mechanical alloying method [31] or by a combination of equal-channel angular pressing (ECAP) and
high-pressure torsion (HPT) [36]. However, no similar
phenomena have been reported in NC Cu thin ﬁlms.
(ii) Zr is a candidate alloying element for Cu barrierless
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metallization, which is attracted increasing attention in the
microelectronics ﬁeld [37]. Study of NC Cu–Zr thin ﬁlms
can provide an experimental reference for the design of
advanced Cu metallization. Since diﬀerent Zr contents will
be added in the present NC Cu thin ﬁlms, the results
obtained here can also provide experimental data for the
nanostructure stability map that will be derived from
Schuh’s theoretical framework.
2. Experimental procedures
2.1. Materials
Using corresponding alloy targets, NC Cu–Zr thin ﬁlms
with diﬀerent nominal Zr contents (0, 0.5, 2.0, 4.0 and
8.0 at.%) were prepared on SiO2/(1 0 0)Si substrate and ﬂexible polyimide substrate by direct current (DC) magnetron
sputtering at room temperature. All the ﬁlms had the same
thickness of 1 lm. The chamber was evacuated to a base
pressure of 4  107 torr, and 1–3  103 torr Ar was used
during deposition. The sputtering power and working pressure were kept at 100 W and 0.2 Pa, respectively. After
deposition, all the ﬁlms were vacuum annealed at 523 K
for 2 h to release the residual stress and stabilize the
microstructures.
2.2. Microstructure characterization
X-ray diﬀraction (XRD) was carried out using an
improved Rigaku D/max-RB X-ray diﬀractometer with
Cu Ka radiation and a graphite monochromator to determine the crystallographic texture and the residual stress
of the ﬁlms via the “sin2w method” [38]. Microstructures
were examined by using transmission electron microscopy
(TEM) which was performed on a JEOL-2100 highresolution (HR) electron microscope with an accelerating
voltage of 200 kV. The TEM samples were thinned by dimpling and ion-milling. Grains and twins were carefully
observed and at least 500 grains were examined in each thin
ﬁlm. The average grain size, d, average nanotwin spacing,
kT , and percentage of Cu grains containing twins, P T , were
statistically evaluated following the procedures described in
Refs. [39,40]. The thickness (Lam ) of the amorphous phase
located at the GBs has been also statistically measured in
planar-view TEM observations. In the case of discontinuous amorphous phase at GBs as in the Cu–2.0 at.% Zr ﬁlm,
the maximum cross-sectional size was deﬁned Lam for each
amorphous phase and the mean Lam was averaged for at
least 200 amorphous phases. In the case of amorphous
phase continuously distributed along the GBs as in the
Cu–Zr ﬁlms with Zr addition of >4.0 at.%, the maximum
thickness was measured as Lam for each GB segment and
the mean Lam was averaged for at least 100 GB segments.
Automated crystal orientation mappings (ACOM) were
obtained by the Nanomegas ASTAR system [41] operating
on a CM20FEG microscope. Atomic force microscopy
(AFM) measurements were performed on a 1  1 lm2 scan
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area to examine the surface roughness of as-deposited NC
ﬁlms by using a Bruker Dimension Icon AFM. Scanning
electron microscopy (SEM) was used to observe the surface
fatigue cracks of the ﬁlms after cyclically testing.
2.3. Measurements of mechanical properties
Hardness measurements were performed on Si-supported ﬁlms at room temperature with a TI950 TriboIndenter (Hysitron, Minneapolis, MN) equipped with a
standard Berkovich tip [40]. Ductility was evaluated by tensile testing the polyimide-supported ﬁlms on a Micro-Force
Test System (MTSÒ Tytron 250) at a constant strain rate of
1  104 s1 at room temperature. A macroscopic strain
(ec ) corresponding to the critical condition of microcrack
formation (measured in situ using an electrical resistance
change method, ERCM), in lieu of the rupture strain or
elongation, was used to characterize the ductility [42–45].
Using the Micro-Force Test System, mechanical fatigue
testing was carried out under total strain range control at a
frequency of 5 Hz; the stress ratio was 0.05. The cyclic
load and displacement/strain were recorded automatically
by the machine and a high-resolution laser detecting system, respectively. A similar ERCM method was employed
to measure the fatigue lifetime (N f ) of the polyimide-supported ﬁlms; details can be found in previous publications
[32,46].
3. Experimental results
3.1. Microstructures and stability
High-angle XRD spectra for the pure NC Cu ﬁlm on
polyimide substrate show strong (1 1 1) and (1 0 0) textures
(Fig. 1a). Addition of Zr to the Cu ﬁlm causes some

Fig. 1. XRD spectra of pure NC Cu ﬁlm (a) and alloyed Cu–Zr ﬁlms with
0.5 at.% (b), 2.0 at.% (c), 4.0 at.% (d) and 8.0 at.% (e) Zr addition.
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microstructural changes which can be revealed simply by
the variation in XRD patterns. The ﬁrst change is that
the (1 0 0) texture is strongly suppressed while the (1 1 0) texture is favorably promoted in the Cu–0.5 at.% Zr and Cu–
2.0 at.% Zr ﬁlms (Fig. 1b and c). The second change is that
an obvious amorphization trend can be found with increasing Zr content. When the Zr content is up to 8.0 at.%, the
(1 0 0) and (1 1 0) peaks disappear and the (1 1 1) peak is also
highly weakened (Fig. 1e). These results preliminarily indicate that Zr addition signiﬁcantly changes the microstructures of the NC Cu thin ﬁlms. Identical XRD patterns
are observed for the ﬁlms on Si substrate, which is indicative of no signiﬁcant substrate eﬀect on the orientation of
thin ﬁlms. Systematic TEM analyses are then performed
to conﬁrm the XRD results visually.
Fig. 2a–d show representative TEM images of the pure
Cu, Cu–0.5 at.% Zr, Cu–2.0 at.% Zr and Cu–8.0 at.% Zr
NC thin ﬁlms, respectively, in plan view. The pure Cu
and Cu–0.5 at.% Zr thin ﬁlms have a completely NC structure. In contrast, a discontinuous amorphous phase is
locally created at the GBs in the Cu–2.0 at.% Zr thin ﬁlm
and a continuous amorphous phase is formed along the
GBs in the Cu–Zr ﬁlms when the Zr concentration is
>4 at.%. For comparison purposes, multi-length-scale
TEM images are shown in Fig. 3 to illustrate the architec-

tured microstructures that evolve with Zr addition. The
Cu–0.5 at.% Zr ﬁlm has clear GBs with some ﬁne precipitates occasionally detected at the GBs (marked by circles
in Fig. 3a). These precipitates, with an average size of
2 nm, are identiﬁed as Cu10Zr7 (Fig. 3b). In the Cu–
2.0 at.% Zr ﬁlm, discontinuous amorphous phases are frequently observed at the GBs, as indicated in Fig. 3c by
ellipses and representatively shown enlarged in Fig. 3d.
The average Lam is 1.2 nm, which is 1/30 of the grain
size d (Table 1). When the Zr addition is up to 4.0 at.%,
GBs are unclear (Fig. 3e) and continuous amorphous phase
is distributed along the GBs, as outlined in Fig. 3f with
dashed curves. The average Lam reaches 2.4 nm, 1/10 of
d. The value of Lam =d can be further increased to 1/6 in
the Cu–8.0 at.% Zr ﬁlm (Table 1), which indicates that
the thickness of GB amorphous phase monotonically
increases with Zr addition in the present studied range.
Sketches in Fig. 3g summarize the four kinds of microstructure features, i.e. I, II, III and IV, which correspond
to the pure Cu ﬁlm, Cu–0.5 at.% Zr ﬁlm, Cu–2.0 at.% Zr
ﬁlm and Cu–Zr ﬁlms with Zr > 4.0 at.%, respectively. The
TEM observations mentioned above agree well with the
XRD results that Zr addition tends to induce amorphization. The microstructural evolution with Zr addition can
be rationalized as follows. Since Zr has very low solubility

Fig. 2. Representative planar TEM images of the pure Cu (a), Cu–0.5 at.% Zr (b), Cu–2.0 at.% Zr (c) and Cu–8.0 at.% Zr (d) ﬁlms.
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Fig. 3. Representative TEM and HRTEM images demonstrating the architectured microstructures in the Cu–0.5 at.% Zr (a, b), Cu–2.0 at.% Zr (c, d), and
Cu–4.0 at.% Zr (e, f) ﬁlms. (a) The Cu–0.5 at.% Zr ﬁlm has clear GBs with some ﬁne precipitates occasionally detected at the GBs as marked by circles. (b)
These precipitates are identiﬁed as Cu10Zr7. (b) corresponds to the region indicated by red square in (a). In (b), A and B represent the Cu grain and
precipitate, respectively. The corresponding selected-area diﬀraction patterns (SADP) are given in the corners. (c) The Cu–2.0 at.% Zr ﬁlm has
discontinuous amorphous phases frequently observed at the GBs by ellipses. (d) The amorphous phase is representatively shown in (c) by a magniﬁed
image. (d) Corresponds to the region indicated by red square in (c). In (d), A and B represent the Cu grain and amorphous pahse, respectively. The
corresponding SADPs are given in the corners. (e) The Cu–4.0 at.% Zr ﬁlm has unclear GBs, where continuous amorphous phase is distributed along the
GBs, as outlined in (f) with dashed curves. (f) Corresponds to the region indicated by the red square in (e). (g) Sketches summarizing the four kinds of
microstructure features, i.e. I, II, III and IV, which represent the pure Cu ﬁlm, Cu–0.5 at.% Zr ﬁlm, Cu–2.0 at.% Zr ﬁlm and Cu–Zr ﬁlms with
Zr > 4.0 at.%, respectively. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

Table 1
Summary of microstructural sizes and mechanical properties.
Film
Cu
Cu–0.5 at.%
Cu–2.0 at.%
Cu–4.0 at.%
Cu–8.0 at.%

Zr
Zr
Zr
Zr

d (nm)

kT (nm)

Lam (nm)

Hv (GPa)

ec (%)

C (%)

77.1
40.5
38.7
21.0
17.9

17.0 ± 4.1
8.9 ± 2.2
8.1 ± 1.0
4.2 ± 1.0
–

–
–
1.2 ± 0.4 (discontinuous)
2.4 ± 0.7 (continuous)
3.1 ± 1.0 (continuous)

2.0 ± 0.1
4.8 ± 0.2
4.5 ± 0.4
3.7 ± 0.3
3.3 ± 0.2

10.0 ± 2.1
18.5 ± 1.6
7.2 ± 3.3
2.2 ± 0.5
1.3 ± 0.5

0.47
0.63
0.72
0.59
0.38

in Cu, the vast majority of Zr atoms will be segregated at
the GBs in the NC Cu [35,36]. Fig. 4 shows the chemical
analysis of Cu–0.5 at.% Zr, Cu–2.0 at.% Zr and
Cu–4.0 at.% Zr ﬁlms. Element maps conﬁrm the nanoscale
heterogeneous structure with Zr atoms predominantly distributed at the GBs. The Zr compositional line scan crossing several GBs quantitatively reveals the magnitude of the
Zr composition ranging from nearly 0% in the grain
interior to 16 at.% at GB (in the Cu–2.0 at.% Zr ﬁlm)
and up to as much as 30 at.% (in the Cu–4.0 at.% Zr ﬁlm).
With the increase in local Zr concentration at GBs,
Zr-containing ﬁne particles are ready to precipitate in the
Cu–0.5 at.% Zr ﬁlm. Increasing the Zr addition results in
a further increase in the Zr concentration at GBs. Cu–Zr
alloys are well known [47,48] for their relative ease of glass
formation, with a wide glass-forming composition range.
The increasing high Zr concentration will ﬁnally initiate
the formation of Cu–Zr amorphous phase; the Cu–Zr
amorphous phase percolates along the GBs when the Zr
addition is greater than 4.0 at.%.

In addition to the amorphization trend, another signiﬁcant change in microstructure caused by the Zr addition is
reﬁnement in the NC Cu grains/crystallines. The pure Cu
ﬁlm has a wide grain size range spanning 30–170 nm, with
an average grain diameter of d  70 nm (Fig. 5a). The
addition of 0.5 at.% Zr causes the average grain size
reduced by almost half, down to d  40 nm (Fig. 5b).
Increasing the Zr content up to 2.0 at.% causes the average
crystalline size to shift only slightly to d  35 nm (Fig. 5c).
This indicates that it is diﬃcult to further reduce the crystalline size above 0.5 at.% Zr addition.
The Zr addition also changes the twinning behaviors in
the Cu ﬁlms. Firstly, the twinning density or the percentage
of grains containing nanotwins (P T ) is shown in Fig. 5d as a
function of Zr addition. A peak value in P T is achieved at
the 0.5 at.% Zr addition, which is increased by 50% compared with the pure Cu NC thin ﬁlm. Further Zr addition
causes a remarkable drop in P T . Secondly, the twin spacing
kT is reduced down to several nanometers with the Zr addition, from a few tens of nanometers in the pure Cu thin ﬁlm

226

P. Zhang et al. / Acta Materialia 76 (2014) 221–237

Fig. 4. (a) Planar-view TEM image (left) and corresponding element map (right) in the Cu–0.5 at.% Zr ﬁlm. (b) Planar-view TEM image (upper left) and
corresponding element map (upper right) in the Cu–2.0 at.% Zr ﬁlm. The Zr compositional line scan (bottom right) crosses the regions indicated by the red
line in the TEM image (upper left and bottom left). (c) Planar-view TEM image (upper left) and corresponding element map (upper right) in the Cu–
4.0 at.% Zr ﬁlm. The Zr compositional line scan (bottom right) crosses the regions indicated by the red line in the TEM image (upper left and bottom left).
In the element maps, red and blue represent Zr and Cu atoms, respectively. (For interpretation of the references to color in this ﬁgure legend, the reader is
referred to the web version of this article.)
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Fig. 5. Histograms of Cu grain size and Cu grains containing nanotwins in the Cu ﬁlm (a), Cu–0.5 at.% Zr (b) and Cu–2.0 at.% Zr ﬁlms. The evolution of
average grain size (d) and the percentage of grains containing nanotwins (P T ) is shown in (d) as a function of Zr content. The lines in (d) are visual guides.

(Table 1). The twin evolution with Zr addition can be rationalized from the mechanisms of annealing twins. These
mechanisms can be categorized into two main groups
depending on the characterization of the nucleation process of the twins. (i) The successive and random emission
of Shockley partial dislocations (SPDs) from GBs [49,50].
In this case, one SPD nucleates from the disordered structure of the GB. This partial glides in one {1 1 1} plane and
will be absorbed by the opposite GB, leaving one stacking
fault (SF) behind it. The repetition of this process on a consecutive immediately adjacent {1 1 1} plane forms a twin.
Other mechanisms proposed for deformation twinning in
nanostructured metals include coincidental overlapping of
wide SF ribbons inside a grain interior [51], overlapping
of dissociated dislocations with a SF from a GB [52],
self-propagation via cross-slip [53] or sequential twinning
to produce multifold twins [54]—all were similarly based
on the nucleation and glide of SPDs in the twinning plane.
(ii) The GB migration mechanism initially proposed by
Ashby and Harper [55] and also described by Gleiter [56].
This model is based on the splitting and the subsequent
migration of GB segment, which leaves behind coherent
twin boundaries. Fullman and Fisher [57] proposed that
twins form by GB migration during grain growth as a
result of a decrease in the interfacial energy of GBs that
would not be achieved in the absence of twinning. In the
former SPD-based mechanisms, some twinning SPDs are
expected to be left at the TBs by segregation when meeting

obstacles during their movement, producing several atomic
steps at the twin interface. The steps related to SPDs lying
at TBs have been extensively observed in experiments such
as in Ref. [58]. On the contrary, perfectly coherent TBs will
be resulted in the latter GB migration mechanism. Most
recently, Wang et al. [59] veriﬁed the GB migration mechanism in nanocrystalline thin Pd ﬁlms and found the coherent growth twins to be highly texture-dependent. A
relatively high density of growth twins was produced in
randomly oriented nanograins, while no growth twins
occurred in a clear h1 1 1i crystallographic textured nanostructure. Further investigations [60] revealed that the
grain boundary character plays an important role in the
formation of GB-migration-based growth twin in Pd ﬁlms.
Large misorientation between the grains in the non-textured ﬁlms constitutes the driving force for the activation
of the twin growth mechanism. In particular, an increasing
fraction of high-angle GBs with misorientation angles of
55–65° leads to a higher potential for twin formation.
In the present experiments, perfectly coherent twins are
abundantly observed in the Cu–0.5 at.% Zr ﬁlm, as typically shown in Fig. 6a and b, while few twins can be seen
in the pure Cu ﬁlm and never in the Cu–Zr ﬁlms with Zr
addition >2.0 at.%. Based on these results, the following
scenario can be envisaged to explain the peak P T achieved
in the Cu–0.5 at.% Zr ﬁlm. As mentioned before, the addition of 0.5 at.% Zr promotes the (1 1 0) orientation and
makes the grain orientation more random in comparison
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Fig. 6. (a) Representative TEM image to show twins in the Cu–0.5 at.% Zr ﬁlm. (b) HRTEM image corresponding to the region indicated by red square in
(a). Note the perfect coherency of the twin–matrix interface. Representative boundary map (c) and statistical GB misorientation (d) of the Cu–0.5 at.% Zr
ﬁlm. In (d), GB misorientation of the pure Cu ﬁlm is also depicted for comparison. (For interpretation of the references to color in this ﬁgure legend, the
reader is referred to the web version of this article.)

with the Zr-free Cu ﬁlm. This results in larger misorientation between the grains and especially an increase in the
55–65° misorientation angles, as shown by the statistical
results in Fig. 6c and d. Thus, GBs with higher energy
are formed which provides the driving force for twin nucleation by GB splitting and migration, thereby decreasing the
total interfacial energy. Since a GB-migration-based mechanism is eﬀectively operative, the twin density will be significantly enhanced. When the Zr addition is beyond 2.0 at.%,
however, amorphous phases are formed at the GBs. GB
splitting and migration will be strongly suppressed, which
restrains the action of GB-migration-based twin formation.
In addition, free volume in the amorphous phases can be
accommodated to release the internal stress rather than
by forming twins. The twin density is reduced as a result,
even down to below that found in pure Cu ﬁlm.
Since the Cu–0.5 at.% Zr thin ﬁlm had a fully crystalline
structure with only Zr segregation, thermal stability experiments were performed on the pure Cu and Cu–0.5 at.% Zr
thin ﬁlms for comparison. After exposed at 673 K for 6 h,
the Cu–0.5 at.% Zr thin ﬁlm showed only a slight grain
growth, from the original 40 nm to 60 nm, while grains
in pure Cu ﬁlms increased from 70 nm to 400 nm. This
ﬁnding illustrated that the Zr segregation at GBs is eﬀective
at inhibiting GB mobility and grain growth.

3.2. Hardness and ductility
Table 1 presents experimental measurements of the
hardness and tensile ductility of Cu thin ﬁlms with diﬀerent
Zr additions. Both these two properties reach peak values
at 0.5 at.% Zr addition. Further Zr addition causes reduction in hardness and also in ductility. Quantitatively, the
Cu–0.5 at.% Zr thin ﬁlm has a hardness up to 4.8 GPa
and a ductility of 18%, which are increased by about
120% and 80%, respectively, when compared with the pure
Cu ﬁlm. It is generally accepted that strength/hardness and
ductility are mutually exclusive. However, simultaneous
enhancements in hardness and ductility are observed here
in the Cu–0.5 at.% Zr thin ﬁlm. This indicates the existence
of unusual strengthening and deformation mechanisms
that should be related to the microstructural features
caused by GB segregations.
3.3. Fatigue properties
The NC thin ﬁlms were cyclically strained under diﬀerent total strain ranges and the De vs. N f curves were experimentally determined for the Cu ﬁlms with diﬀerent Zr
addition, as shown in Fig. 7. All the ﬁlms exhibit a dependence of N f on De that could be well described by the
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study, Zr is similarly segregated at GBs. We next evaluate
the Zr segregation-induced reduction in GB energy by
using a simple thermodynamic model, which will help to
understand the texture evolution and the strengthening/
deformation mechanisms.
Starting from the Gibbs adsorption equation, Weissmüller [7] noted that the GB energy, c, was lowered from that
of a pure material, c0 , through solute segregation at GBs,
which can be simply written by:
c ¼ c0  CðDH seg þ kT ln X Þ;

ð1Þ
seg

Fig. 7. Dependence of fatigue lifetime (N f ) on strain range (De) for the
present Cu and Cu–Zr ﬁlms.


C
Coﬃn–Manson relationship: De
¼ ef 2N f , where ef and
2
C are the fatigue ductility and exponent, respectively. The
determined C for the pure Cu ﬁlm is about 0.47, close
to the previous report of 0.4 for Cu ﬁlm [33]. The Zr addition causes a variation in the value of C. C ﬁrstly decreases
and subsequently increases with increasing Zr content (see
Table 1), reaching a maximum value (0.72) at a Zr content of 2.0 at.%. However, in the strain range from 0.5 to
3.0, the Cu–0.5 at.% Zr ﬁlm displays the longest fatigue
lifetime of all the ﬁlms, and the pure Cu ﬁlms the shortest.
It is evident that the Zr addition improves fatigue resistance of the NC Cu ﬁlms, which will be discussed later with
respect to the microstructural evolution.
4. Discussion
The experimental results mentioned above clearly show
that Zr addition induces signiﬁcant variations in the microstructure, quasistatic mechanical properties and fatigue
properties. In particular, the Cu–0.5 at.% Zr ﬁlm exhibits
the highest hardness, greatest tensile ductility and longest
fatigue lifetime of all the ﬁlms studied. When the Zr content is >0.5 at.%, an amorphous phase is formed at the
GBs, which has a remarkable eﬀect on the mechanical
properties. In this section, the microstructural evolution
and its relationship to mechanical properties will be analyzed, in particular focusing on the eﬀects of GB segregation/GB amorphous phase on strengthening mechanism
and deformation mechanisms.
4.1. Zr segregation at GBs
Solute segregation at GBs [19,20,22] or interfaces [61,62]
to reduce the free energy has been clearly observed in
experiments. Thermodynamic models [7,19,22,61–64] have
been proposed to quantitatively describe the segregationinduced reduction in GB energy or interfacial energy. In
nanostructured Cu alloys produced by either mechanical
alloying method [31] or a combination method of ECAP
and HPT [36], minor Zr addition was found to segregate
at the GBs since Cu–Zr alloy is an immiscible system. In
the nanostructured Cu–Zr thin ﬁlms examined in this

where C is the speciﬁc solute excess at the GB, DH is the
enthalpy change due to solute segregation, and kT ln X is
the entropy change with kT the thermal energy and X the
composition. The change in GB energy caused by solute
segregation Dc is then given by:
Dc ¼ c  c0 ¼ CðDH seg þ kT ln X Þ:

ð2Þ

In the case of large elastic size-misﬁt as in the present
Cu–Zr system, DH seg is a dominant eﬀect at lower and
intermediate temperature [19]. This was also proved [26]
by molecular dynamic simulations showing that the
entropy change had only little eﬀect on the free energy of
NC Cu alloys with GB doping. Eq. (2) is reduced to:
Dc ¼ CDH seg :

ð3Þ

Wynblatt and Ku have developed [65] a model for solute
segregation to the free surface. Most recently, Koch et al.
[19] revised this model and derived a modiﬁed version by
replacing the single interface layer for a free surface by
double interface layers where the out-of-plane interfacial
bonds account for the GB energy. As a result, DH seg is
expressed by [19]:


8DH mix
DH seg ¼ csA  csB ð1  aÞx 
z
 

 bul



bul

z

X
X A  1=2 þ azout X gb
 zin X gb
out
A
A  1=2
A
 DEel ;
ð4Þ

where subscript A and B denote solute Zr and solvent Cu
atoms, respectively; cs is the surface energy; x is the molar
GB area for the solvent; z, zin , and zout are coordination
numbers for bulk, in-plane and out-of-plane interface
bul
bonds (z ¼ zin þ 2  zout ), respectively; X gb
A and X A denote
the molar fraction of solute on GBs and in the bulk (grain
interior), respectively; DEel is the elastic size-misﬁt, which
has the following expression [66]:
2

DEel ¼

24pK A GB rA ðrB  rA Þ
;
3K A rA þ 4GB rB

ð5Þ

where K A is the bulk modulus of the solute, GB is the shear
modulus of the solvent, and rA and rB are the atomic radii
of the pure solute and solvent atoms, respectively.
Of all the current Cu–Zr ﬁlms, only the Cu–0.5 at.% Zr
ﬁlm displays evident Zr segregation at the GBs but without
amorphous phase formation. The Zr segregation-induced
change in GB energy is then evaluated for the
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Cu–0.5 at.% Zr ﬁlm, by using Eqs. 3–5 and the related
parameters listed in Table 2. Simply assuming that all the
Zr atoms are segregated at the GBs, Dc can be obtained
to be 0.2 J m2. The well-known value for c0 of pure
Cu is 0.6 J m2 [67]. This means that the Zr segregation
causes a reduction in the GB energy by 1/3, which stabilizes
the GB eﬀectively, reduces the grain size strongly, and also
impacts on the texture evolution in NC Cu ﬁlms.
4.2. Texture evolution
Texture is usually developed in metallic ﬁlms during
deposition and annealing treatment. The texture evolution
is mediated by GB motion in preferential directions caused
by an anisotropic driving force. While the mere reduction
of GB energy does not favor speciﬁc grain orientations,
the anisotropy of surface and interface energy can supply
an orientation-dependent driving force. This often results
in a (1 1 1) orientation of face-centered cubic (fcc) metallic
ﬁlms, because the (1 1 1) plane has the lowest surface
energy. In contrast, the strain energy of a fcc metal ﬁlm
under thermal stress favors (1 0 0)-oriented grains, which
possess the smallest strain energy density [68,69]. Whereas
the surface/interface energy is independent of ﬁlm thickness, the strain energy scales with ﬁlm thickness and
depends on the applied strain. Hence diﬀerent textures
are formed with varying ﬁlm thicknesses and strains.
Experimental results [68] indeed revealed a predominant
(1 1 1) orientation for Ag ﬁlms with thin thickness and
low thermal strain, and a strong (1 0 0) texture component
for thick Ag ﬁlms and high thermal strain. Similarly, (1 0 0)
texture has been observed in Cu ﬁlms [70,71]. In the present
experiments, the pure NC Cu ﬁlm shows both (1 1 1) and
(1 0 0) textures (Fig. 1a), indicating a comparable competition between the surface energy and strain energy. The
growth of (1 1 0) grains is strongly suppressed because
(1 1 0) orientation has the highest surface energy
(cs110 > cs100 > cs111 ) and an intermediate strain energy density (W 111 > W 110 > W 100 ) [68,72].
Zr addition, however, alters the competition and hence
changes the texture. Consider the Cu–0.5 at.% Zr ﬁlm as
shown in Fig. 1b. On the one hand, the surface/interface/
GB energies are considerably decreased by the Zr segregation (e.g. GB energy decreased by 1/3 as mentioned above),
which makes the higher surface/interface energy orientations, e.g. (1 0 0) and (1 1 0), more favorable. On the other
hand, Zr segregation at GBs relaxes the residual stress
and reduces the strain energy, resulting in an apparent
reduction in the (1 0 0) grains and concomitant promotion
in the (1 1 0) grains. These results hint that (1 1 0) grains
Table 2
Summary of parameter values for calculations [35].
Parameters

cs (J m2)

K (GPa)

G (GPa)

x (m2 mol1)

r (nm)

Cu
Zr

1.8075
1.9545

137.8
89.8

48.3
35.0

31224.34
49286.31

0.128
0.160

are formed by consuming (1 0 0) grains, with the aid of
GB Zr segregation. Calculation of the change in free energy
(DG) can be simply used to understand this transformation
by including the strain energy density and GB energy [72]:
DG ¼

1 P2 2
2c
1 P2 2
2c
C
þ

C  0;
110
M 110 h2
d M 100 h2 100
d

ð6Þ

where M 110 (=233 GPa) and M 100 (=114 GPa [73]) are
biaxial elastic moduli of the (1 0 0) and (1 0 0) orientation,
respectively, C 110 (=2.000) and C 100 (=1.414 [73]) are average values of the orientation factor, P is a constant that has
been given in Ref. [73], h is ﬁlm thickness, d is average grain
size, and c and c0 has been deﬁned and evaluated above.
The transformation from (1 0 0) to (1 1 0) can occur when
DG < 0; that is:
1 P2 2
2c
1 P2 2
2c
C 110 þ <
C þ 0:
2
M 110 h
d
M 100 h2 100
d

ð7Þ

Although the (1 1 0) orientation has a strain energy density greater than the (1 0 0) orientation, c is lower than c0 by
1/3, which makes Eq. (7) readily attainable. In other words,
some (1 1 0) grains are favorably formed during the ﬁlm
deposition in the case of GB Zr segregation.
Wei et al. [74] developed dominant (1 1 0) texture in Cu
thin ﬁlms using a similar DC magnetron sputtering
approach. They found that (1 1 0) texture was ﬁrst formed
(at thin thickness) and (1 1 0) grains nucleated at boundaries or triple junction of (1 1 1) grains, leading to a bilayer
structure in the cross-sectional view. We examined the
cross-section of pure Cu and Cu–0.5 at.% Zr NC ﬁlms
for comparison. The pure Cu ﬁlms have coarse columnar
grains, most crossing the whole ﬁlm thickness, as typically
shown in the TEM image in Fig. 8a and the corresponding
sketch shown in Fig. 8b. In the Cu–0.5 at.% Zr ﬁlm, however, a layer structure is found in which upper ﬁne grains,
although most are still columnar, are nucleated on the bottom grains (Fig. 8c and d). This structure is somewhat similar to that of Wei et al.’s Cu ﬁlm [74], and the (1 1 0) grains
are mainly located at the upper layer. Statistical results on
the angle between the TB direction and the substrate plane
from cross-sectional TEM images and selected-area diﬀraction patterns from cross-sectional TEM observations both
verify the existence of (1 1 0) grains at the upper layer. The
texture evolution has an important eﬀect on the deformation behaviors of the ﬁlms, which will be discussed later.
4.3. Strengthening mechanisms
Experimental results have shown that a hardness peak is
achieved with a 0.5 at.% Zr addition (Table 1); the
strengthening mechanisms are then separately discussed
for two regimes, i.e. the regimes with Zr addition less or
greater than 0.5 at.%. Starting from the pure Cu NC ﬁlm,
Hall–Petch-type GB strengthening and nanotwin strengthening contribute mainly to the hardness/strength. Since
some grains contain nanotwins and others do not, we can
simply consider the ﬁlm as a composite consisting of a
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Fig. 8. Representative cross-sectional TEM images of the Cu (a) and Cu–0.5 at.% Zr (c) ﬁlms, respectively. Coarse columnar grains are found in the pure
Cu ﬁlm with most crossing through the whole ﬁlm thickness. In the Cu–0.5 at.% Zr ﬁlm, a layer structure is found with upper ﬁne grains nucleated upon
the bottom grains. (b) And (d) are corresponding sketches to demonstrate the cross-sectional microstructure of (a) and (c).

nanotwin phase and a twin-free phase. Taking the weight
of nanotwin strengthening into account, the yield strength
(ry ) of the pure NC Cu ﬁlm is then expressed as [75]:
 
h 

i
ry ¼ r0 þ P T k TB kT1=2 þ k GB d 1=2 þ 1  P T k GB d 1=2 ;
ð8Þ
where r0 is the lattice friction stress (116 MPa),
k TB ¼ k GB ¼ 3478 MPa nm1/2 [75], and other parameters
have been deﬁned and experimentally evaluated. The predicted ry is 700 MPa for the pure Cu ﬁlm, which is in
good agreement with the experimental results of 710 MPa
(=hardness/3) (Fig. 9a). This indicates that Eq. (8) is feasible for quantitatively describing the GB strengthening and
nanotwin strengthening mechanisms in Cu ﬁlms. When
applied to the Cu–0.5 at.% Zr ﬁlm, however, the predicted
ry is 1100 MPa, much less than the experimental result of
1600 MPa (Fig. 9a). This striking discrepancy implies the
existence of other important strengthening mechanisms,
besides the Hall–Petch-type GB strengthening and nanotwin strengthening.
It is well known that texture has an important eﬀect on
the strength of metal ﬁlms. Previous studies [68,76,77] have

Fig. 9. Dependence of yield strength (ry ¼ HV =3) (a) and ductility (ec ) (b)
on Zr content. Four regimes (I, II, III and IV) are divided which
correspond to four diﬀerent microstructures in the Cu, Cu–0.5 at.% Zr,
Cu–2.0 at.% Zr and Cu–Zr (Zr > 4.0 at.%) ﬁlms, respectively.

shown that Cu ﬁlm with (1 1 1) texture has a yield strength
greater than those with (1 0 0) or (1 1 0) textures. Since the
0.5 at.% Zr addition promotes the (1 1 0) orientation and
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concomitantly weakens the (1 1 1) orientation, the texture
change caused by Zr microalloying has a negative eﬀect
on the strength, i.e. reducing rather than raising the yield
strength. According to the Zr aggregation at GBs in the
current Cu–0.5 at.% Zr ﬁlm, GB doping is then believed
to be the strengthening mechanism most likely to be
responsible for the discrepancy between the Hall–Petch
prediction (1100 MPa) and the experimental measurement (1600 MPa) in this ﬁlm. Vo et al.’s recent MD simulations [26] revealed that the onset of plasticity in NC
metal materials is controlled not only by the sizes of characteristic microstructures (such as grain size and nanotwin
spacing), but also by a combination of both the molar fraction of GB atoms and the degree of GB relaxation, as measured by the speciﬁc GB energy. They also predicted the
possibility of achieving a theoretical strength in Cu by doping suitable solute atoms. This strengthening mechanism
works in the present Cu–0.5 at.% Zr ﬁlm. The Zr aggregation at GBs eﬀectively relaxes the GB and greatly increases
the GB atoms, resulting in a reduction in GB energy by 1/3.
The GBs are highly pinned and stabilized by the aggregated
Zr atoms, suppressing the GB activities and hence increasing the strength.
When the Zr addition is raised beyond 2.0 at.%, an
amorphous phase is formed at GBs. GB doping strengthening is concomitantly weakened, causing a gradual decrease
in ry . Because the amorphous phase is locally and discontinuously formed at GBs in the Cu–2.0 at.% Zr ﬁlm, the
reduction in ry is relatively slight. When continuous amorphous phase is formed along the GBs such as in the Cu–
4.0 at.% Zr and Cu–8.0 at.% Zr ﬁlms, the GB doping
strengthening eﬀect will be almost eliminated. ry is reduced
by >30% (compared with the Cu–2.0 at.% Zr), down to
1100 MPa in both the Cu–4.0 at.% Zr and Cu–8.0 at.%
Zr ﬁlms. Four regimes are distinguished in the strength–
composition ﬁgure (Fig. 9a), which correspond to the four
diﬀerent microstructures caused by Zr addition as illustrated in Fig. 3g.
4.4. Deformation mechanisms
The deformation mechanisms of NC metal materials are
mainly related to the GB activities, including GB sliding
and rotation over a few to a few tens of nanometers and
dislocation sources and sinks at GBs in several tens of
nanometers [1,2,78]. Once the GB activities are suppressed
by the GB doping elements, it seems that the ductility will
be correspondingly reduced. However, in our experiments,
the NC Cu–0.5 at.% Zr ﬁlm with GB doping exhibits ec
(18.0%) 1.8 times that of the pure NC Cu ﬁlm
(Fig. 9b). This hints that a crucial deformation mechanism
is operating in the NC Cu–0.5 at.% Zr ﬁlm, which at the
same time exhibits high strength.
Two approaches have been generally proposed [8,79] to
enhance the ductility of NC metals while retaining high
strength. One is to engineer very ﬁne precipitates within
grains, which will increase the dislocation accommodation

and resistance to dislocation slip [79]. The other is to
produce multi-/bimodal grain distribution, i.e. micrometersized together with nanometer-sized grains, to take advantage of this combination [8]. The present Cu–0.5 at.% Zr ﬁlm
has ﬁne Cu10Zr7 particles that only form at GBs and have a
grain distribution of 20–100 nm, which is diﬀerent to the
above two approaches. Hence, the remarkable enhancement in ductility of the Cu–0.5 at.% Zr ﬁlm should stem
from other mechanisms. To reveal the deformation mechanisms, we examined the microstructural evolution in the
ﬁlms that are tested to diﬀerent strains. Fig. 10a shows a
typical TEM image of the Cu–0.5 at.% Zr ﬁlm stretched
to 18% strain, which can be compared with the microstructure before testing as shown in Fig. 2b. Statistical results
from the planar view display a gradual grain growth in this
ﬁlm with applied strain (see Fig. 10b). An obvious increase
in grain size can be found in this ﬁlm after stretching to
18% strain, which was quantitatively evaluated to be
50% increment, from an initially average size of
40 nm to > 60 nm. This is similar to recent experimental
ﬁndings [80–82] that stress-driven grain growth is an
important mechanism responsible for the plastic deformation of NC metals. The grain growth is related to mechanically driven GB migration and coalescence processes.
Atomic simulation results [78] revealed that the emission
of dislocations from GBs can promote the migration of
GBs, which in turn facilitates the growth of small grains
[81]. In this case, it can be understood as a result of breakdown of the thermodynamic stability by mechanical loading. The pinning eﬀects of segregated solutes and ﬁne
precipitates on the GB migration are also overcome by
the applied stress.
Quantitative measurements (Fig. 10b) show that grain
growth in the Cu–0.5 at.% Zr ﬁlm exhibits two stages.
The ﬁrst is below 10% strain and has a relatively slow
growth rate. The second is beyond 10% strain and the
grains grow much faster. On the contrary, the grain size
is almost unchanged in the pure Cu ﬁlm even when
stretched to the critical strain of ec (Fig. 10b), which indicates that no grain growth has taken place. The Cu–
2.0 at.% Zr ﬁlm, however, experienced some grain growth
and had a growth rate almost identical to the 0.5 at.% Zr
ﬁlm in the initial stage. However, the 2.0 at.% Zr ﬁlm failed
at 7% tensile strain, and the corresponding grain growth
is very limited (from 40 nm to only 45 nm in average).
These correspond to the low ductility in the pure Cu ﬁlm
and in the Cu–2.0 at.% Zr ﬁlm.
The key to achieving stress-driven grain growth in the
NC Cu–0.5 at.% Zr ﬁlm is that the following prerequisites
are simultaneously met: (i) tensile strain localization in the
NC ﬁlm can be eﬀectively suppressed by ductile substrates
and necking in the ﬁlm is hence retarded [80,83]; (ii) when
transferred from the ﬂexible substrate, the stress applied
to the NC ﬁlms is shear stress that is believed to be the driving force governing mechanically induced grain growth [82];
(iii) when no stresses are applied, the GBs are thermodynamically stable due to GB energy lowering and GB
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Fig. 10. (a) A representative planar TEM image showing the grains in Cu–0.5 at.% Zr ﬁlm stretched to 18%, which can be compared with Fig. 2b to
demonstrate the increase in grain size. (b) Statistical results on the grain size evolution with applied strain in the pure Cu, Cu–0.5% Zr and Cu–2.0 at.% Zr
ﬁlms. Signiﬁcant grain growth is revealed in the Cu–0.5 at.% Zr ﬁlm, where the average grain size is doubled when stretched to ec . No such apparent grain
growth is found in either pure Cu or Cu–2.0 at.% Zr ﬁlm up to their ec . (c) Representative color-coded inverse pole ﬁgure maps from the Cu–0.5 at.% Zr
ﬁlm before deformation (left) and after stretching to ec (right), respectively, with color coding at the lower right corner. Since the TEM sample was taken
from the upper part of the ﬁlm, the coexistence of multiple orientations including (1 1 0) can be clearly seen. Grain growth can also be observed by
comparing the images before and after deformation. (d) Corresponding orientation distributions presented as an inverse pole plot, which can be used to
show the variation in orientation. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)

pinning caused by solute segregation. Under applied stress,
the stability will be readily broken by a mechanical driving
force; (iv) a layer-like microstructure is formed with (1 1 1),
(1 0 0) and (1 1 0) grains coexisting in the upper part of the
ﬁlm. Most recently, Kohama’s experimental results [84]
showed that coexistence of three or more orientations of
grains is essential for encouraging NC Cu grain growth at
room temperature, rather than a preference for (1 1 1) or/
and (1 0 0) grain growth. A similar phenomenon is observed
in the Cu–0.5 at.% Zr ﬁlm where the GB Zr segregation

promotes the formation of (1 1 0) grains, resulting in the
coexistence of three orientations of grains and leading to
apparent grain growth. However, the pure Cu NC ﬁlm,
although meeting conditions (i) and (ii), fails (iii) and (iv).
The predominant two columnar (1 1 1) and (1 1 0) grains
mostly cross the ﬁlm thickness and directly attach to the
substrate, strongly limiting the grain growth in the pure
Cu ﬁlms. In the Cu–Zr ﬁlms with Zr > 2.0 at.%, the amorphous phase developed at the GBs will cause intense strain
localization at the GBs and trigger intergranular fracture.
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Not meeting condition (i) makes the high-Zr Cu–Zr ﬁlms
have much reduced ductility or deformation capability.
Representative color-coded inverse pole ﬁgure maps
from the Cu–0.5 at.% Zr ﬁlm are shown in Fig. 10c before
deformation (left) and after stretching to ec (right), respectively (color code at the lower right corner). Corresponding
orientation distributions are presented in Fig. 10d as an
inverse pole plot, with intensity in units of multiples of a
random distribution. In addition of the visible observations
of grain growth (Fig. 10c), one can also ﬁnd orientation
variation from Fig. 10d. After stretching, the (1 0 0) orientation is remarkably strengthened and the (1 1 0) orientation intensity is also enhanced to some extent. Since
grains with (1 1 0) orientation have lower yield strength
[68] for an equal initial size, (1 1 0) grains will yield before
(1 0 0) or (1 1 1) grains, and may therefore have an energetic
advantage for further growth. Yielding therefore favors the
growth of low-yield stress grains. This can accommodate
the strain discrepancy between grains with diﬀerent orientations and subsequently facilitate the growth of high-yield
stress grains such as (1 1 1) and (1 0 0). The growth of (1 0 0)
grains is especially favored under the applied stress because
they have the smallest strain energy density. This is respon-

sible for the observations that deformation increased the
(1 0 0) orientation intensity the most.
4.5. Fatigue mechanisms
Surface roughness has an important inﬂuence on the
fatigue damage and fatigue behaviors of metal ﬁlms
[32,33]. Generally, the rougher the ﬁlm surface, the more
accelerated is the fatigue damage and therefore the shorter
is the fatigue lifetime. It has been reported that small Cr
additions in NC Cu ﬁlms can prohibit GB grooving at
the surface and improve the surface morphology. Here in
the present work, AFM results showed that all the ﬁlms,
including pure Cu and Cu–Zr ﬁlms, have similar average
root mean square roughness in the range of 3.5–6.7 nm,
which implies that the Zr addition did not cause apparent
variation in the surface morphology of the NC Cu ﬁlms.
The improvement in fatigue lifetime after the Zr addition,
as shown in Fig. 7, should be ascribed to mechanisms other
than the surface modiﬁcation.
Film surface was examined to compare the fatigue cracking before and after Zr addition. Fig. 11a displays a representative SEM image of the pure NC Cu ﬁlms cyclically

Fig. 11. Representative SEM images showing the fatigue microcracks on the surface of (a) pure Cu ﬁlm (cyclically tested at De = 1.1% to 2  103 cycles),
(c) Cu–2.0 at.% Zr ﬁlm (De = 1.1% to 2  104 cycles) and (d) Cu–0.5 at.% Zr ﬁlm (De = 1.2% to 5  104 cycles). The magniﬁed SEM image in (b) is to show
intergranular propagation of the fatigue microcracks in the NC Cu ﬁlms.
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tested to beyond N f . Numerous microcracks with a high
density were observed on the surface. These microcracks
propagated in a zigzag fashion and percolated to the developed networks traversing the ﬁlm width. Careful examination of the microcracks reveals that these microcracks are
formed by intergranular fracture (see magniﬁed image
shown in Fig. 11b). GBs are thus crucial in controlling the
fatigue damage of the NC Cu ﬁlms. The addition of Zr
strengthens the GBs by solute segregation (0.5 at.% Zr) or
modiﬁes the GBs by forming amorphous phase (>2.0 at.%
Zr), impacting on the fatigue behaviors.
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When the Zr content is >2.0%, the amorphous phase
located at the GBs can depress microcrack nucleation,
arrest intergranular microcracks and impede microcrack
propagation. Fatigue damages are then retarded, resulting
in a prolonged fatigue lifetime. One can ﬁnd from the fatigued ﬁlms that the microcrack density was greatly
decreased compared with the pure NC Cu ﬁlm (Fig. 11c
vs. Fig. 11a). Only a few straight microcracks were
observed on the Cu–Zr ﬁlm cyclically tested to beyond
N f . Note that the GB amorphous phase eﬀect on suppressing intergranular fracture works at the fatigue condition of

Fig. 12. (a) Representative color-coded inverse pole ﬁgure maps from the Cu–0.5 at.% Zr ﬁlm before fatigue (left) and after being fatigued to N f (right)
(De = 1.2%), respectively, with color coding at the lower right corner. (b) Corresponding orientation distributions presented as an inverse pole plot, which
can be used to show the variation in orientation. (c) Dependence of fatigue exponent (C) on Zr content, where four regimes (I, II, III and IV) are also
distinguished. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the web version of this article.)
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small applied stresses, not at tensile testing condition when
large external stress are applied, causing the GB amorphous phase fracture itself. The increase in GB amorphous
phase with increasing Zr content multiplies the fracture
possibility of amorphous phase. This is responsible for
the trend that fatigue lifetime is reduced by adding more
Zr.
At 0.5 at.% Zr addition, the GB Zr segregation reduces
the GB energy and stabilizes the GBs signiﬁcantly. The
intergranular fracture is eﬀectively inhibited, leading to further reduced microcrack formation (Fig. 11d). Grain
growth is also detected during fatigue testing of the
Cu–0.5 at.% Zr ﬁlm, similar to observations in tensile testing. Statistical results give an average grain size of 65 nm
in the Cu–0.5 at.% Zr ﬁlm cyclically tested to N f , which is
quite close to the grain growth in tensile testing. In addition, orientation variation is also observed in fatigue.
Fig. 12a and b show reductions remarkably in (1 1 1) orientation and apparently in (1 0 0) orientation after cyclical
loading, which is also presumed to be mediated by the initial yielding of (1 1 0) grains. Grain growth/reorientation
and GB strengthening are the mechanisms responsible for
the most prolonged fatigue lifetime in the Cu–0.5 at.% Zr
ﬁlm. It also indicates that a higher shear stress (such as
in tensile testing) is not necessary for grain growth in NC
metals; lower shear stress can achieve an equal response
when exposed to long-term loading.
Fig. 12c shows the variation in Coﬃn–Manson exponent C with Zr content. The extremum is reached at
2.0 at.% Zr content rather than 0.5 at.%. This may be
related to the unique microstructure in the Cu–2.0 at.%
Zr ﬁlm where ﬁne amorphous phases are locally dispersed
at GBs. Since the amorphous phase can serve as a sink to
absorb dislocations at the amorphous/crystal interfaces
[85,86], deformation discrepancy between the discontinuous ﬁne amorphous phase (not continuous GB amorphous
phase as in the ﬁlms with more Zr content) and the crystal
matrix is possibly accommodated under lower applied
stress but long-term loading. This means that the
Cu–2.0 at.% Zr ﬁlm may have more complicated fatigue
mechanisms than other ﬁlms. Further investigations are
being undertaken.
5. Conclusions

(1) Experimental results show a notable microstructure
evolution in NC Cu ﬁlms alloyed with Zr. In the
Cu–0.5 at.% Zr ﬁlm, the Zr segregation at GBs
strongly reduces the GB energy and eﬀectively stabilizes the GBs, which leads to reﬁned nanocrytalline
grains, promotes nanotwinning and readjusts orientation. With increasing Zr content, amorphous phases
will be formed at GBs, due to locally enhanced Zr
concentration. The amorphous phases are discontinuous in the Cu–2.0 at.% Zr ﬁlm and continuous along
the GBs in the Cu–Zr ﬁlms with Zr > 4.0 at.%.

(2) Signiﬁcant alloying eﬀects have been found in the
mechanical properties of the Cu–Zr thin ﬁlms. Zr
addition increases the strength and fatigue lifetime,
while reducing the ductility except for the 0.5 at.%
Zr addition. The Cu–0.5 at.% Zr ﬁlm exhibited the
highest hardness, largest ductility and longest fatigue
lifetime, which are increased by 120%, 80%, and
above an order of magnitude, respectively, compared
with its pure Cu counterpart.
(3) Strengthening mechanisms, deformation mechanisms
and fatigue mechanisms have been analyzed with
respect to the microstructural evolution caused by
the Zr addition. In particular, the microstructural
features resulting from GB Zr segregation introduced
GB doping strengthening as an additional strengthening mechanism and resulted in grain growth becoming the predominant deformation and fatigue
mechanism in the Cu–0.5 at.% Zr ﬁlm, which
accounts for the simultaneous improvement of
mechanical properties achieved in this ﬁlm.
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