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a b s t r a c t
The hardness, tensile ductility, and strain rate sensitivity of crystalline Cu/amorphous Cu–Zr nanolaminates (Cu/Cu–Zr C/A NLs) have been measured as a function of modulation ratio (g). With reducing g,
the tensile ductility ﬁrst decreased and subsequently increased, leaving a minimum value at g  1.0.
However, the strain rate sensitivity (m) increased monotonically with reducing g and spanned from a
negative value at g over 1.0 to a positive one at g below 1.0, indicating a tunable strain rate sensitivity
in engineered C/A NLs. Careful microstructural examinations reveal that a deformation-induced devitriﬁcation (DID) in the amorphous nanolayers is the key factor responsible for the aforementioned experimental phenomena. For thinner amorphous nanolayers, the DID becomes more intense. The
size-dependent DID drives the pure Cu–Zr amorphous single layer ﬁlms to (i) exhibit a
thickness-dependent tensile ductility opposite to that of pure Cu single layer ﬁlms, and (ii) have a negative m contrary to the positive m in their pure Cu counterpart. When the two layers are engineered into
C/A NLs, a competition exists between the two inverse constituent nanolayers. This competition is
strongly g-dependent, resulting in a non-monotonic evolution in tensile ductility and signiﬁcant change
in m when g spans from 9.0 to 0.1. The fracture mode of the C/A NLs transformed from shearing at small g
to opening at large g; this can be rationalized by considering the competition between the two constituent nanolayers as a microcrack initiator. In addition, the strengthening mechanisms of the C/A NLs
were analyzed and the g-dependent hardness was quantitatively described using a modiﬁed mechanistic
model.
Ó 2015 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction
Unlike the well-deﬁned long-range order that characterizes
crystalline metals, the atomic arrangements in metallic glasses
(MGs) with an amorphous nature exhibit a short-to-medium range
order [1,2]. The unique internal structure of MGs is responsible for
their interesting properties, including high strength, large elastic
strain, superior wear and corrosion resistance [3–5]. However,
their ductility, especially under tensile loading conditions at ambient temperature, is essentially zero because of an instantaneous
brittle fracture caused by the nucleation and propagation of shear
bands (SBs) via the activation of plasticity carriers, e.g., shear transformation zones (STZs) [6–8]. This is because there is no
dislocation-like microstructure in MGs and consequently no strain
hardening mechanism at play. These concentrated strains trigger a
rapid, catastrophic failure as soon as the SBs set in, leaving little
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opportunity for a visible tensile ductility [6]. Therefore, one potential way to enable MGs to exhibit a degree of tensile ductility is to
promote the spreading of shear transformations in lieu of highly
localized SBs.
Engineering MGs with crystalline phases can effectively
improve the ductility and simultaneously retain their high
strength, as observed in crystalline/amorphous nanolaminates
(C/A NLs) [9–13] and MG-based composites [14–18]. The underlying mechanism for this is that the ductile crystalline phases suppress the SBs and hence exert a constraint effect on MG fracture.
This constraint effect should be especially prominent in the C/A
NLs, where each amorphous nanolayer is sandwiched and highly
constrained
by
two
adjacent
crystalline
nanolayers.
Experimentally, Cu/Cu–Zr C/A NL micropillars have been found
[17,19] to display a large deformability of > 20% and simultaneously a high strength of > 1.5 GPa under uniaxial compression. In
uniaxial tensile testing, freestanding Cu/Cu–Zr C/A NLs also exhibited [10,11] a relatively large tensile ductility of > 3% and a high
strength of > 1.0 GPa. These results indicate that the amorphous
nanolayers can facilitate appreciable deformation when
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engineered into the C/A NLs, which is distinct from their bulk counterparts. Indeed, some research effort has demonstrated [20–24]
that the MGs will be slightly ductile once their physical dimensions
have been reduced to below a couple of hundred nanometers. In
this size regime, deformation in the MGs occurs via a homogeneous
ﬂow rather than the localized failure typically observed in bulk
MGs by SB propagation, giving an enhanced ductility and inspiring
the ‘‘brittle-to-ductile transition’’ (BDT) [20,24]. In the MG micro/nanopillar, a brittle-to-ductile transition reportedly [22,24]
occurred at a critical diameter of 100 nm in either tensile or compressive testing. Although in limited research on MG thin ﬁlms, the
critical ﬁlm thickness was estimated [25,26] to be within 100–
200 nm, depending on the stress state and annealing temperature.
This hints that the amorphous nanolayers themselves may contribute to the enhanced ductility of the C/A NLs, since the layer
thickness is just within the below 100 nm size regime. However,
the inﬂuence of the constituent nanolayers and mutual constraint
between the two nanolayers on the deformation and fracture of the
C/A NLs is still unclear at present, although these have been systematically investigated in crystalline/crystalline nanolaminates
[27,28].
The ductility parameter can evaluate the resistance of materials
to fracture. Another important parameter, strain rate sensitivity
(SRS, m), is frequently used to provide quantitative measures of
the ﬂow stress sensitivity to loading rate while also providing
insights into the deformation mechanisms [29,30]. The SRS of
C/A NLs depends on the crystalline and amorphous constituent
nanolayer characteristics and also on the content of the two
nanolayers. Crystalline metals commonly have a positive m value,
and their SRS have been revealed as strongly size-dependent when
the length scale of the characteristic microstructural features (e.g.,
grain size, nanotwin thickness, and ﬁlm thickness) is reduced to
the nanoscale regime [31–33]. Typically, metals with a
face-centered cubic (fcc) structure, such as Cu, display a considerably increased m with decreasing the length scale to below a couple hundred nanometers [30,33–35]. The present explanation for
this phenomenon is that the highly localized dislocation activity
(e.g., dislocation nucleation and/or dislocation depinning) at the
boundaries (grain boundaries, nanotwin boundaries, or interfaces)
is responsible for the enhanced strain-rate sensitivity in nanocrystalline fcc metals [36,37]. As for bulk MGs, the value of m has been
reported as negative [38–40], positive [41,42], or close to zero [43].
The inconsistency among these reports may be related to different
compositions, loading modes, and sample geometries. For example,
Bruck et al. [44] found that the compressive strength of a bulk
Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 was independent of strain rate, while
a negative SRS under similar loading conditions was found in other
bulk MG systems, such as Pd40Ni40P20 [45], Zr57Ti5Cu20Ni8Al10 [46],
and Zr/Hf-based MGs [39]. The tensile strength of a Pd40Ni40P20
bulk MG [47] was revealed to be nearly strain rate independent,
while a negative SRS was reported in Pd80Si20 bulk MGs [48].
Limited studies have focused on the size dependence of m for
MGs at small length scales. Tönnis et al. [49] recently performed
rate-dependent micro-compression tests on Pd77Si23 MG micropillars and found that the SRS was irrespective of sample size.
Nevertheless, the studied size range in their experiments was
between 200 nm and 2000 nm and their samples were micropillars. In the case of MGs engineered into C/A NLs as constituent
nanolayers with thicknesses less than 100 nm, the rate dependence
of strength in the amorphous nanolayers and its contribution to
the total SRS of the C/A NLs is still far from being understood.
In this paper, we aim to study the size- and
constituent-dependent deformation mechanisms and SRS in
Cu/Cu–Zr C/A NLs. The modulation period of the NLs will be kept
constant at 100 nm, while the modulation ratio will be tailored
within a wide range covering about two orders of magnitude.
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This enables the content of the crystalline and amorphous nanolayers to be changed, allowing a favorable investigation of the constituent dependence. Through comparing the Cu/Cu–Zr C/A NLs
with single layer crystalline Cu ﬁlms and amorphous Cu–Zr ﬁlms,
we attempt to clarify the following: (i) the deformation behaviors
and underlying mechanisms of amorphous Cu–Zr nanolayers
within the nanolaminates; (ii) the possible competition and/or
cooperation between the two constituent nanolayers on strengthening, deformation, and SRS of the C/A NLs on the nanoscale; and
(iii) the constraint effect between the crystalline and amorphous
nanolayers on the fracture of C/A NLs relative to variation in the
modulation ratio (or relative content). Developing an understanding of these issues can provide valuable insights into the mechanical deformation features of a variety of NLs engineered with
crystalline and amorphous nanolayers. This understanding also
offers helpful information for a microstructural design of C/A
NLs, which are potential high-strength elastic–plastic materials
for structural applications in the ﬁeld of miniaturized devices.
2. Experimental details
2.1. Material preparation and microstructure characterization
Cu/Cu–Zr C/A NLs were deposited on HF-etched (100) Si wafers
and 125 lm thick polyimide substrates, respectively, using direct
current magnetron sputtering at room temperature. Pure Cu
(99.995%) and Zr (99.99%) targets were used to prepare alternating
nanolayers of crystalline Cu and amorphous Cu–Zr. The sputtering
chamber was evacuated to a base pressure of 3.0  107 Torr, and a
7.5  103 Torr Ar pressure was maintained during the deposition
process. The Cu/Cu–Zr C/A NLs have a constant modulation period
(k) of 100 nm (k = hC + hA) but different modulation ratios (g,
deﬁned as the ratio of the amorphous layer thickness (hA) to the
Cu layer thickness (hC), g = hA/hC), ranging from 0.1 to 9.0. The total
thicknesses of all nanolaminates were 2 lm. During the deposition process, the amorphous layer was ﬁrst deposited on the substrates, and the top nanolaminate layer was constantly Cu. For
comparison, monolithic Cu–Zr amorphous single layer ﬁlms (thicknesses from about 100 to 3000 nm) were prepared on the same
substrates using identical processing conditions. Pure Cu single
layer ﬁlms (thicknesses from 60 to 700 nm) were studied extensively in our previous work [50] and will not be repeated here.
In order to examine the phase structure and crystallographic
texture, X-ray diffraction (XRD) experiments were performed on
a Bruker D8 Discover powder X-ray diffractometer with Cu Ka
radiation at room temperature. Transmission electron microscopy
(TEM) and energy dispersive X-ray (EDX) analyses were conducted
on a JEOL JEM-2100F microscope to identify the microstructure
and elemental composition of the samples.
2.2. Uniaxial tensile testing
Uniaxial
tensile
testing
was
performed
on
the
polyimide-supported Cu/Cu–Zr C/A NLs and Cu–Zr amorphous single layer ﬁlms using a micro-force test system (MTSÒ Tytron 250)
at a constant strain rate of 1.0  104 s1 at room temperature. All
samples had a total length of 65 mm, and a gauge section 30 mm
long and 3.5 mm wide. The critical macroscopic strain (ecri), characterizing the microcrack formation on the microscopic level,
rather than a rupture strain or elongation, was used to represent
the deformation capability or ductility of the ﬁlms. Tensile tests
combined with the electrical resistance change method (ERCM)
[50] have been developed to determine the in situ ecri of
polymer-supported metallic ﬁlms, since the electrical resistance
of metallic materials is sensitive to damage caused by plastic
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deformation. To analyze the failure mechanism, the stretched ﬁlms
were cross-sectioned and characterized by a dual-beam focused
ion beam/scanning electron microscopy (FIB/SEM) using a FEI
microscope. The fracture modes (e.g., opening and shearing fracture) were characterized by the fracture angle h, which is deﬁned
as the angle between the macrocrack direction and the stress
direction.
2.3. Nanoindentation hardness test
Nanoindentation measurements were performed on all ﬁlm
materials deposited on Si substrates using a TI950 TriboIndenter
(Hysitron, Minneapolis, MN) with a standard Berkovich tip at room
temperature. The nanoindentation data were collected within a
maximum indentation depth of 10–15% of the entire thickness
for each sample to eliminate substrate effects [51]. The hardness
test was performed on the load-controlled mode for all Cu/Cu–Zr
C/A NLs (5000 lN) and Cu–Zr amorphous single layer ﬁlms
(2200 lN). A minimum of nine indentations were performed on
each sample to obtain hardness averages and standard deviations.
To improve the reliability and accuracy of these measurements,
considerable effort was devoted to correcting thermal drift in the
nanoindentation test. In this study, the allowed drift rate was set
at 0.01 nm s1, which is 10 times smaller than the typical value
(0.1 nm s1) used in standard nanoindentation tests. Since the surface deformation modes, i.e., those upward (pile-up) or downward
(sink-in) respective to the indented surface plane, inﬂuence the
hardness (H) measurements (as the true contact area between
the indenter and sample increases in the case where pile-up predominates, and decreases in the event that a sink-in occurs)
[52,53], scanning probe microscopy (SPM) measurements were
performed on a 2  2 lm scanning area to examine the surface
roughness and deformation modes of the ﬁlms to carefully
calibrate the true contact areas [54].
In order to evaluate the SRS of the Cu/Cu–Zr C/A NLs and Cu–Zr
amorphous single layer ﬁlms, the hardness of the samples was
measured at different strain rates (e_ ) deﬁned by [55]:

e_ ¼

P_
2P

ð1Þ

where P is the load and P_ ¼ dP=dt is the loading rate. In this study,
the nanoindentation tests were carried out at four different strain
rates, of 0.005, 0.01, 0.05, and 0.1 s1, on the Cu/Cu–Zr C/A NLs and
Cu–Zr amorphous single layer ﬁlms. The m is experimentally deﬁned
as the double logarithmic plot slope of hardness (H) and strain rate
(e_ ) under isothermal conditions, which can be expressed as:

m¼

@logðHÞ
@logðe_ Þ

ð2Þ

3. Results
3.1. Microstructure of the Cu/Cu–Zr C/A NLs and Cu–Zr amorphous
single layer ﬁlms
High-angle XRD spectra for the as-deposited Cu/Cu–Zr C/A NLs
and representative monolithic Cu–Zr amorphous single layer ﬁlm
with h = 1500 nm are displayed in Fig. 1. The C/A NLs show Cu
(111), Cu (200), and Cu (220) textures, with each peak broadening
with increasing g. The Cu–Zr amorphous single layer ﬁlm exhibits
clear amorphous humps in the diffraction angle range of 35–45°,
with no other crystalline peaks observed.
Fig. 2(a)–(c) shows typical microstructures of C/A NLs with
g = 3.0 examined via a high resolution TEM (HRTEM). A clear modulated layered structure with sharp interfaces between the
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Fig. 1. XRD patterns for the Cu/Cu–Zr C/A nanolaminates (C/A NLs) with different g
compared to a Cu–Zr amorphous single layer ﬁlm with a thickness h = 1500 nm.

crystalline Cu and amorphous Cu–Zr nanolayers can be observed.
The Cu nanolayers contain columnar grains, and some bright
fringes are presented within the amorphous nanolayers. Careful
HRTEM examinations proved that the bright fringes were neither
microcracks nor defects. The selected area diffraction pattern
(SADP), as shown in the inset of Fig. 2(a), deﬁnitely demonstrates
Cu (111) and Cu (200) textures as well as a diffuse amorphous ring.
The HRTEM image given in Fig. 2(b) shows a distinct C/A interface
(CAI), and the fast Fourier transforms (FFT) indicate a crystalline
structure in the Cu nanolayers and a fully amorphous disordered
structure in the Cu–Zr nanolayers without any crystalline phases.
The EDX mapping analysis of the rectangular region in Fig. 2(c)
reveals that the constituent elements (e.g., Cu and Zr) are uniformly
distributed in each layer and in the chemical modulation structure of the C/A NLs. An EDX mapping analysis of the Cu–Zr
amorphous single layer ﬁlm (h = 250 nm) displayed in Fig. 2(e) and
(f) also shows uniformly distributed constituent elements (Cu and
Zr) with atom percentages of Cu and Zr of 74.85 at.% and 25.15 at.%
(see Fig. 2(f)), respectively. This is consistent with the nominal atom
percentage of Cu75Zr25 calculated from the deposition rates.
To rationalize the mechanical properties of the as-deposited
Cu/Cu–Zr C/A NLs and unveil their underlying deformation mechanisms, cross-sectional TEM samples were fabricated from the
10% stretched C/A NLs and amorphous single layer ﬁlm to examine
the deformation features in detail. The main TEM results are summarized as follows: (i) The C/A NLs after tensile testing retain their
intact modulated structure (except in the major crack region) and
initial crystallographic orientations, implying a good strain compatibility of the CAIs (see the representative Fig. 3(a) TEM image
of the sample with g = 1.0); (ii) neither heavy dislocation storage
nor increased planar defects such as stacking faults and deformation nanotwins were observed in the Cu nanolayers, indicating that
nucleated dislocations can be absorbed by the CAIs and/or adjacent
amorphous layers; and (iii) an orthogonal Cu8Zr3 nanocrystalline
phase with an average crystalline size (dC) of 2–5 nm emerged
in the deformed Cu–Zr amorphous layers (see Fig. 3(b)), which
are close to the chemical composition of Cu75Zr25 nanolayers, suggesting a structural afﬁnity between the amorphous Cu75Zr25
matrix and precipitated Cu8Zr3 phase. Similarly, Cu8Zr3 nanocrystallites were also observed in the stretched Cu–Zr amorphous single layer ﬁlms, as shown in Fig. 3(c) and (d).
It is well known that MGs are in thermodynamically metastable
state. Extensive research [19,56–58] has demonstrated that supplying MGs with sufﬁcient energy can trigger a transformation
from the amorphous phase to a more stable crystalline phase.
Limited experimental results [16,59,60] conﬁrmed that mechanical
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Fig. 2. Representative (a) TEM and (b) HRTEM images of the as-deposited Cu/Cu–Zr C/A NLs with g = 3.0. The SADP inserted in (a) exhibits strong Cu (111) and Cu (200)
textures and a diffuse amorphous ring. A fast Fourier transform (FFT) from two interest regions: RI (in the Cu layer) and RII (in the Cu–Zr layer) in (b) indicates a crystalline
and amorphous structure, respectively. (c,d) Typical EDX mapping analysis of the C/A NLs with g = 3.0 and of (e,f) a Cu–Zr amorphous single layer ﬁlm with a thickness
h = 250 nm show a uniform distribution of the constituent elements. The atom percentages of Cu and Zr in the amorphous ﬁlm are inserted in (f). The HRTEM of the Cu–Zr
amorphous single layer ﬁlm inserted in (e) shows a fully amorphous structure.

energy, in the form of plastic deformation (either tensile or compressive), can precipitate nanocrystallites homogeneously within
the amorphous matrix. This is known as deformation-induced
devitriﬁcation (DID) [60,61], which causes a toughening of glassy
materials via suppression of a single SB propagation, even promoting the formation of multiple SBs [57,62]. In this experiment, the
formation of Cu8Zr3 nanocrystallites was observed in both the
stretched amorphous single layer ﬁlms and in nanolayers because
of DID. Statistical measurements from the cross-sectional TEM
examinations reveal the crystallization percentage (fC) in Cu–Zr
amorphous single layer ﬁlms monotonically increased with reducing ﬁlm thickness (see Fig. 3(e)); this thickness-dependent fC suggests that the DID has a strong size effect in amorphous ﬁlms.
The amorphous nanolayers in the C/A NLs display a similar fC

evolution with layer thickness. However, the fC of the Cu–Zr
nanolayers is slightly higher than the Cu–Zr amorphous single
layer ﬁlms (as shown in the comparison between the red dashed
line and extended green dashed line extrapolated from the ﬁtted
curve of the Cu–Zr amorphous single layer ﬁlms). This may relate
to the promotion of CAIs on crystallization in the C/A NLs, which
will be discussed later.
3.2. Hardness of the Cu/Cu-Zr C/A NLs and Cu-Zr amorphous single
layer ﬁlms
Fig. 4 presents the indentation hardness of Cu/Cu–Zr C/A NLs as
a function of g, and of Cu–Zr amorphous single layer ﬁlms as a
function of h. The hardness of Cu/Cu–Zr C/A NLs is seen to
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Fig. 3. Representative TEM and HRTEM images of (a,b) g = 1.0 Cu/Cu–Zr C/A NLs and (c,d) a Cu–Zr amorphous single layer ﬁlm after tensile testing. The FFT and inverse FFT
results of the boxed region in (b) demonstrate the presence of a nanocrystalline Cu8Zr3 phase. The SADP inserted in (c) shows a diffuse amorphous ring, and a few 2–5 nm
nanocrystallites are dispersed in the matrix (circled by red dotted lines). The boxed region in (d) indicates an identical nanocrystalline Cu8Zr3 phase within the Cu–Zr
nanolayer in the C/A NLs. (e) Dependence of the crystallization percentage (fc) and average crystalline size (dc) of the nanocrystalline Cu8Zr3 phase on the amorphous
nanolayer/ﬁlm thickness in C/A NLs and Cu–Zr amorphous single layer ﬁlms. (For interpretation of the references to color in this ﬁgure legend, the reader is referred to the
web version of this article.)

drastically increase as g is raised from 0.1 to 1.0, and then slowly
increases to a maximum of 4.3 GPa with further increases in g
from 1.0 to 9.0 (Fig. 4(a)). This implies that the hardness of C/A
NLs decreases with reducing hA (or increasing hC). However, the
hardness of Cu–Zr amorphous single layer ﬁlms decreases with
increasing h and a weak h-dependent hardness was observed, as
shown in the upper portion of Fig. 4(b).
The plastic deformation patterns after nanoindentation were
detected by SPM. Sink-in patterns were generally observed around

the indentation in the Cu/Cu–Zr C/A NLs, with a representative
image and sketch shown in Fig. 5(a). However, the Cu–Zr amorphous single layer ﬁlms display distinct pile-up regions surrounding the indentation sites, for the thinner ﬁlms in particular
(Fig. 5(b)–(e)). The pile-up height, associated with the strain softening effect, becomes smaller with increasing h, hinting that the
thinner amorphous ﬁlms preferentially suffer from strain softening
behavior. These ﬁndings conﬁrm that thinner Cu–Zr amorphous
single layer ﬁlms can undergo a signiﬁcantly greater extent of
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tend to fracture in an opening mode; analogous to that of Cu/X
(X = Cr, Nb, and Zr) C/C NLs [27,28].
Fig. 7(a) shows the tensile ductility of the Cu–Zr amorphous single layer ﬁlms as a function of h. The critical strain for ecri increases as
h is reduced, especially when decreased to a couple of hundred
nanometers. In contrast, pure Cu single layer ﬁlms have ecri monotonically decreasing with decreasing h [50]. These two inverse size
dependencies will compete once the Cu layers and Cu–Zr amorphous layers are engineered into C/A NLs. With regard to the fracture behavior of the Cu–Zr amorphous single layer ﬁlms, FIB
cross-sectional morphologies of the 10%-stretched samples show a
similar transition in their fracture mode with increasing h (see
Fig. 7(b)–(d)), as observed in the Cu/Cu–Zr C/A NLs with increasing g.
3.4. Strain rate sensitivity of the Cu/Cu–Zr C/A NLs and Cu–Zr
amorphous single layer ﬁlms

Regime III
Regime I
Microcompression

6.0
5.0
4.0 1
10

Tension

Regime II

Bulk hardness range

Tension
Zr-Ti based MGs
Microcompression
Cu50Zr50
Zr-Cu based MGs
Zr-Ti based MGs
Bulk hardness range

102
103
104
105
Diameter or film thickness (nm)

Fig. 4. Indentation hardness dependence on g for (a) Cu/Cu–Zr C/A NLs and (upper
portion of b) on h for Cu–Zr amorphous single layer ﬁlms. The diameter-dependent
strengths of the bulk metallic glass pillars (tensile strength for Zr35Ti30Co6Be29 [24],
and compressive strength for Cu50Zr50 [75], Zr58.5Cu15.6Ni12.8Al10.3Nb2.8 [76], and
Zr35Ti30Co6Be29 [22]) are also included in the bottom portion of (b) for reference.
Calculations on the g-dependent hardness are depicted in (a) for comparison to the
experimental results. The blue dashed line is from the CLS model and the red solid
line is from the partial-based model. (For interpretation of the references to color in
this ﬁgure legend, the reader is referred to the web version of this article.)

plastic deformation than thicker samples under equivalent experimental conditions (i.e., 2200 lN). In particular, the presence of
pile-up around the indentation with no formation of shear bands
reveals a good plasticity in the Cu–Zr amorphous single layer ﬁlms
presented here. In contrast, the bulk Pd-based [63] and Zr-based
[63] MGs display abundant shear bands around the indentation.
It should be noted that there is no strain rate effect on the deformation morphologies for either Cu/Cu–Zr C/A NLs or Cu–Zr amorphous single layer ﬁlms within this limited data set.
3.3. Ductility and fracture modes of Cu/Cu–Zr C/A NLs and Cu–Zr
amorphous single layer ﬁlms
The tensile ductility (ecri) of the Cu/Cu–Zr C/A NLs is shown in
Fig. 6(a) as a function of g. The C/A NLs are seen to exhibit a
non-monotonic variation in ecri with g. When reducing g, the ecri
ﬁrst decreases and subsequently rises, leaving a valley at a critical
g  1.0 (or hA  50 nm). For comparison, Fig. 6(b) shows the
g-dependent ecri of a Cu/X series (X = Zr, Cr, and Nb) of crystalline/crystalline nanolaminates (C/C NLs) [27,28]. In general,
the Cu-based C/C NLs have their ecri monotonically increase with
reducing g, considerably different from the C/A NLs. The unusual
non-monotonic g-dependence of the tensile ductility observed in
the C/A NLs relates to the amorphous nanolayers and therefore
the thickness-dependent DID behaviors, as will be discussed later.
The FIB cross-sectional morphologies of the 10% stretched
Cu/Cu–Zr C/A NLs (Fig. 6(c)–(e)) reveal that the fracture angle (h)
is 49 ± 3° for g = 0.1, 72 ± 3° for g = 1.0, and 90° for g = 9.0. A
transition of the fracture mode from shearing to opening occurs
with increasing g. In other words, C/A NLs with smaller g are more
apt to fracture in a shearing mode, whereas those with larger g

Fig. 8 gives representative nanoindentation load-depth curves
of Cu/Cu–Zr C/A NLs and Cu–Zr amorphous single layer ﬁlms at different strain rates. All curves manifested a smooth mechanical
response without notable discrete bursts of rapid displacement
under the load-controlled mode. In the C/A NLs with g  0.3, the
indentation depth increased as the loading rate was raised (see
Fig. 8(a)). Conversely, in the C/A NLs with g  9.0, an inverse trend
was found, with the indentation depth slightly decreasing at
increased loading rates (see Fig. 8(b)). Since the maximum load is
identical for all nanoindentation tests, these experimental results
infer that the C/A NLs possess a positive SRS at small g, but a negative SRS at large g. However, the Cu–Zr amorphous single layer
ﬁlms (see Fig. 8(c) and (d)) have an unchanged, negative SRS
regardless of ﬁlm thickness.
Summarized in Fig. 9(a) and (b) are the strain rate-dependent
hardness values of Cu/Cu–Zr C/A NLs at different g, and of Cu–Zr
amorphous single layer ﬁlms at different h, respectively. All strain
rate dependences were clearly linear, guaranteeing the evaluation
of m. The critical g was determined to be 1.0 for the Cu/Cu–Zr C/A
NLs, marking the division of two regimes: a negative m at g > 1.0
and a positive m at g < 1.0. Within the whole g values ranging from
0.1 to 9.0, m progressively increased as was g reduced, as shown in
Fig. 10(a). In the monolithic Cu–Zr amorphous single layer ﬁlms, m
was between 0.012 and 0.020, decreasing with reducing h
within the examined thickness range (as shown in the bottom
portion of Fig. 10(b)).
4. Discussion
In the previous section, we presented experimental results that
the Cu/Cu–Zr C/A NLs show a non-monotonic tensile ductility evolution and a wide negative-to-positive span in their SRS with varied g, which are distinct from those observed in Cu-based C/C NLs.
The discrepancy for these is primarily ascribed to the presence of
amorphous nanolayers in the C/A NLs rather than having both as
crystalline nanolayers in the C/C NLs. We also found that DID is a
crucial microstructural feature in the amorphous nanolayers. In
this section, we will ﬁrst discuss the DID in the amorphous
nanolayers/ﬁlms. Subsequently, the strengthening mechanisms,
deformation and fracture mechanisms, and g-dependent SRS will
be intensively analyzed and theoretically modeled, focusing on
the effect of the amorphous nanolayers and the relative DID
behavior.
4.1. DID in Cu–Zr amorphous nanolayers and single layer ﬁlms
Both molecular dynamics (MD) simulations [64,65] and experiments [20,23,24,66] have demonstrated that a homogeneous-like
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Fig. 5. Representative nanoindentation SPM images and cross-sectional sketches of (a) Cu/Cu–Zr C/A NLs with g = 1.0 and (b–e) Cu–Zr amorphous single layer ﬁlms with h
varying from 250 nm to 2000 nm, showing the evolution of pile-up or sink-in deformation patterns observed in the nanoindentation experiments.

plastic deformation is possible for at least some types of MGs. Here,
we also found that polyimide-supported amorphous Cu–Zr
nanolayers and single layer ﬁlms exhibited a capability for homogeneous plasticity, e.g., BDT, such as nanoscale MG samples
[20,23,24]. The achievement of a homogeneous plasticity partially
beneﬁted from the constraint of the ﬂexible substrate [67,68],
which can suppress an earlier catastrophic failure of ﬁlms in the
case of the free-standing test. Nevertheless, the ductilization is predominantly related to a favorable deformation mechanism promoted in the amorphous nanolayer/single layer ﬁlms. The basic
premise for the small scale MGs to be capable of achieving BDT
is [64,69] that their internal structures contain adequate STZs,
which can be driven by the applied stresses to participate in shear
transformations. The high ‘‘deformation participation ratio’’

alleviates the severe concentration of strain in the thin SBs. As a
result, the STZs and their groups may self-organize into a network
rather than into a SB. In the amorphous nanolayers and single layer
ﬁlms under constraint conditions and/or at extremely small length
scales [10,11,13,17,20,24], shear banding becomes so unfavorable
that it subsides altogether, giving way to spread-out STZ actions
that lead to a homogeneous-like ﬂow [55]. In the amorphous
nanolayers especially, although the SBs can form via activation of
the STZs eventually, they cannot easily propagate due to the strong
constraint effects of the Cu nanolayers [17].
The suppression of SB nucleation/propagation at initial deformation likely induces a subsequent DID in the amorphous nanolayers/single layer ﬁlms. As the activation of individual STZs is
independent of one another under mechanical stresses at room

Y.Q. Wang et al. / Acta Materialia 95 (2015) 132–144

5
4

Cu/Cu-Zr

100nm Cu film

(c)

100nm Cu-Zr film

3
2

(e)
2000nm Cu-Zr film

(d)

1
0.1

ηC

1
10
Modulation ratio hA / hC

(b) 3
Critical strain εcri (%)

Critical strain εcri (%)

(a) 6

139

2

Cu/Zr
Cu/Cr
Cu/Nb

1

0.1

1
Modulation ratio hX / hCu

Fig. 6. (a) Experimental measurements on the g-dependent tensile critical strain (ecri) of the Cu/Cu–Zr C/A NLs. (b) Similar results of Cu/X (X = Cr, Zr, and Nb) C/C NLs (with
identical k) taken from [27,28] are also shown for comparison. (c–e) Typical FIB cross-sectional images of the stretched Cu/Cu–Zr C/A NLs with g = 0.1, 1.0, and 9.0,
respectively. Sketches on the corresponding fracture mechanism are given, showing an increased fracture angle (h) with increasing g and a shearing to opening fracture
transition.

temperature [4,7], interactions between these activation units of
plastic ﬂow in the amorphous layers cannot possibly alter the plastic mechanism in the consecutive deformation. Thus, the formation
of nanocrystallites is closely linked to the localized shear ﬂow, i.e.,
the STZ-mediated activities. In addition, Chen and coworkers
[55,62] have indicated that the STZs could serve as the embryos
for DID in an embryonic SB. During the DID process, a long range
diffusion is not necessary since the composition of the Cu8Zr3
phase is akin to that of the amorphous matrix. In such cases, the
DID process caused by a localized temperature rise can be realized
in both monolithic amorphous single layer ﬁlms and amorphous

nanolayers. Speciﬁcally, these nanocrystallites interact with the
SBs, hindering their propagation and improving deformability or
ductility [18,62]. To sustain a deformation rate in a sample during
mechanical tests, new STZs or SBs need to be generated when the
active SBs are blocked by these nanocrystallites, which in turn
facilitates further DID. Thus, similar to BDT, DID is another primary
source of intrinsic toughening against crack initiation and propagation, enhancing the inherent damage tolerance of a material.
Recent work on glassy Ni60Nb40 single layer ﬁlms [70] found
that thinner ﬁlms, having lower densities, had more free volumes
or STZs present. Our experimental results show an enhanced
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images of stretched Cu–Zr amorphous single layer ﬁlms with h = 250 nm, 1000 nm, and 2000 nm, respectively, showing the fracture angle evolution increasing with h.
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Fig. 8. (a,b) Representative load-depth curves of Cu/Cu–Zr C/A NLs with g = 0.3 and 9.0, respectively, and (c,d) Cu–Zr amorphous single layer ﬁlms with h = 500 nm and
2000 nm, respectively. The direction of the red arrow on the curves represents the gradual increase in strain rate. (For interpretation of the references to color in this ﬁgure
legend, the reader is referred to the web version of this article.)

ductility in thinner Cu–Zr amorphous single layer ﬁlms, which may
be associated with the higher content of ﬂow units in the thinner
ﬁlms, including more free volumes or STZs. We assume that these
ﬂow units are relatively uniformly distributed in ﬁlms prepared by
magnetron sputtering [70]. In general, a greater free volumes or
more STZs in the thinner Cu–Zr amorphous ﬁlms [71] leads to
more atomic clusters (or atoms) in the vicinity of the free volumes,
i.e., forming more STZs. Upon loading, these atomic clusters (STZs)
will rearrange to accommodate the plastic ﬂow. While during this

rearrangement, some atomic clusters will act as embryo crystallites for generating the DID rather than converging into SBs. In
thinner ﬁlms, there are more STZs present, that transform into
the embryo crystallites for DID, which in turn promotes the creation of new STZs to sustain the continuous deformation. Finally,
thickness-dependent DID behavior and tensile ductility are
induced, as observed in the Cu–Zr amorphous single layer ﬁlms.
In the C/A NLs, CAIs will additionally promote crystallization.
Previous MD simulations [10,72] indicated that as dislocations
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reach or glide along the CAIs, they can activate STZs in a correlated
fashion near the intersection line between the dislocation slip
plane and the CAI without signiﬁcant atomic rearrangement in
the surrounding glassy matrix. These subsequently activate other
nearby STZs, gradually gaining both a temporal and spatial correlation [10,55,73]. Once the STZs are created by the absorbed dislocations, these activated STZs will ‘‘infect’’ surrounding STZs to
propagate and create new free volumes [71]. We thus suspect that
due to the dislocation absorption in Cu/Cu–Zr C/A NLs, which can
pull Cu atoms into the Cu–Zr amorphous layers [74], these localized regions of atomic displacements and rearrangements (i.e.,
STZs) would likely trigger the nucleation of crystalline nuclei (i.e.,
DID) assisted with a considerable rise in the local temperature.
This can explain the aforementioned results that the crystallization
percentage is slightly higher in the C/A NLs than in the monolithic
amorphous single layer ﬁlms.
4.2. Size-dependent hardness and strengthening mechanisms
4.2.1. Cu–Zr amorphous single layer ﬁlms
The Cu–Zr amorphous single layer ﬁlms herein exhibit an
apparent size dependence of their hardness (upper portion of
Fig. 4(b)), similar to previous reports on small scale MGs under
either compressive or tensile tests (bottom portion of Fig. 4(b))
[22,24,75,76]. From Fig. 4(b), an expected trend for the hardness
or strength of these MGs as a function of their physical size was
generally found, as shown by the schematic lines. In other words,
the hardness to size map across the entire length scale can be
divided into three regimes [6]. In regime III, for large scale MGs
(e.g., sample sizes from a few microns to the bulk) the generation
of embryonic SBs is not the strength-controlling process. Instead,
in this case the strength corresponds to the stress required to sustain a high rate shear in shear band propagation. This is veriﬁed by
the fact that an average shear strain limit of 2.7% is shared by a
population of bulk MGs for plastic yielding [77], indicating a sample size-independent hardness. With decreasing the MG size to
regime II, the population will be gradually reduced and various
defect sizes will decrease. As a result, the SB initiation becomes
increasingly difﬁcult, and
shear banding becomes a
nucleation-controlled event via activation of the STZs. The
size-dependent activation of STZs (number or volume) results in
this regime having a decreasing size to higher hardness relation.
In this regard, the experimental result of hardness increasing with
reducing ﬁlm thickness, as observed in the Cu–Zr amorphous single layer ﬁlms herein, can be approximately understood since the
examined ﬁlm thickness range is within regime II. When the MG
size enters regime I, below a couple of hundred nanometers, the
amorphous thin ﬁlms reach a hardness ceiling, i.e., the highest
hardness that can be reached as the SB initiation becomes prohibitively difﬁcult. It is anticipated that by further reducing the
MG size, shear banding becomes so unfavorable that it subsides
altogether, giving way to ubiquitous STZ operations to ﬂow in a
plastic homogeneous manner. However, in such tiny samples, surface diffusion or other ﬂow mechanisms could come into play and
gradually become dominant, possibly giving rise to hardness softening [23].
4.2.2. Cu/Cu–Zr C/A NLs
Extensive research [78–80] has been performed to investigate
the effect of length scale, from the micrometer to nanometer thickness range, on the strengthening mechanisms in C/C NLs. Some
strengthening mechanisms have been proposed [78,81–84] to
explain the high strengths of these materials as their characteristic
dimensions shrink toward the nanoregime. In particular, a conﬁned layer slip (CLS) mechanism [78] has been applicable at length
scales from a few tens to a few hundreds of nanometers. When the
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CLS model was used in Cu/X (X = Cr, Zr, and Nb) C/C NLs to quantitatively describe the modulation period-dependent hardness/strength [27,32], it was generally thought that the
propagation of the glide loop was conﬁned by the softer Cu
nanolayers. However, in the C/A NLs used here, the CLS model with
similar treatments fails to depict the g-dependence of the hardness, as shown in the calculations represented by the blue dashed
line in Fig. 4(a) compared to the experimental results. In particular,
at large g the calculations overestimate the hardness considerably.
This denotes that the strengthening mechanisms in the C/A NLs
should be different from the C/C NLs. On the one hand, the interfaces in the C/C NLs are capable of depositing and constraining dislocation loops. Whereas in C/A NLs, the CAIs and amorphous
nanolayers can absorb/emit the dislocations, making it difﬁcult
for them to glide within the Cu nanolayers, implying that the CLS
mechanism is nearly non-working in the C/A NLs. On the other
hand, the Cu nanolayer thickness is reduced below about 30 nm
when g is above 2.0. Due to the signiﬁcant size effect [78], a
super-high strength will be achieved in very thin Cu nanolayers
that may be comparable to or even greater than that of the other
amorphous nanolayers. The amorphous nanolayers produce a
greater contribution to the plastic deformation of C/A NLs with
increasing g. If we simply regard the C/A NLs as composites consisting of a crystalline phase and amorphous phase, the C/A NL
hardness can be given by assuming the effective medium theory
remains operative in the nanoscale regime as follows:

H ¼ HC 

1

gþ1

þ HA 

g
HC þ HA  g
¼
gþ1
gþ1

ð3Þ

where HC and HA are the hardness values of crystalline Cu and the
amorphous Cu–Zr nanolayer, respectively. Since the amorphous
Cu–Zr nanolayers always have a thickness below 100 nm in the
C/A NLs, we can take HA as 4.8 GPa by referring to the
thickness-dependent hardness of the Cu–Zr amorphous single layer
ﬁlms, i.e., regime I in Fig. 4(b). Following the traditional treatment
of HC = 2.7rC, we will next evaluate the strength (rC) of the Cu
nanolayers as a function of g.
Recent MD simulations have revealed that partial/full dislocations (both leading and trailing) are observed in the Cu nanolayers,
while screw dislocations are seen near the CAIs in Cu/Cu46Zr54 C/A
NLs [72]. For these nanoscale Cu nanolayers, a reasonable underlying deformation mechanism is the generation and absorption of
partial dislocations at grain boundaries and/or CAIs, which are
highly effective dislocation sinks and sources. The rC is then equal
to the critical stress required to initiate partial dislocations, given
by [85–87]:

rC ¼





1
2albP csf
1 2albP
c
¼
þ
ðg þ 1Þ þ sf
ms
ms
hC
bP
k
bP

ð4Þ

where hC (= k/(g + 1)) is the thickness of the crystalline Cu layers, s
is the Schmid factor of the corresponding slip system [85] of 0.27–
0.41, l is the shear modulus (48.3 GPa for Cu), csf is the stacking
fault energy (SFE, 45 mJ/m2 for Cu), m is a stress concentration factor [87] of 2–4, the parameter a is the order of unity, reﬂecting the
character of the dislocation [86,87], and bP (0.14757 nm for Cu) is
the Burgers vector magnitude of the Shockley partial dislocation.
Substituting Eq. (4) into Eq. (3), the calculations on the g-dependent
hardness of the C/A NLs is in good agreement with the experimental
results, shown by the red solid line in Fig. 4(a). This suggests that
the rule of mixture (Eq. (3)) should be feasible to represent the
inﬂuences of both crystalline and amorphous nanolayers on the
strengthening response and mechanical properties of the C/A NLs.

4.3. Mutual constraint effect on the tensile ductility and fracture mode
of C/A NLs
In Cu/X (X = Cr, Zr, and Nb) C/C NLs, the Cu nanolayers are
always relatively softer than the X nanolayers. Microcracks are initially nucleated in the harder (or more brittle) X nanolayers
[27,28]. Propagation of these microcracks will be shielded by the
plastic deformation activity in the Cu nanolayers. The constraint
effect in the Cu-based C/C NLs is predominantly unilateral, i.e.,
exerted from the Cu nanolayers on the X nanolayers [27,28].
Under a constant modulation period, a trade-off is present in the
thickness between the Cu and X nanolayers, which can be characterized by g; the thicker the X nanolayers, the larger the nucleated
microcracks. Simultaneously, with thinner Cu nanolayers, their
constraint effect is weaker. Therefore, the tensile ductility monotonically decreased with increasing g, as shown in the Fig. 6(b)
results.
A mutual constraint effect is induced between the Cu and amorphous nanolayers in the C/A NLs, rather than a unilateral one similar to the C/C NLs. The main reason for this is the DID induces a
ductility in the amorphous nanolayers comparable to the Cu
nanolayers when the thicknesses of the two nanolayers are both
below about 100 nm (referring to Fig. 7(a)). Microcracks will be
nucleated in either the amorphous nanolayers or the Cu nanolayers, depending on their relative content. At small g, the Cu
nanolayers will constrain the microcracks formed in the amorphous nanolayers, similar to the C/C NLs. The tensile ductility of
the C/A NLs decreased with increasing g (shown in the left portion
of Fig. 6(a)). At high g, the microcracks initially nucleated in the
very thin Cu nanolayers, while the thick amorphous nanolayers
instead imposed a constraint effect, because they possessed a relatively high ductility promoted by the DID. The tensile ductility
is then improved with increasing g (as shown in the right portion
of Fig. 6(a)). At the critical value of g  1.0, the two nanolayers
have the same thickness (50 nm) and identical stress conditions.
Since their ductility is at the same level, microcracks are created
simultaneously in the two nanolayers, removing the constraint
effect. This results in a minimum ductility at g  1.0, as shown in
Fig. 6(a). Therefore, it is concluded that the non-monotonic ductility evolution is accredited to the g-dependent mutual constraint
effect.
The cross-sectional SEM images and sketches in Fig. 6(c)–(e)
illustrate the fracture morphology and fracture process at g = 0.1,
1.0, and 9.0, respectively. Necking was observed in the Cu nanolayers at g = 0.1, indicating an apparent plastic deformation. Since the
constraint effect of Cu nanolayers is prominent, microcracks do not
easily run across the entire thickness. Zigzag macrocracks ﬁnally
arose by connection of multiple microcracks via a Cu nanolayer
fracture (Fig. 6(c)). A shearing fracture is evident at g values below
about 1.0, with the angle (h) spanning from 50° to 70°. At large g,
such as 9.0, microcracks are nucleated in the Cu nanolayers. The
amorphous nanolayers, although imposing a shielding effect,
accommodate deformation mainly through the local DID behavior.
Once the DID is unable to balance the growing energy ahead of the
microcrack tip upon progressive applied loading, the microcracks
will penetrate into the amorphous nanolayers and trigger a normal
fracture in the amorphous nanolayers along the microcrack path.
The fracture mode is then transformed to an opening fracture with
a h close to 90° from the shearing fracture at small g.
4.4. Competing effect on the g-dependent SRS of C/A NLs
In Section 4.2.2, we demonstrated that the rule of mixture is
applicable for modeling the hardness/strength of C/A NLs. The
SRS is a parameter characterizing the strain rate dependence of
hardness/strength. It is then reasonable to adopt a similar
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approach to quantitatively understand the constituent nanolayer
inﬂuence on the SRS, implying that the C/A NL m can be expressed
as:

m ¼ mC 

1

gþ1

þ mA 

g
mC þ mA  g
¼
gþ1
gþ1

ð5Þ

where mC and mA are the strain rate sensitivity of the nanocrystalline Cu and amorphous Cu–Zr single layer ﬁlms, respectively.
Referring to the ﬁt curve in the bottom portion of Fig. 10(b), the
SRS of the Cu–Zr amorphous single layer ﬁlms is insensitive to ﬁlm
thickness below 100 nm, similar to hardness (Fig. 4(b)). While all
Cu–Zr amorphous nanolayers are thinner than 100 nm in the C/A
NLs regardless of g, we simply take mA as a constant of 0.022
for calculations.
The above discussion revealed that the ﬂow stress is controlled
in the Cu nanolayers by a partial dislocation emission from the
GBs/CAIs (shown by Eq. (4)). Similarly, based on a partial
emission-controlled strengthening mechanism, a mechanistic
model was recently proposed by Gu et al. [88] and Asaro and
Suresh [36]. This model was initially used [32] to quantitatively
describe the size-dependent SRS in nanocrystalline metals and
was subsequently applied to the crystalline metal nanolayers in
C/C NLs. According to this model, the critical dislocation
half-circular loop size for activation (rc) in the Cu nanolayers can
be given as follows, by referring to [88]:

!
pﬃﬃﬃ
 1
sC
3r c
rc ¼ j
b ln
þ1
l
b

ð6Þ

where j is the dislocation nucleation factor with a value of about
0.02 in the case of inhomogeneous nucleation [88], b is the magnitude of the Burgers vector, and the shear ﬂow stress (sC) is given
from Eq. (4). Since the activation volume is obtained by [88]:

V ¼

1
pðrc Þ2 b
2

ð7Þ

The strain rate sensitivity (mC) is related to V* by the expression
[30,36]:

mC ¼

kB T

sC  V 

ð8Þ

where kB is the Boltzmann constant and T is the absolute temperature. Substituting Eq. (8) into Eq. (5), the m of the Cu/Cu–Zr C/A NLs
can be calculated as a function of g. The calculations are depicted in
Fig. 10(a) as the red solid line, in good agreement with the experimental results.
The calculations and experimental results in Fig. 10(a) clearly
indicate that the SRS of the C/A NLs can be tuned from negative
to positive values, or even kept at zero, by appropriately choosing
the relative content between the crystalline and amorphous
nanolayers. This is a result of the competing effect between the
two constituent nanolayers, since they have inverse SRS. The crystalline Cu nanolayers have a positive SRS. The negative SRS in the
Cu–Zr amorphous nanolayers/single layer ﬁlms herein is closely
correlated with the STZ-mediated DID. In general, the
amorphous-to-crystalline phase transition (i.e., the DID) is an
exothermic event that generates heat at the local deformed region
and causes a localized temperature rise. At a high strain rate, there
is insufﬁcient time for the heat to be conducted to surrounding
regions, resulting in a rapid, large temperature rise occurring in
these deformed areas. This in turn induces a localized atomic dilation (free volume) and viscosity decrease, promoting a local softening (i.e., the hardness decreases). In contrast, more time is provided
for heat conduction at a low strain rate and no local softening phenomenon occurs, thus a high hardness can be reached to produce a
negative SRS. In addition, the h-dependent negative SRS of the Cu–
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Zr amorphous nanolayers/single layer ﬁlms can also be well understood. In thinner ﬁlms with more signiﬁcant DID, more intense
localized temperature rise can occur at higher strain rates, which
renders greater local softening. The inverse thickness-dependent
m between the crystalline and amorphous nanolayers enables an
artiﬁcial control of the C/A NL SRS to develop new nanoscale composite materials with desirable properties.
5. Conclusions
The disordered structure and metastable state of small-scale
metallic glassy materials not only provide unusual structural properties and non-conventional deformation mechanisms, but also
signiﬁcantly enhance the mechanical performance of nanocrystalline metals when engineered into C/A NLs. In this work, we systematically studied the deformation behavior and underlying
mechanisms of Cu/Cu–Zr C/A NLs as well as Cu–Zr amorphous single layer ﬁlms. The main ﬁndings are summarized as follows:
(1) A DID was found in both the Cu–Zr amorphous nanolayers
and single layer ﬁlms, and was strongly sensitive to thickness. This thickness-dependent DID is responsible for the
experimental results observed in the Cu–Zr amorphous single layer ﬁlms, where both hardness and tensile ductility
simultaneously increased while the SRS decreased with
decreasing ﬁlm thickness.
(2) A mutual constraint effect between the crystalline Cu and
amorphous Cu–Zr nanolayers was found in the fracture of
C/A NLs. At smaller g, the constraint effect was mainly
exerted by the Cu nanolayers on the amorphous ones;
whereas at large g, the constraint effect was reversed. The
g-dependent mutual constraint effect accounts for the
non-monotonic evolution of tensile ductility, which was
essentially related to the amorphous nanolayers and therefore the DID characteristics.
(3) A negative to positive SRS transition with reducing g
emerged in the Cu/Cu–Zr C/A NLs due to a competing effect
between the crystalline phase having a positive SRS and the
amorphous phase having a nanocrystallization-induced negative SRS caused by DID.
(4) The strengthening and deformation mechanisms were discussed. A collection of partial-based models were developed
to quantitatively describe the g-dependent hardness and
SRS of the Cu/Cu–Zr C/A NLs.
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